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PROGRESS REPORT 

Summary 

During this reporting period, significant progress has been 

made as a result of several investigations which have been com-

pleted, but there are a/so several areas in which the investigations 

are still actively being pursued. In this summary only brief comments 

will be made concerning the investigations which are covered more 

completely in the appendices. Investigations which are still under way 
t 

wi 11 be discussed in greater detail. 

An investigation was performed to determine the effect of 

neutron damage on the deformation characteristics of molybdenum 

single crystals. By a process of solid state oxidation, followed by a 

high vacuum zone melting pass, the total interstitial concentration was 

reduced to < 5 wt-ppm for all specimens. Single crystal molybdenum 

compression specimens with orientations of [lOQ] , Q+9lJ\ and QlOj 

were produced from electron beam zone melted rods. The effect of 

neutron irradiation on the yield stress was found to be orientation 

dependent. Only in C^-D specimens fnd below 150°K is there an 

increase in the effective stress due to irradiation. The existence of a 

local maxima in the activation volume versus effective stress was 

found, which is predicted by the dissociated core dislocation model of 

Duesbery and others. The proportional limit for unirradiated molyb-

denum did not show an appreciable orientation dependence. On the 

other hand, the yield stress (defined by the condition that the system 
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and specimen plastic strain rates are equal at the yield point) did 

exhibit an orientation dependence. The orientation dependence for a 

(lOl) fell] slip system showed the [jOoJcompressive SLxis to be 

harder than the JjiQj compressive axis, These results are dis-

cussed in greater detail in Appendix I , 
4 

A single series of tests was conducted in Mo single crystal 

comprr&sion samples which had been irradiated in the EBR II to a 

fluence of 3.65 x 1021 n/cm2 (E > 1 MeV) at an irradiation tempera-

ture of d* UOO°C. This irradiatidn resulted •• in a significant increase 

in the athermal component ^ of the yield stress, An irradia-

tion at 1,6 x lO1^ n/cm2 at an irradiation temperature of 60 - 80°C 

results in a ^T^cC '^'3 kg/mm ; whereas, the high temperature -

high does irradiation resulted in a A ^ o / 16 kg/mm , i . e . a factor 

of 5 greater, This high temperature - high does irradiation had no 

apparent affect on the ductility of the Mo at temperatures 100°K, but 

at 77°K the sample literally exploded prior to macroyielding. Eig. 1 

is a plot of T f y V s . T for the high temperature - high does neutron 

irradiated Mo, and surprisingly there is still a discontinuity in the 

slope of 2" vs. T plot at *~*300°K. Presently these samples are 

being examined by electron transmission microscopy. 

Dislocation channels have been observed in many quenched 

(1) 

and irradiated metals after deformation, Mastel et al. investigated 

neutron-irradiated molybdenum and have shown that dislocation channels 

are consistent with the characteristics of the observed slip line patterns . (2) of a (UO)ard a (112) type slip plane, Brimhall also indicated 

that the slip lines can be directly correlated with the dislocation channels 



in neutron-irradiated and deformed molybdenum. The purpose of 

this study was to determine the effect of sample orientation level of 

strain, and the temperature deformation on the channeling and slip 

line patterns in molybdenum. A correlation was made between slip 

lines and dislocation channels by the use of optical and scanning 
i 

microscopy and electron transmission microscopy. These results 

are discussed in greater detail in Appendix I I . 

The phenomenon of "dislocation channeling" has been observ-

ed in many metals• However, there have not been any systematic 

investigations of the effect of an impurity interstitial on channeling. 

The purpose of this investigation was to study the effect of oxygen 

on the channeling in neutron irradiated and deformed single crystals 

of vanadium. One of the main observations was the appearance of 

dislocation tangles and arrays within the channels independent of 

oxygen concentration. The probability of observing dislocation arrays 

and density of dislocations within the channels increased with increasing 

oxygen concentration. Howeverf the dislocations within the channels 

are probably remnants of a widening process,for the density of dislo-

cations within the channels increased with increasing foil thickness. A 

mechanism was proposed for channel widening which would predict 

dislocation remnants : within the channels. These results are discussed 

in greater detail in Appendix I I I . 

A predominance of straight screw dislocations is observed in 

b.c.c. metals deformed at large effective stresses, i.e. low tempera-

tures. This observation has been used as evidence thzt the double 



kink mechanism is the rate controlling mechanism of dislocation 

motion. If interstitial ntoms were the short rai2ge barriers to dis-

location motion, then a significant density of edge dislocation should 

be observed in samples deformed at large effective stresses. An 

investigation of vanadium containing various of levels of oxygen (15 -

1000 wt-ppm) was undertaken. The samples were deformed at small 

ajid large effective stresses in both tension and compression. One 

of the most significant observations was the predominance of screw 

dislocations in samples deformed at large effective stresses, inde-

pendent of oxygen concentration. Therefore, the interstitial oxygen 

atoms can not act directly as short range barriers to dislocation 

motion. These results are discussed in greater detail in Appendix JT£ 

Post- irradiation annealing at 200°C of vanadium - carbon, -

oxygen and - nitrogen alloys results in limited anneal hardening (i.e. 

the yield stress is increased above the irradiation hardening level). 

Internal friction tests verified that the anneal hardening is due to the 

migration of interstitials during annealing to irradiation produced 

defects. The internal friction tests showed that 25-UO percent of the 

oxygen concentration is trapped during irradiation by neutron produced 

defects. After annealing at 200 C for 120 min. the percentage trapped 

decreased slightly, i.e. a maximum of 10 percent and no further 

deduction in oxygen concentration occured beyond 120 minutes. The 

post-irradiation annealing of vanadium was found to differ from another 

group "ST metal ( i . e . niobium) which exhibits a continual reduction in 

the random interstitial concentration with increasing anneal time. Thes 

results are discussed in greater detail in Appendix V. A general ,dis-
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cussion of post-irradiation anneal hardening is given in Appendix V I . 

The kinetics of thermally activated dislocation motion through 

an array of short range barriers ( s . r . b . ) has been determined 

analytically by making several simplifying assumptions. In order to 

determine the kinetics of dislocation through a random array^ a numerical 

solution is required. A computer simulation of thermally activated 

motion of a dislocation through a random array of obstacles was per-

formed. The results obtained were dependent upon several boundary 

conditions, but by far the most important and' difficult to satisfy (in 

terms of computer time) was the condition of steady state velocity of the 

dislocation. After satisfying this boundary condition, it was possible to 

obtain a relationship between stress ) and temperature ( T ) , 

activation enthalpy ( H) and and activation volume ( a n d 

At best, the analytical solutions are only approximations of the 

numerical results. In some cases there was good agreement between 

the numerical and analytical resultsi e.g., the numerically determined 

at — 0 + .05 eV; whereas, the analytically 

determined at = 0 is 2 

.I4.I eV. Also, the numerically deter-

mined value of H is not a function of temperature at constant stress. 

The average .jump distance (h) is very small, i.e. h m 6.2 x 10" cm 

for a s . r . b . concentration of llf-3 ppm. The value of h is much 

smaller then the mean s.r.b. spacing 

These results are dis-

cussed in greater detail in Appendix V I I . 

It has been shown that "unzipping" does not take place to 

any great extent when the motion of the dislocation is controlled by 
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thermally activated motion over s . r . b . (Appendix V I I I ) . Also, 

the observation of a synergistic effect between weak and strong s.r.b. 

would tend to indicate that when the neutron produced defects are 

acting as the s . r . b . to dislocation motion,the impurity interstitials 

are completely removed or neutralized. 

In investigations of the activation parameters of deformation 

the question of entropy always arises. The results presented in 

Appendices I X , X , XI indicate that the magnitude of the entropy is 

small. 1 

The yield stress of b.c.c. metals is generally defined as a 

"lower yield stress". If there is no well-defined yield drop, as it 

occurs in pre-strained samples, the choice of the yield point is arbi-

trary, and the results for the temperature dependencies are strongly 

i 

influenced. An investigation was undertaken to determine an exact 

measure for the yield stress. If the "macro-yield stress" is chosen 

where the activation volume becomes independent of strain, the results 

are the sane irrespective of whether a yield drop occurs or not. The se 

results are discussed in greater detail in Appendix X I I . 

The testing portion of the inve3'tion of the effect of neutron 

irradiation on Fe-lSfi has been completed, but the data reduction has 

not been completed. However, it is possible to make a few pre-

liminary comments. The results obtained from neutron irradiated 

IP e-Ni are very similar to those obtained from neutron irradiated 
(3) & V-Ti , i.e., there was no change in ^C due to irradiation and 

of the damage anneals out at a relatively low temperature. 
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The initial phase of the vanadium-hydrogen investigation has 
f t 

begun, and as previously reported ' there is a "bump", i.e. a 

discontinuity in the slope of the plot of vs. T curve at -Ox 200°K. 

The position of the "bump" (Fig. 2) moves to higher temperatures 

as the hydrogen concentration is increased. Presently saniples are 

being prepared for neutron irradiation. 

The investigation of methods of producing large quantities of 

high purity vanadium single crystals is still being pursued. Six ingots i 

were melted with a "Pierce" type electron beam gun melting furnace, 

which has been previously described^^. The best results were: 

oxygen 65 wt—ppm, carbon 12 wt—ppm, and nitrogen 3.6 wt-ppm. 

The low values of carbon and nitrogen were a decided improvement 

ovei the previous arc melted ingots. However, the cost ( $ 7 0 

per ingi^t) and the time C ̂  one week per ingot) became prohibitive. 

Therefore, arc melting was re-examined as a method of consolidating 

the dendritic vanadium powder. Several changes have been made 

in the arc melting procedures which are as follows: 

1. Helium is used instead of argon, due to higher purity 

of commercial grade helium. 

2* Before the helium enters the arc melter it is passed 

through a chamber containing heated titanium chips. 

3. The titanium buttons in the arc melter are kept molten 

for a period of time comparable to the time required to melt the 

vanadium. 
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As a result of these changes ingots of purities comparable to the 

electron beam melted ingots were produced, i.e. oxygen ^ wt-ppm, 

carbon 10 wt-ppm, and nitrogen l±.2 wt ppm. 

In order to rapidly determine the relative purity of the ingots, 

a hardness measurement is made of each ingot. These hardness 
i 

measurements ara compared to oxygen and nitrogen analysis. As 

shown in Fig. 3, the carbon concentration is not added to the inter-

stitial concentration due to the fact that carbon has very little effect 
(7) on the hardness 

< 

The purity of the starting ingot has a very large affect on the 

purity of electron beam zone melted single crystal. For example, a 

swaged rod containing 260 wt-ppm oxygen was given 3 molten passes 

at a total pressure, which did not exceed 5 x 10 torr during any 

pass, and the resulting JRjqq/R^, ^ was 135. However, another 

ingot containing U5 wt-ppm oxygen was zone melted under identical 

conditions, but its' ^joO^^lf. 2~ However, caution has to be 

applied to the use of a direct comparison between resistivity ratios 

and purity. As shown in Fig. 4, there can be a large difference 

in purity for the same R j q q / R ^ g* The results shown in Fig. U 

again indicate that carbon has a large effect on the resistivity ratio, 

but only a small effect on the yield stress. 

In order to measure ^JOO^^I^. 2* a n aPPara^us WSLS con-

structed based on the A. O. principle using a lockin amplifier 

(Fig. 5, 6 ) . 

Several dynamic microstrain tests have been completed on 

intermediate oxygen level vanadium single crystals. These results 



confirm the results obtained by JPink and Arsenault. , i.e. oxygen 

atoms do not drastically affect the microstrain region. If it 

assumed that the Og atoms are the s*r.b. to dislocation motion, then 

at the interstitial level (300 wt-ppm) the magnitude of the microstrain 

region should be very small; but the experimental results demonstrate 

the opposite. 

i 
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Figure Captions 

-Pig. 1 Resolved shear stress at macroyielding vs. temperature 

for Mo single crystals irradiated in EBR I I . 

Fig. 2 Resolved shear stress at macroyielding vs. temperature 

for vanadium single crystals containing various levels of 
i 

hydrogen. 

Fig. 3 Hardness of arc melted and electron beam melted ingots vs. 

oxygen and nitrogen concentration. 

Fig. If. Resistivity ratio vs. yield stress. t 
Fig. 5, 6 Schematic of resistivity ratio apparatus. 
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Abstract 

An investigation was performed to determine the effect of neutron 

damage on the deformation characteristics of molybdenum single crystals. 

By a process of solid state oxidation, followed by a high vacuum zone melt-

ing pass the total interstitial concentration was reduced to <5 wt-ppi?. for 
i 

all specimens. Single crystal molybdenum compression specimens with orien-

tations of [1003, [491] and [110] were produced from electron beam zone melted 

rods. The effect of neutron irradiation on the yield stress was found to be 

orientation dependent. Only in [110] specimens and below 150°K, is there an i 

increase in the effective stress due to irradiation. The existence of a 

local maxima in the activation volume versus effective stress was found, 

which is predicted by the dissociated core dislocation model of Duesbery and 

others. The proportional limit for unirradiated molybdenum did not show an 

appreciable orientation dependence. On the other- hand, the yield stress 

(defined by the condition that the system and specimen plastic strain rates 

are equal at the yield point) did exhibit an orientation dependence. The 

orientation dependence for a (101) 111 slip system showed the [100] com-

pressive axis to be harder than the [110] compressive axis. 
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Introduction 
0 

Due to the vary low solubility of interstitials in molybdenum it may 

be considered to be relatively free of interstitials. Therefore, the rate 

controlling barrier to dislocation motion cannot be attributed to interstitials. 

This also means that there cannot be a reduction of the thermal component of 

the flow stress (T*) due to a reduction in the random concentration cf impurity 
(1 2) 

interstitials, which can occur as a result of neutron irradiation ' . It 

is noted that in considering the effect of neutron damage on the temperature 

dependence of the yield (i.e. flow) stress it is necessary to divide the flow-

stress into its two parts: the thermal component being defined as the effective 

stress, x*, and the athermal component, T^. Further, the damage produced by 

neutron irradiation always causes an increase in Tq, while the. effect on T* is 

not monotonic in all cases. However, based on the previous investigation^1^ of 

vanadium, it is possible to hypothesize that the neutron produced damage will 

not result in an increase in T* in molybdenum due to neutron irradiation. (3) 
Arsenault and Pink investigated the effect of neutron irradiation 

on molybdenum single crystals of [110] orientation. They found that neutron 

irradiation produced a slight reduction in the effective stress which was de-

pendent on the interstitial concentration. The reduction was greater for a 

higher interstitial concentration. Their results, therefore, are contrary to the 

above reasoning. In order to further investigate these results the present study 

of high purity molybdenum single crystals of various orientations has been 

performed. 

Experimental Procedure 

1. Specimen Preparation. The starting material for this investigation 

was low carbon arc cast rod 1/4 inch in diameter. The carbon content of these 

rods was quoted as 10-40 wt-ppm, and oxygen and nitrogen were <10 wt-ppm. High 

purity single crystal rods of [100], [491] and [110] orientation wer » -*^own in 
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an electron beam zone refiner. X-ray analyses indicated that the actual 

orientations were within four degrees. High purity was attained by et least 

two solid state oxidation passes prior to molten zone pass at vacuum levels 

of less than 10~8 torr. The solid state passes were performed at 0.9 of the 

melting point in an oxygen partial pressure of 5 x 10~5 torr at4 a speed of 

< 4 cm/hr. The resultant purity is attested to by the 2 wt-ppm carbon levels 

shown in Table I which were obtained by vacuum fusion analysis at the Ledoux 

and Company. Since chemical analysis in the range of less than 10 wt-ppm is 

questionable, resistivity ratio measurement wei»e performed. The resistivity 

ratio values were in excess of 10,000 for all rods, and this also is an indica-

tion of the high purity attained. 

The electron beam melted single crystal rods were cut and ground in a 

special jig to obtain compression samples with a height/diameter ratio of ap-

proximately 2.5:1. The specimens were etched in 50 HF/50 HNO^ to remove ap-

proximately 1 mil of the surface and ends. The specimens were then annealed 

at 0.9 melting point in high vacuum (i.e. <10"8 torr) for several hours. 

2. Neutron Irradiation. The [491] and [110] specimens were neutron, 

irradiated in the CP-5 reactor at the Argonne National Laboratory to a fluence 

of 1.6 x 1019 n/cm2 with E > 1 MeV at a temperature of about 60-80°C. The 

[100] specimens were irradiated under identical conditions in the hydraulic 

tube of the ORR at the Oak Ridge National Laboratory. 

3. Mechanical Tests. Compression tests of both un- and irradiated 

specimens were conducted on an Instron Testing Machine at a base strain rate 

of 8.3 x 10" 5 sec"1 at temperatures from 77 to 523°K. Compression testing at 

temperatures less than 77°K generally resulted in twinning occurring prior to 

niacroyielding. Prestraining at higher temperatures prior to testing below 

77°K prevents yielding in non-irradiated samples but not the irradiated samples. 
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Therefore, these lower temperature results will be ignored. To evaluate the 

activation parameters, the strain rate was increased by a factor of four. Beth 

the method of temperature controlling and determining the activation parameters 
(4) 

have been described elsewhere 

Results 
4 

1. Definition of the Proportional Limit and the Yield Stress. Repre-

sentative axial stress versus total compressive strain curves for unirradiated 

ana irradiated molybdenum are given in Figure 1. The proportional limit, as 

can be seen in Figure 1, is defined as the stress value, where the curve de-

parts from linearity. 

The irradiated stress-strain curves always have a well-defined yield 

stress which was illustrated either by a flat portion in the load elongation 

curve for temperatures from 77 to about 270°K or definite upper and lower 

yield points above 270°K. The unirradiated stress-strain curves, however, did 

not exhibit yield points, and the shape of the stress-strain curve is that il-

lustrated in Figure 1. The curvature of the stress-strain curve beyond the 

proportional limit was greater at lower temperatures, and it decreased as the 

test temperatures increased. The definition of the yield stress, therefore, 

requires an accurate definition. The definition of the macroyield stress for 

the present paper and for materials which do not exhibit a definite yield point, (5) 
is that due to Arsenault et al. . The macroyield stress is defined as the 

stress where the plastic strain rate of the specimen is approximately equal to 

•the strain rate of the system (i.e., the specimen plus the machine). Verifi-

cation of this definition is provided by the techniques described by Arsenault 

(5) 

et a\. . The application of their technique, however, requires rather 

sophisticated tests. It has been determined by them that a convenient method 

of determining the macrcyield load or macrcyield stress is to first plot 



activation volume (v*) versus strain. At some particular strain v» becor.es 

corstant with further increases in strain. Then from a plot of stress versus 

strain the stress corresponding to the strain where v* becomes independent of 

strain is the macroyield stress. This is the method employed herein to de-

termine the yield load and hence, macrcyield stress or yield stress. 

2. Schmid Factor, A two surface analysis employing a scanning electron 
(6) microscope (SEM) was performed by Arsenault and Huang on the test specimens. 

At low magnification the operative slip system was determined to be of the <ill> 

CllO] type for all orientations. This result a<grees with the results of 
(7) 

Guiu for molybdenum. At higher magnifications, however, the slip traces were 

found to consist of a multitude of slip planes. The average of these slip 

planes appeared to be of the [110] type. The Schmid factors for [100], [110] 

and [491] compressive axes would, therefore, be 0.408, 0.408 and 0.5, respec-

tively. Since the compressive axes of the actual specimens were off about four 

degrees in two directions, the Schmid factors, which were utilized for data 

reduction for the orientations designated as [100], [110], and [491] are 0.42, 

0.42 and 0.5, respectively. 

3. Temperature Dependence of the Yield Stress and Proportional Limit. 

A. [100] Orientation. The temperature dependence of the yield stress and 

proportional limit and the resultant activation volume versus effective stress 

curves are given in Figures 2 and 3, respectively. In the temperature range 

from 120°K to 370°K the yield stress of. the irradiated samples is less than that 

of the unirradiated samples. The irradiation caused the usual increase in Tg 

(i.e., a yield stress at high temperature). There is, therefore, a significant 

reduction in T* due to irradiation which decreases at the lower temperatures. 

The temperature dependence of the yield stress for the unirradiated 

molybdenum shows some rather interesting effects. There is a pronounced change 
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in the slope of the Ty versus T curve at about 350°K; i.e., there is a rapid 

decrease in the yield stress due to an increase in temperature from 325 to 

375°K. This trend occurred for all orientations. A change in the slope of 
( 8) Ty versus T was also observed in niobium , and the magnitude of change in 

(9) 
slope increased with increasing purity. Duesbery and Hirsch ^have generated 

a theoretical curve of similar shape, and the decrease occurs at a change from 

a dissociated core model to a double kink model. The unirradiated yield stress 

is also a factor of 2 greater than the proportional limit and a factor 3 greatr-

when compared to data due to Stein^10'11^ at 77°K. Since Stein's and present 

crystals had resistivity ratios in excess of 10,000 it is not apparent why the 

present proportional limit is higher. 

The activation volume versus effective stress, given in Figure 3, shows 

that for unirradiated :nolybdenum there are some plateaus in the variation of the 

activation volume with stress. The activation volume is always less for the 

irradiated specimens, and this may correlate with the fact that the effective 

stress is reduced due to irradiation. 

B. [491] Orientation. The temperature dependence of the yield stress and 

proportional limit is given in Figure 4. There is no discernible increase in 

the yield stress due to irradiation except at high temperature and consequently 

there is .a slight reduction in T* due to irradiation. The yield stress for 

unirradiated molybdenum is again a factor of two greater than the proportional 

limit. 

The variation in activation volume with effective stress is given in 

Figure 5. There are definite peaks in the ac.ivation volume vs T* curves at 

effective stresses of 20 and 25 kg/mm2 for the irradiated and unirradiated 

specimens, respectively. Since the activation volume is inversely proportional 

to changes in the effective stress, and the temperature dependence of the yield 

stress at these stresses shows an inflexion (See Figure 4), these peaks in the 
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activation volume correlate with the changes in slope of 3xy/3T of the yield 
(12) stress. The existence of such peaks have been hypothesized by Duesbery , 

/ -l q_ 1 c \ f 1 fi 1 7 ^ 

Escaig and others * from their intrinsic hardening model which is 

based on the recombination of dissociated screw dislocations. 

C. CllO3 Orientation. The temperature dependence of the yield stress and 

proportional limit are given in Figure 6. Irradiation of this orientation 
i 

causes slight increase in the yield stress from 200 to 523°K. Below 200°K there 

is significant radiation hardening, for example, at 77°K the yield stress in-

creases from 39 Kg/mm2 to 53 Kg/mm2. This is the only orientation for which t 

there is an increase in T* due to irradiation. 

Hie unirradiated yield stress versus temperature curve shows some of the 

same characteristics as the [1003 and [4913 curves, e.g. the inflection near 

room temperature (i.e. 300°K), and the rapid decrease at about 300°K. The 

temperature dependence of the yield stress especially at low temperatures, 

however, has decreased. Also the level of the yield stress at low temperatures 

is closer to the proportional limit (e.g. at 77°K 38 Kg/mm2 compared to a pro-

portional limit of 30 Kg/mm2). The [1103 orientation, therefore, has a smaller 

temperature dependence of the yield stress at low temperatures in comparison to 

the [1003 and [4913 orientations. 

The unirradiated proportional limit, when compared with the work of 

Stein a 0 ), is significantly less and the temperature dependence of the present 

results is also significantly less. Since Stein^®^ has shown a decrease in the 

proportional limit as the purity increases, the lower proportional limit values 

of the present data are probably due to higher purity of the present single 

crystals. 

The increase in the yield stress at the lower temperatures is reflected 

by an increase in the effective stress for temperatures below 150°K as shown in 

Figure 7. The activation volume, however, has not increased by irradiation as 
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shown in Figure 8. Both the irradiated and unirradiated activation volume 

curves show similar peaks to the [491]] orientation which were attributed to 

the dissociated partial screw dislocation mechanism. 

4. Orientation Dependence. The temperature variation of the effective 

stress and the proportional limit for the [100], [491], and [110] unirradiated 

specimens are shown in Figure 9. The proportional limit curves show very little 

orientation dependence in contrast to the results of Stein^^®^*^ and Sherwood 
(18) 

et al. . They found from their proportional limit results that the stress 

for the [110] orientation is a factor of 3 higher than the [100] orientation. 

The temperature variation of the effective stress for the present study, however, 

does show an orientation dependence for temperatures from 77 to 400°K. The 

present results show the [100] and [491] to be harder than the [110] orienta-

tion. The differences in the effective stress for the [100] and [110] 

orientations, however, are not as great as the other investigators^»H»18) # 

Also, the previous investigators found the [110] orientation to be stronger 

than the [100] whereas the present results indicate the opposite. The rapid 

decrease in the effective stress in the temperature range from 300 to 340°K 

shows an almost monotonic decrease and a shift of the inflection point to lower 

temperatures as the orientation changes from [100] to [491] and then to [110]. 

The results in Figure 9 suggest that the proportional limit should not be used 

to determine the orientation dependence of the yield stress. 

Discussion 

Neutron irradiation of polycrystalline molybdenum can result in an Cl9 20) 
increase in yield stress * . The present single crystal results showed 

that above 300°K there is an increase in the yield stress and athermal component 

of the flow stress for all orientations. The temperature dependence of the 

yield stress below 300°K, however, was orientation dependent. The [100] 
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oriented crystals showed a substantial decrease due to irradiation; the [4913 

oriented crystals showed very little effect; and the [110.• oriented crystals 

actually showed an increase in the yield stress and effective stress below 

150°K. The results for [1003 are somewhat similar (i.e. a decrease in the ef-
(3) 

fective stress) to those of Arsenault and Pink for [1103 crystals. They 

attributed the decrease in effective stress to a mechanism proposed by 

Weertman^21^ 9 whereby neutron produced defects can aid in the formation of a 

double kink. The radiation hardening for the [1103 orientation below 150°K 

is attributed to the interaction of dislocations with radiation produced de-

fect clusters and loops. Neutron irradiation of high purity single crystal 

molybdenum of [1003, [491j and [1103 orientations, therefore, does not result 

in significant increases in the yield stress or change in the temperature de-
(22) (23) pendence of the yield stress. Soo and Galligan and Oku and Galligan 

have reported, however, different results for tungsten. These investigators 

considered the differences in the proportional limit due to irradiation. If 

the proportional limit of the unirradiated samples are compared to the yield 

stress of irradiated samples (i.e., in the irradiated samples the proportional 

limit is about equal to the yield stress) for the present results obtained 

from molybdenum then this is a large increase in T* due to neutron irradiation 

for all orientations. 

The orientation dependence of the yield stress for the present results 

on unirradiated molybdenum do not agree with the previous results of Stein^10'^1^ 
(18) and Sherwood et al. . The present results show the [1003 compression axis 

to be harder than the [1103 compression axis.. Steinfs original results have 
(24) 

been somewhat modified by more recent work , where they found that the 

original difference in yield stress was due to a high impurity concentration 

in the [1103 crystals. The proportional limit for [1103 crystals, they now 
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report, is about 30% higher than for [100] crystals, as compared to a value 

about 300% previously r e p o r t e d ^ 1 0 T h e results of Stein^10*, Sherwood 

et al.^18)y ^ Quiu and 

P r a t t f o r molybdenum in tension agree with the 

orientation dependence of the yield predicted by Duesbery for his dis-

sociated core model. Duesbery summarized his relations by the following 

inequalities: For exclusive {110} slip 

° [ n o ] ( c ) — a [ n o ] ( t ) > a [ ioo ] ( t ) * a [ i oo ] ( c ) ( 1 ) 

1 
and for exclusive {112} slip 

°[ ioo3
 ( c ) ^ ° [ i i o ] ( t ) ^ a [ i i o ] ( c ) ^ " noo ] ( t ) ( 2 ) 

where c and t denote compression and tension, and C ^ Q O ] a3"-al stress 

along [1003. The present results would agree with Duesbery!s analysis if the 

slip system were {112}. The slip line analysis, however, indicated that (110) 

is the predominant slip system. Results on other Group V'"18^ and VI^*5^ metals 

(i.e. niobium, tantalum and tungsten) also show agreement with DuesberyTs re-

lations, because the operative slip system in compression was stated to be (112). 

Consequently, in niobium, tantalum and tungsten for compression the [100] axis 

is harder than for the [110] axis. 

A possible explanation of our results in terms of Duesbery's analysis 

might lie in the fact that the slip plane might be [112] in character rather 

than [110]. Some support of this hypothesis is that the SEM analysis of the 

slip traces showed slip planes other than [110] were present. 

Conclusions 

The following conclusions can be made from the results of this investi-

gation : 

1. The effect of neutron irradiation on the yield stress of single crystal 
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molybdenum is orientation dependent. Only in crystals of the [110D 

below 150°K, however, is there an increase in effective stress due 

to irradiation. 

2. The existence of a local peak in the activation volume versus effective 

stress was found as predicted by the dissociated core dislocation model. 

3. The proportional limit of unirradiated molybdenum did not show an 

appreciable orientation dependence. On the other hand, the yield 

stress (defined by the condition that the system and specimen plastic 

strain rates are equal at the yield point) did exhibit an orientation 

dependence. 

The orientation dependence of the yield stress for a <111> [1103 slip 

• system showed crystals which had compression axes of [1003 to be harder 

than those of [1103 and [4913. The results, therefore, did not agree 

with a host of other Group V and VI results which agree with the orientation 

dependence as predicted by Duesbery. The results would show better agreement, 

however, if the slip plane was (112) in nature. 
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TABLE I 

Carbon Concentration for Single Crystal Specimens 

Orientation C, ppm-wt. 

[1103 2 
[4913 5 
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L i s t o f F i g u r e s 

Figure 1 Representative stress-strain curves of un- and irradiated 

J49ij| orientation single crystals of molybdenum tested in 

compression at 253°K. 

(Fluence = 1.6 x n/crn^). 

Figure 2 Yield stress vs. temperature for un- and irradiated ClCOj 

orientation single crystals of molybdenum. 

Figure 3 Activation volume vs. effective stress for un- and irradiated 

Qoo} orientation single crystal of1 molybdenum. 

Figure U Yield stress vs. temperature for un- and irradiated £49-0 

orientation single crystals of molybdenum. 

Figure 5 Activation volume vs. effective stress for un- and 

irradiated CU91~] orientation single crystals of molybdenum. 

Figure 6 Yield stress vs. temperature for un- and irradiated £llOj 

orientation single crystals of molybdenum. 

Figure 7 Effective stress vs. temperature for un- and irradiated £110J 

orientation single crystals of molybdenum. 

Figure 8 Activation volume vs. effective stress for un- and irradiated 

QUO] orientation single crystals of molybdenum. 

Figure 9 Effective stress and proportional limit vs. temperature for 

unirradiated molybdenum single crystals of LlOdJ , [U9lJ 

and ClloJ orientation. 
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Introduction 

Dislocation channels have been observed in many quenched 

and irradiated metals after deformation. Mastel et al.^^ investi-

gated neutron-irradiated molybdenum and have shown that disloca-

tion channels are consistent with the characteristics of the observed 
* 

slip line patterns of a (110) and a (112) type slip plane. 

(2) 
Brimhall also indicated that the slip lines can be directly 

correlated with the dislocation channels in neutron-irradiated and 

deformed molybdenum. The purpose of this study was to deter-

mine the effect of sample orientation, level of strain, and the 

temperature deformation on the channeling and slip line patterns 

in molybdenum. A correlation was made between slip lines and 

dislocation channels by the use of optical and scanning microscopy 

and electron transmission microscopy. 

Experimental Procedures 

The method of sample preparation and the method of com-(3) 

pression testing are described elsewhere . The neutron 

irradiations were carried out in the hydraulic tube of the ORR 

reactor at the Oak Ridge National Laboratory, and in th<a CR-5 

reactor at the Argonne National Laboratory at an irradiation 
o 19 temperature of about 333-353 K to a total fluence of 1.6 x 10 

/ 2 

n/cm . The samples were then electro-polished in a solution 

of 5% sulphuric ucid and 95% methanol at 2U3°K* For each 

orientation they were tested at two different temperatures (300°K-

125°K) at strain rates of 8.3 x 10'^ sec"1 and of 2.k x 10sec"1. 
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Alter deformation, the samples which were originally cylinders 

became ellipitical in shape. The major and minor axes of the 

ellipse were perpendicular to each other and the slip traces on 

each surface was carefully examined by either optical or scanning 

electron microscopy. A two surface analysis of the slip traces 
t 

was performed on each sample to determine the particular slip 

plane. The morphology of the slip planes was checked at both 

the center and end portions of the specimen. However, for the 

purposes of determining the slip plane only the center portion was 

used due to the fact that in the end portion of the sample usually 

showed a significant number of slip systems operating and it was 

very difficult to determine which was the primary and which was 

the secondary system. After the slip trace analysis was completed, 

the deformed samples were then cut by a spark cutter to foils of 

approximately 0.5 M M thick. These foils were cut perpendicular 

to the major axis of the ellipse and parallel to the compression 

axis of the sample. From these foils it was possible to obtain 

one center portion and two end portions for electron transmission 

mici oscopy samples. The samples were further thinned by jet 

polishing in an electrolytic solution of 5% sulphuric acid and 95* 

methanol at 2^3 K. The th in foil samples were examined in an 

Hu 200 kV electron transmission microscope, 

Experimental Results 

A. Optical and Scanning Electron Microscopy. 

The general appearance of the slip lines in neutron-
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irradiated and deformed vanadium^^. At the ends of the com-

pression samples there were always two operative slip systems. 

The amount of slip on one of the two systems was always greater 

than the other. In the central portion of the compression 

samples there was in general only one major set of slipj lines or 

slip bands. As the testing temperature decreased the spacing 

between bands decreased. Also, the tendency for cross slip 

within the slip bands increased with decreasing temperature. For 

the C iOOl orientation there were two major slip bands in the 

central portion of the compression samples and sometimes two 

major slip bands were observed in the central portion in the 

r^9l] samples. 

There were some differences in the slip line appearances 

between molybdenum and vanadium. Figure 1 is an optical micro-

graph taken near the end of the major axis side of a Dio J 

sample deformed at 300°K. There is one predominant slip 

system and a secondary slip system but there are slip lines 

connecting predominant systems. These connecting slip lines are 

almost perpendicular to the compression axes. This type of 

connecting slip was observed in high oxygen neutron-irradiated 

vanadium. 

A two surface slip line analysis was performed for the 

[b9lJ DIO] and DOO] orientations and if the most predominant 

slip bands are used, and ignoring the slip within the slip bands, 

then in all cases t he slip plane was of a type and the 
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slip direction was j^lll7 . The reason for stating the above 

boundary conditions is due to the fact that even at small strains 

there are extraneous slip lines as is evident in Figure 2. 

B. Transmission Electron Microscopy. 

Although compression samples of several different 
i 

orientations, different temperatures, and differing arrounts of 

strain were tested, there were no major differences in the 

dislocation channels provided the comparison is made between the 

center portion of one sample and the center portion of another. 

The major differences as to be expected from the slip line analy 

ais is the difference that exists between the central portion ar.d 

iiib ends of the compression samples. Therefore, the electron 

transmission micrographs will be considered in two parts; the 

ends and center. 

End JPortion of the Compression Samples. 

The channels observed in foils taken from the end portion 

of the samples are going in many different directions and in 

general, a maee of channels is evident as shown in Eigures 3, 

U, 5 and 6. These figures represent different orientations, 

temperatures and strains. Figure 3 shows a typical example of 

what has been defined as connecting slip. It is very evident 

that these connecting channels start from the main channel No. 2. 

If the strain 1 eve/ is increased significantly, then it is 

possible that the dislocation motion will almost completely remove 

the neutron produced defects as is shown in Eigure 7. 
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The observation of what appear to be helixes, or a dislo-

cation pile up, or an edge dislocation wall, is confined to samples 

which are deformed at high temperatures; i.e. 523 K but not 

necessarily to the end portion of the sample (Fig. 8). 

2. Central Portion of the Compression Samples. 
i 

The channel density and the number of directions of the 

channels is much less than in foihi taken from the end portion of 

the samples. Figures 9, 10 and 11 represent different temperatures 

of deformation and orientations of the compression samples. 

Figure 11 is an example of crosx slip where a channel splits into 

many subchannels or smaller channels. 

Dislocation arrays are observed in the channels as shown 

in Figure 12. Recalling that a shear strain of 28% almost com-

pletely removed the neutron produced defects in the end portion, 

a strain of UU% has not removed all of the neutron produced 

defects; i.e. channels are still quite discernible. In Figure 13 

there are also dislocations in the channel and from a g.b analy-

sis it appears that these dislocations are all primary and second-

ary screws. F*rom a close examination of Figure 13 it can be 

seen that there is a higher density of neutron produced defects 

at the channel walls which are indicative of a "snow plow" effect. 

This observation; i.e. higher density of defects at the channel 

wall is confined to the thicker sections of the foils. In fact, the 

examination of foils 1.5 mP thick ad 1 million electron volts (at the 

U. S. Steel Research Laboratory) the higher density of defects 



at the channel wall is very evident as skoxvn in Figure ll±b. 

Figure ll+a is a channel end in a foil which is slightly 

thinner than the foil used for Figure ll±b. The significant point 

of this micrograph is that a. tangled array of dislocations exists 

at the end of channel, the general result from examination of 

thinner samples is an absence of dislocations at the end of the 

channel. 

Discussion 

Irradiated crystals deformed by a process involve disloca-

tion multiplication and sweeping or clearing out of neutron produc-

ed defects to produce a cleared channel. From the results 

obtained it is apparent that the orientation and the temperature of 

testing have only a minor effect on the dislocation channeling in 

molybdenum. Also there is a very good correspondence between 

the slip line configurations and the channel configuration. This 

(2) 
reconfirms the results of JBrimhall and the recent documenta-

tion of the correlation between slip lines and channeling in (5) 

neutron irradiated copper by Sharp . Therefore, it appears 

that the channel formation is strictly a function of dislocation 

motion in the slip zone and not some external deformation para-

meter. Several mechanisms have been proposed zo account for 

channel formation. The Foreman and Sharp^^ and Saada and 

(7) 

Washburn mechanisms appear* to be most likely mechanisms of 

channel clearing. As is evident in Figures 13 and lk there is 



50 

some evidence that the snow plow mechanism as originally 

(8) 

proposed by Makin may be also contributing to the channel 

clearing. The mechanism of channel clearing proposed by (9) 'Wechsler which is based on the adiabatic heating and subsequent 

annealing of the defects is not possible due to the fact that the cal-
t 

culations by Arsenault^^ have shown that the channel is almost 

completely cleared before a high rate of deformation occurs within 

the cleared channel. The process of channel widening as des-

cribed previously^^ ^, results in a dislocation array within the 

channel. Dislocation arrays are observed in channels and not 

necessarily associated with channel intersections. These disloca-

tion arrays which are observed in molybdenum are very similar 

to those observed in the low oxygen vanadium samples. Again, 

as in the case of vanadium, the density of dislocations within the 

channels increases with increasing thickness of the foil. The 

most probable reason for not observing dislocation arrays in the 

thinner sections is that the dislocation glide out of the channel due 

to the large compressive forces on the foil surfaces. The dislo-

cation arrays within t he channels are not likely to be the result 

of interstitial impurities, for tho amount of impurities within these 

molybdenum samples is very small and also the solubility of 

impurities in molybdenum is also very small. 

The connecting slip is more than likely another manifestation 

of the stress concentration factor associated with the dynamic pile 

up which occurs as a result of the channel clearing process^^^. 
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However, it is not apparent why this phenomena is confined more 

to molybdenum than to vanadium. The apparent helix or disloca-

tion pile up or wall of edge dislocations is a very interesting case. 

The probability that this is a helix is rather small for one of the 

primary requirements of helix formation is a long straight screw 
4 

dislocation which is initially at a stress equilibrium^^, but long 

straight screw dislocations within the channel have not been ob-

served, Although another boundary condition; i.e. a super satura-

tion of vacancies is more than likely sufficiently satisfied for the 

helix generation, but it is still doubtful that this is the helix. The 

other possibility is thai it is a pile up or a wall of edge dislocations 

with the Burgers vector of the edge dislocation perpendicular io the 

foil. The reason why it is possible that this is not a pile up is the 

fact thai the stress required to hold this pile up in place is 

extremely large, although it could be pinned as a result of the 

neutron produced defects. The third and most likely possibility 

is that this is an edge wall of dislocations. 

Summary 

A characteristic individual dislocation channel is indepen-

dent of orientation of the sample, test temperature, and level of 

strain, provide the channels that are compared came from the 

same portion of sample eq. the central portion. 

The slip line spacing and the degree of cross slip w:ihin 

a slip band are dependent upon test temperature, as the deforma-

tion temperature is decreased the spacing between slip lines 
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decreases and amount of cross slip within a channel increases. 

A. two surface slip line analysis showed that for £lOOj , 

t &nd LllOj compression axis samples the slip plane was 

of the ( 110) type and the slip direction was [ l l l j . 
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Figure Captions 

Fig. 1. Optical micrograph of the major axis side of a [1103 near the end 

portion of sample. The sample was deformed 8% at 300°K. The circle 

incloses the "connecting" slip lines. 

Fig. 2. Scanning Electron micrograph of the minor axis side of the^ central 

portion of a [110] sample deformed 8% at 300°K. 

Fig. 3. Transmission electron micrograph at the end portion of the same 

specimen in Fig. 7 shows a connecting channel structure between tvc 

maj or channels. 

Fig. 4. Transmission electron micrograph of a <111> deformed 8% at 223°K. 

The foil was taken from the end portion of the sample. 

Fig. 5. Transmission electron micrograph shows stair rods of dislocation 

channels, dislocation tangles at the intersection of channels and on 

zig-zag channel. Foil trken from the end portion of <111> sample de-

formed 48% at 523°K. 

Fig. 6. Transmission electron micrograph from a foil taken from the end portion 

of a [491] sample deformed 8% at 323°K. 

Fig. 7. Transmission electron micrographs of the end portion of a [110] sar.ple 

deformed 28% strain at a strain rate of 2 x 10_I+ sec"1 and 450cl< show 

that the most of the neutron irradiated defect clusters have been elimi-

nated by heavy dislocations interaction and no dislocation channels have 

been observed. 

Fig. 8. Transmission electron micrograph of the end portion of a <111> sarple 

deformed - 24% at 523°K. 
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Fig. 9. Transmission electron micrograph of the center portion of the <110> 

sample deformed 8% at 300°K. 

Fig. 10. Electron transmission micrograph of the central portion of a <M-3i> 

sample deformed 8% at 323°K. 

Fig. 11. Transmission electron micrograph of the central portion of4 <49I> 

sample deformed 8% at 148°K. 

Fig. 12. Transmission electron micrograph of two different screw dislocations 

interacting to form networks inside the channels. When the specimen 

deformed 44% at a strain rate of 2 x 10*"1* sec"1 and 203°K. 

Fig. 13. Transmission electron micrographs of the central portion of a [11C] 

sample deformed 8% at 123°K showing the results of Burgers vector 

analysis with the characteristic of the slip planes of the channels of 

{110} and snow plow defect clusters against the walls of the channel. 

Fig. Transmission electron micrograph of the end of a channel 

( U. S . Res. Lab.) taken at a 1 MV. 

Fig. lUb ransmission electron micrograph of a foil 1.5 micron thick. 

(U. S . Res. Lab.) taken at a 1 MV. 
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The Effect of Oxygen on Dislocation 
Channeling in Neutron Irradiated Vanadium* 

Y. Huang and R. J. Arsenault 
Engineering Materials Group, and 
Dept. of Chemical Engineering 

University of Maryland < 
College Park, Maryland 

Abstract 

The phenomenon of "dislocation channeling" has been observed 

in many metals. However, there have not been any systematic in-

vestigations of the effect of an impurity interstitial on channeling. 

The purpose of this investigation was to study the effect of 

oxygen on the channeling in neutron irradiated and deformed single 

crystals of vanadium. One of the main observations was the appearance 

of dislocation tangles and arrays within the channels independent 

of oxygen concentration. The probability of observing dislocation 

arrays and density of dislocations within the channels increased 

with increasing oxygen concentration. However, the dislocations 

within the channels are probably remnants of a widening process, 

for the density of dislocations within the channels increased with 

increasing foil thickness. A mechanism was proposed for channel 

widening which would predicte dislocation remnants within the 

channels. 

* This research was supported by the United States Atomic Energy 
Commission under Contract No. AT(40-1)3612. 
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I. Introduction 

The phenomenon of "dislocation channeling" has been observed 
in many b.c.c. and f.c.c. metals which have been deformed after 
neutron irradiation or quenching. ̂  "Dislocation channeling" 
(channeling) refers to the process by which defects and jlefect 
clusters produced by neutron irradiation and quenching are cleared 

(17-18) 
away as a result of plastic deformation after irradiations. There 
have been at least four different mechanisms proposed for the 
clearing of the channels: (1) sweeping up or chopping up of the 
defects by the glide dislocations ̂ ^ , (2) annihilation of the (9) defects by anti-defects , (3) annealing due to localized heating 

(9) of plastic deformation , (4) the pushing of the defects into the 
(19) 

adjacent matrix. ' 
In genera^ there are very few dislocations within the channels. 

Dislocation tangles and debris have been observed at channel 
intersections, and dislocation arrays have been observed on the (9) (8) cross slip planes in niobium. ' Smidt and Mastel have observed 
tangled arrays of dislocations in neutron irradiated and deformed 
iron at 300°K. In their investigation of neutron irradiated iron, 
cleared channels were not observed due to the fact that neutron 
produced defects were, in general, not visible. The reason they 
assumed that channeling had occured was due to fact that tangled 
arrays of dislocations of finite widths which were along crystallo-
graphic directions had been observed. These tangled arrays do not 
resemble the cell structures which usually form in annealed iron which 
has been deformed at 300°K. 
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The purposes of this investigation were to study the effect 
of oxygen on the slip traces and channeling in neutron irradiated 
single crystals of vanadium deformed in both tension and compression, 
and to determine the effect of temperature on the slip traces and 
channeling. 

i 

II. Experimental Procedure 
The methods of sample preparation and testing have been de-

( 2 0 ) scribed elsewhere. The samples contained three different oxygen 
contents: 40, 300, and 1000 wt-ppm. The compression and tensile 

i 

axes were in the <491> direction. The samples were irradiated in 
the hydraulic tube of the ORR in direct contact with the cooling 

19 
water at a temperature of 60-80°C to a total fluence of 1.6 x 10 

2 
n/cm . The samples which were used for the slip traces analyses 
were electropolished prior to deformation. The samples after de-
formation had an ellipitical cross section, and the slip traces 
were examined on both the major and minor axes sides. In general, 
the transmission electron microscopy (TEM) foils taken from the 
compression samples were spark cut parallel to compression axes 
and perpendicular to the major axes of the ellipse. The foils 
or sheets were then cut into 3 segments corresponding to the ends 
and center of the compression sample. Some TEM samples were 
sliced perpendicular to the primary slip plane (101) and direction 

[llij. The sheets were jet polished into thin foils. The tensile 
TEM samples were, in general, cut perpendicular to the primary 
slip plane (101) also. The samples were examined in a Hitchi 200 
kv microscope. 
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III. Experimental Results 
A. General Observations 
The spacing between slip lines decreases with increasing 

oxygen concentration. As the oxygen concentration increases to 
1000 wt-ppm?the slip traces and dislocation channels are very 
close together; and in the central portion of compression samples 
there are slip lines connecting the primary slip bands. 

A decrease in the compression testing temperature also re-
sults in a decrease in the slip band spacing. Obviously as the 
level of strain increased/ the spacing between slip bands decreased. 
The nature slip within the slip bands also changes with a change 
in test temperature : at the lower temperature the amount of cross 
slip within the slip band increased. 

There was practically no evidence of cross in foil taken from 
the central portion of the compression sample,if foil was per-
pendicular to the slip plane and direction (101) [111]. However, 
the cross was evident in foils which cut parallel to the compression 
axis and perpendicular to major axes of the elipse; and it was for 
this reason that most of the foils were of this orientation. The 
testing temperature had very little effect on the dislocation 
channeling;i.e. at some oxygen concentration a channel in a foil 
for a sample deformed at 300°K could not be distinguished from a 
channel in a foil from a sample deformed at 150°K. A similar 
statement can be made concerning the level strain. The percentage 
of strain has very little effect upon an individual channel or 
the dislocation arrays within the channel. However, there are 
specific differences in slip traces and channels due to the presence 
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of various oxygen contents. These results will be discussed 
below. 

B. High purity vanadium (40 wt-ppm) 
The correspondence of dislocation channels with surface slip 

traces has been well established by Brimhall^ and Sharp.^ The 
t 

scanning electron micrographs (Fig. 1) are typical slip traces 
observed on the major axis side of a sample deformed at 300°K. 
The slip traces on the minor axis side show extensive amounts of 
cross slip. The results of a two surface slip trace analysis 
indicate that the slip plane is of a {110} type. 

Fig. 2 is an electron transmission micrograph of the end 
portion of the source sample shown in Fig. 1. There are at least 
two major sets of channels plus cross slip channels: one set of 
channels is off-set by the slip in the other set of channels. In 
one of the channels there is an inner wall or mid-rib of irradiation 
produced defect. This mid-rib has been in several other samples, 
but more predominantely in the thicker portions of T.E.M. samples. 
Fig. 3 is a micrograph of the center portion of the same samples 
as in Fig. 1: It shows three parallel cleared channels. However, 
examination of T.E.M. samples taken from the center portion of 
samples deformed at 300°K show channel intersection of cross slip, 
but the extent is much less than in the end portion of the com-
pression samples. From a comparison of Figures 1, 2, and 3 it can 
be concluded that a correspondence exists between the slip traces 
and the channels in neutron irradiated high purity vanadium. 

The channeling observed in samples tested in tension at 300°K 
was similar to the channeling observed in the compression samples. 
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However, it was more difficult to obtain the transmission foils 
which contained channels due to the fact the channels were all 
confined to one very small area of the tensile sample gage length. 

A decrease in the deformation temperature resulted in a 
decrease in the spacing between slip bands, and also an increased 
tendency for cross slip within the slip band, as is shown in the 
optical and scanning micrographs (Fig. 4). Fig. 5 is a transmission 
micrograph of the center portion of the samples which are used in 
Fig. 4. This shows a channel which contains a dislocation array and 
a mid-rib. The density of dislocations and the density of neutron 
produced defects in the mid-rib increase as the thickness of the 
foil increases. There are also numerous channels which are identical 
to Fig. 3; but observations of cross slip were more evident than 
in the samples deformed at 300°K. 

Neutron irradiated samples which were deformed at 77°K 
unfortunately twinned, so no channel analysis was undertaken. 

C. Intermediate Oxygen (~ 300 wt-ppm) 
There are only a small number of cleared channels, i.e. 

channels in which there are no dislocations in neutron irradiated 
and deformed samples containing an intermediate oxygen content 

300 wt-ppm). The transmission micrograph in Fig. 6 is from a 
sample deformed 4% at 300°K. 

Decreasing the deformation temperature to 123°K does not 
result in any significant change in the density of dislocations 
within the channels (Fig. 7). There may be an increased tendency 
for the dislocations to be along the walls of the channel(Fig. 7). 
Fig. 8 is of foil parallel to the primary slip plane [101], and 
there is evidence of screw dislocation. In some places the channel 



(from a secondary slip system)acts as an obstacle to the dislocation motion 

on the primary plane, but in other places the dislocation goes 
completely across the channel. Dislocation tangles and debris are 
also observed at the channel intersections of this specimen which 
is shown in Fig. 9. 

D. High Oxygen 1,000 wt-ppm) 
The transmission electron micrographs in Figs. 10 and 11 

show a specimen which was deformed 15% at room temperature. The 
orientation of the thin foil specimen is also [101]. The dis-
location channels are not a clear region, but are occupied by 
tangled dislocation arrays (see Fig. 10). A similar tangled 
dislocation array was observed in non-irradiated vanadium con-

( 2 1 ) taining a large amount of oxygen 1,000 wt-ppm). ' However, 
in the non-irradiated case the dislocation tangled array only 
occured in samples deformed at 300°K. These massive dislocation 
arrays could serve as a source or sink of dislocations. A series 
of parallel dislocation loops has been observed in Fig. 11 for this 
high oxygen sample. The number of loops emanating for the tangled 
mass of dislocations greatly increased as a result of a post 
irradiation anneal of 2 hrs at 473°K. 

The massive dislocation arrays have been observed in a specimen 
which was deformed 15% at 123°K (see Fig. 21). The dislocation 
channels are much less defined in this high oxygen sample. 

The dislocation arrays within the channels do not appear to 
affect the rate of work hardening, for the rate of work hardening 
is independent of oxygen concentration; but the density of dislocations 

(22) within the channels increases with increasing oxygen concentration. 



IV. Discussion 

Previous investigations of dislocation channeling in neutron 
irradiated and deformed metals have reported channels which were 
essentially devoid of dislocation; Fig. 3 would be a typical example. 
Dislocation tangles have been previously observed at chajinel inter-
sections. 

One of the main observations of the present investigation was 
the appearance of dislocation tangles and arrays within the 
channels independent of oxygen concentration and not necessarily 
associated with channel intersections. However, the density of 
dislocations within the channels increased with increasing oxygen 
concentration. A simple Cottrell-Bilby type pinning of the dis-
locations does not appear to be likely explanation, for the density 
of dislocations within the channels is independent of the tempera-
ture at which the sample was deformed. If pinning was the ex-
planation, then the samples deformed at the higher temperature 
would have a higher density of dislocations within the channels. 

The channel clearing is probably the result of several 
mechanisms. The smaller defects (i.e. single vacancies and inter-
stitials, etc.) are probably removed by the jogging of edge dis-
locations. The visible dislocation loops, which have Burgers vectors 

(23) 
in the slip plane, are probably removed by the Saada and Washburn 
mechanism. The dislocation loops, which,have Burgers vectors 
inclined to the slip plane, probably are removed by the Foreman and 
Sharp mechanism.'24^ The Foreman-Sharp mechanism requires. that 
the two types of dislocations (i.e. two different Burgers vectors) 
have to operate on the same slip plane, and also that the formation 
of [100] type dislocation must be energetically feasible. This type 



(21) of dislocation has been observed in vanadium. ' From analysis 
of the slip traces, it can be concluded that two different types 
of dislocations were operative on the slip planes. 

The above mentioned mechanisms which have been proposed for 
channel clearing would predict that the channel width wojild be 
small (at most the diameter of a dislocation loop). The increase 
in the width of the channel is probably the result of at least 
two mechanisms. The jogged edge dislocation segments have 
effectively a larger cross sectional area, and as they move across 
the slip plane they can sweep a thickness greater than one or two 
Burgers vectors. A second mechanism is the cross slipping of 
screw dislocations. The cross slip can be induced by the torque 
on the screw dislocation due to the strain field of the neutron 
produced defect. This stress can be calculated by the following 
equation: l^) 

C 3 6 y e x z r g — 

r 
2 where y is the shear modulus, r is the radius of the defect, r = o 

2 2 2 x + y + z , and e is the dilutational strain of the defect. The 
values of e and r are the two unknowns which make it difficult o 
to determine T precisely. If it is assumed that the effect is a 
di-vacancy^ then E « and T at a distance of 20b from the 

2 
defect is 6.5 Kg/mm . If the defect is larger; then x is correspond-
ingly larger. 

If the widening of the channel is the result of the above 
mentioned mechanisms, then the channels should contain segments of 
dislocations, i.e. a tangled array of dislocations. Dislocation 
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arrays are more prevalent in the thicker sections of the TEM 
samples, which would suggest that the dislocation arrays which were 
in the thinner sections have slipped out of the sample due to the 
surface stresses. 

Another observation which is confined almost exclusively to 
i 

the thicker sections of the T.E.M. and to the high purity samples 
is the mid-rib in the channel. However, this is not a general 
observation, i.e. it does not occur in all the channels. A possible 
explanation of this phenomenon is that a second slip plane is 

» 

activated parallel to the first which results in a channel parallel 
to the first with a separating wall, i.e. mid-rib. The second slip 
plane could be activated due to the stress field of the dynamic 

(26) 4 

pile-up which occurs when the first channel is forming. The 
stress concentration factor of the pile-up can be large; for 
example, if there are only 10 dislocations in the pile-up then the (27) 
stress concentration factor may be as large as 3. • From the 
dynamic pile-up calculations it is apparent that there are much 
more than 10 dislocations in the pile-up. This stress concentration 
factor can aid the applied stress in activating a source on a 
parallel slip plane. The fact that a mid-rib, i.e. wall, is only 
observed in the high purity samples supports the concept that a 
source is activated on a parallel slip plane. In the intermediate and 
high oxygen content samples the sources are probably highly pinned 
and the added stress due to the pile-up has no effect in activating 
them. V. Conclusions 

One of the main observations was the appearance of dislocation 
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tangles and arrays within the channels independent of oxygen con-
centration. These arrays were not necessarily associated with 
channel intersections and cross slip planes. The probability of 
observing dislocation arrays and the density of dislocations with-
in the channels increased with increasing oxygen concentration and 

4 

with the thickness of TEM samples. A simple Cottrell-Bilby pinning 
of the dislocations can not explain the increase in the dislocation 
density within the channels as the oxygen content increases. 

A mechanism, which is based on cross slip, was proposed to 
account for the widening of the channel. The cross slip of screw 
dislocations can be induced by a torque on the dislocation due to 
the neutron produced defect. This mechanism predicts that the 
channel should contain remnants of the cross slipping dislocations 
and these are indeed observed. 

A mid-rib wall is observed in some of the channels in high 
purity samples. A possible explanation could be that two channels 
were found parallel to each other. The second channel could form 
as a result of a dislocation source being activated by the stress 
field of the dynamic pile-up which occurs when the first channel is 
being formed. 
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Figure Captions * 

Fig. 1. Scanning electron micrographs of neutron irradiated high 
purity vanadium (40 ppm C^) show slip bands on the surface 
of a specimen deformed 4% in compression at 300°K. These 
slip traces represent end portion of the specimen (left) 
with primary and secondary slips and central portion of 
the specimen with single primary slip system. Cross 
slip is also observed in the slip band. 

Fig. 2. Dislocation channels intersect to each other and the primary 
slip plane is off-set by secondary one. This observation 
corresponds to the slip traces on the surface of the end 
portion of the specimen in Fig. 1, Dislocation tangles 
at the channel intersection which cause dislocation cross 
slip to form new channels are also observed in thin foil 
specimen. g = [Oil] 

Fig. 3. Dislocation channels correspond with the central portion of 
the specimen in Fig. 1. Dislocation channel intersection 
and cross slip channels are also observed in some other 
area of the thin foil specimen. 
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Fig. 4. Single slip bands in neutron irradiated'high purity vanadium 
(40 ppm C^) are observed on the surface of a specimen 
deformed in compression at 203°K. 

Pig. 5. Dislocation channels correspond with the slip traces on 
the surface of a specimen in Fig. 3 are observed. Dis-
location tangles present in the thicker portion of the 
specimen and it is relatively free in the thinner portion 
of the specimen. 9F = [Oil] 

Fig. 6. Dislocation channels decorated with dislocation arrays in 
neutron irradiated vanadium which contained 300 ppm C>2 
and deformed 4% in compression at room temperature. 
Orientation is 1001]. 

Fig. 7. Dislocation channel containing dislocations at both edges 
and inside the channel in neutron irradiated vanadium 
which contained 300 ppm C>2 and deformed 4% in compression 
at 123°K. Orientation is [101]. 

Fig. 8. Dislocation loops formation at both edges of the channel 
in neutron irradiated vanadium which contained 300 ppm 
02# and defovmed 4% in compression at 123°K. Orinetation 
is [101]. 

Fig. 9. Dislocation tangles at the intersection of channels in 
neutron irradiated vanadium which contained 300 ppm O21 » 
and deformed 4% in comnression at 123°K. Orientation is 
[ 1 0 1 ] . 

Fig. 10. Dislocation arrays formed in the channel in neutron irradiated 
vanadium which contained 1,000 ppm O2 and deformed 15% in 
compression at room temperature. Orientation is [101]. 
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Fig. 11. Dislocation slip bands served as sources or sinks of dis-
location loops in neutron irradiated vanadium which 
contained 1.000 ppm C^ and deformed 15% in compression 
at room temperature. Orientation is [101]. 

Fig. 12. Dislocation channels in neutron irradiated vanadium which 
contained 1,000 ppm O2 and deformed 15% in compression 
at 123°K. Orientation is [101]. 
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Abstract 
$ 

A predominance of straight screw dislocations is observed 
in b.c.c. metals deformed at large effective stresses, i.e. low 
temperatures. This observation has been used as evidence that 
the double kink mechanism is the rate controlling mechanism of 
dislocation motion. If interstitial atoms were the shorf. range 
barriers to dislocation motion, then a significant density of 
edge dislocation should be observed in samples deformed at large 
effective stresses. An investigation of vanadium containing 
various of levels of oxygen (15 - 1000 wt-ppm) was undertaken. 
The samples were deformed at small and large effective stresses 
in both tension and compression. One of tHe most significant 
observations was the predominance of screw dislocations in 
samples deformed at large effective stresses, independent of 
oxygen concentration. Therefore, the interstitial oxygen atoms 
can not act directly as short range barriers to dislocation motion 
1. Introduction 

The dislocation structure most generally observed in body 
centered cubic metals deformed at large effective stresses is 

(1-3) 
straight screw dislocation. The effective stress t* is the 
thermal component of the flow stress. This is the stress which 
is required to overcome the short range barriers (s.r.b.) to 
dislocation motion and is dependent on the temperature and strain 
rate. This observation, i.e. straight screw dislocations, has 
been used as evidence that the double kink mechanism is the rate 
controlling mechanism of dislocation motion at low temperatures in (4 5) body centered cubic metals. ' If interstitial atoms were the 

(6 7) s.r.b., then edge dislocations would be present. ' 
( 8 ) 

In an investigation by Arsenault and Pink it was shown 
that if the oxygen concentration was greater than about 100 wt-ppm 
then there appears to be a change in mechanism. It was postulated 
that this change in mechanism was a change from the double kink 
mechanism to a tetragonal distortion mechanism. In other words, a 
this particular concentration, the oxygen atoms became the s.r.b. 
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to dislocation motion. Therefore, edge dislocations should be 
expected in samples containing more than 100 wt-ppm of oxygen deformed 
at low temperatures. 

The previous investigations of dislocation structures in 
vanadium deformed at low temperatures and at ambient temperatures 
indicate a predominance of screw dislocations- The material used 

(9) 
in the preliminary investigation by Eddington and Smallm^n1 ' 
contained a large concentration of interstitial or impurity atoms. 
The total interstitital concentration was approximately .25%; large 
enough so that precipitates were evident in the electron transmission 
micrographs. A later investigation by Smerd^*^ of single crystal 
specimens also containing a relatively large concentration of 
impurity interstitial (1000 wt-ppm) again showed a predominance 
of screw dislocations. 

The purpose of this investigation was to determine whether 
the dislocation structure was a function of oxygen concentration, 
and whether it was affected by the mode of testing; i.e. com-
pression vs. tension. 
2. Experimental Procedure 

The material used in this investigation was prepared by 
/ O ) 

using a technique very similar to that described elsewhere. 
There were three main oxygen concentration levels: a low oxygen 
concentration level from 15 to 40 wt-ppm, an intermediate level 
from 150 - 300 wt-ppm, and a high oxygen concentration of approxi-
mately 1000 wt-ppm. The orientation of all the specimens was 
near the [491] which gives a maximum result Schmid factor of 0.5 
on the (loi) [111] slip system. The samples were deformed both in 
tension and compression at two different temperature ranges. The 
high temperature range was 300°K and the low temperature range 
was from 123°K to 173°K. The samples were tested at a strain rate -4 
of about 10 per sec. The specimens for electron transmission 
microscopy were taken parallel to the primary slip plane (101). 
The slices then were jet polished for examination in a HU-200E 
microscope. The Burgers vector analysis was done on most specimens 
by a g.b analysis. 
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3- Experimental Results 
3.1. General Observations 
The dislocation density in the as-annealed specimens was 

-7 2 
very low, less than 10 /cm ; and there was no evidence of 
precipitates in any of the samples examined, even at the highest 
oxygen concentration. The samples were deformed, in general, be-
tween 2 and 4% shear strain. The reason for this small,amount of 
strain was due to the fact that at higher oxygen concentrations, 
i.e. greater than 150 wt-ppm, the density of dislocations became 
very large for larger strains, and it became difficult to resolve 
and analyze individual dislocations. The lower test temperature 
was chosen in order to avoid twinning which occurred at temperatures 
below 173°K in the high oxygen content samples. In general, the 
dislocation density was greater in samples tested in compression 
than m samples, tested in tension, - independent of the oxygen 
concentration. The probable reason for this is due to the fact 
that the stress on the specimen is not as uniaxial as in the case 
of the tension test. The stress, temperature and interstitial LB) relationships are given elsewhere. 

3.2. Dislocation Structures; Low Oxygen 
The dipoles and dipole clusters observed in samples deformed 

in both compression and tension at 300°K are very similar to those 
observed in other body centered cubic metals (Fig. 1). The 
individual dipoles vary in length and width, but are very com-

o parable (approximately 1/2 micron in length to 400A in width) to 
(3) 

those observed in tantalum. There are some secondary dislocations. 
The dislocation structure resulting from low temperature deformation 
is very similar to that observed in other b.c.c. metals deformed 
at low temperatures, i.e. a predominance of straight screw dis-
locations. However, if the deformation was conducted in the com-
pression mode at low temperatures, there was evidence of secondary 
slip and tangling. In Fig. 2, a & b, it is evident that there is 
a reaction between the secondary and primary dislocations as follows: 

| [111] - | [ill] - a [010] 
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The arrow in Fig. 2a is pointed at the [010] dislocation. The 
length of dislocation product, i.e. the length of [010] type 
dislocations, was in general very short. The segment in Fig. 2a 
is by far one of the larger ones. The length of [010] type 

(3) 
dislocations is shorter than that observed in tantalum and 

(11) 
in iron. 

The extinction condition of g.b = 0 is only valid for an-
isotopic elastic material, but vanadium is slightly anisotopic* (12) 
Computer calculations by Hern and Head indicate that for the 
conditions employed to determine the [010J Burgers vector the 
intensity for g.b = 0 should give a residual contrast of - 15% 
over background. A careful examination of Fig. 2b indicates there 
is slight residual contrast. The computer balculations for g.b 
= 2 gives a single dark band, not a double line, which is again 
consistent with the image in Fig. 2a. 3.3 Dislocation Structures; Intermediate Oxygen 

An increase in the oxygen content results in an increase in 
the degree of tangling and the density of dipoles in samples 
deformed both in tension and compression at 300°K. The dislocation 
structure observed at 4% strain was comparable to the dislocation 

t 

structure observed at 10% strain for the lower oxygen content 
samples. However, a difference in the dislocation structures was 
seen in the samples tested at the lower temperatures when compared 
to that observed for the low oxygen content samples. Dipole loops 
were evident, as shown in Fig. 3. 

The density of secondary dislocations greatly increased due 
to the increase in oxygen concentration as is evident in Figures 
4, a,b,c, and 5. Dislocations representing almost every slip 
system are shown in Figure 4, a,b,c. In Fig. 5 there are dis-
locations at approximately right angles to each other. It is 
possible to mistakenly identify one set as edge dislocations and 
others as screw dislocations. However, from a g.b analysis it was 
shown that one set of dislocations was primary screws and the other 
secondary screws. 

In a few micrographs parts or segments of a dislocation line 
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could be identified as edge (Fig. 6). However, in no micrographs 
could an entire length of dislocation line be identified as an 
edge dislocation. Therefore, stating a ratio of edge to screw 
dislocations is meaningless, for there are only a few segments of 
dislocation line which are edge in character. 

3.4. Dislocation Structures; High Oxygen 
An increase in the oxygen content has a significant'effect 

on dislocation structure in samples deformed at 3Q0°K in both 
tension and compression. The dislocation structures, when observed 
in a foil parallel to the primary slip plane (101), are a tangled 
array of dislocations; and it is almost impossible to observe or 
resolve individual dislocations, as shown in Fig. 7. Well-defined 
bands (slip bands) are observed in foils cut perpendicular to the 
primary slip plane (Fig. 8). In the case of low temperature de-
formation, the dislocation density increased in comparison to the 
intermediate and low oxygen content samples deformed to an 
equivalent strain. Again, there was a predominance of screw dis-
locations with a few edge dislocations segments. Also the density 
of dipole loops had increased. 
4. Discussion 

The most significant observation is the predominance of screw 
dislocations in samples deformed at low temperatures independent 
of oxygen content. If the oxygen atoms were the s.r.b. to dis-
location motion, then there should be a higher density of edge 
dislocations then screw dislocations; but this is not the case. 
There may be some screw dislocations due to the presence of super 
jogs. 

There are differences in the dislocation structure due to a 
change in the oxygen concentration. An increase in the oxygen 
concentrations results in a marked increase in the density of 
dipole loops; and there is some evidence of segments of edge 
dislocations in samples deformed at low temperatures. The 
increase in dipole density, with an increase in oxygen concentration, 
can be explained in terms of a cluster or a short range order 
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arrangement (S.R.O.) of interstitial atoms. If a cluster forms, 
then there is a dilatation strain associated with this cluster. 
A torque then can develop on the screw dislocation causing it to 

(13) 
cross slip. This to 
on the cross slip plane; 

(13) cross slip. This torque is due to the following shear stress 

6 y e x z 3 m x g r Q , U ) 
r 

2 where u is the shear modulus, r is the radius of the defect, r = 
2 2 2 
x + y + z and e is the dilataticnal strain of the cluster. 
This is an additional stress on the cross slip plane aiding in 
the cross slip of the screw dislocation; and as a result of the 
double cross slip, we end up with a super jog which then leads to 
a dipole. In order to calculate the additional stress due to the 
cluster it is necessary to estimate^. If it is assumed then the 
cluster of oxygen atoms consists of at least 3 atoms then the 
following energy condition must be satisfied for the cluster to 
exist: 

E302 < { E102
 (2> 

where E3Q is the strain energy of the cluster and E^q is the 
strain energy due to a single oxygen atom. The strain^energy of a 
single oxygen atom is related to the tetragonal strain (Ac), 

(14) 
which = .4* for oxygen in vanadium. The tetragonal strain is 
the difference in strain in two othrogonal directions, so in 
general £ > Ae. A conservative value for e of the cluster would 
be £ciuster = value of stress on the cross slip plane is 
a maximum near the cluster, but at 20b (~ length of a double kink^5^), 2 
the stress is 16 Kg/mm for an e « 1. The density of clusters and 
number of oxygen atoms in the cluster increases with oxygen concen-
tration. Therefore, there would be an increase in the dipole 
density as the oxygen concentration increases. 

Increasing the oxygen content resulted in an increase of the 
density of dislocations, and a large increase in the density of 
secondary dislocations. In the low oxygen content material deformed at 
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low temperatures secondary dislocations are almost non-existent. 
This increase in the presence of secondary dislocations, as a 
result of the increase in the oxygen concentration, is probably 
due to two causes; (1) the grown in dislocations become severely 
locked as the oxygen concentration is increased. These grown 

4 in dislocations then act as stress concentrations so that other 
(3) 

slip systems operate, and they also are the nuclei of tangles , 
(2) the interstitial clusters can also produce results similar 
to those obtained from the locked grown in dislocations. t 

There is strong evidence for the interaction between screw 
dislocations resulting in [010] type dislocations. 

The structure at 300°K is also dependent upon oxygen con-
centration. The structure in the low oxygen concentration samples 
is similar to that observed in Stage I of other body centered 
cubic metals deformed at small effective stresses. An increase 
in the oxygen concentration results in an increase in tangling 
which is similar to that observed in other body centered cubic 

(2 3) 
alloys. ' However, for the higher oxygen concentration, extreme 
tangling takes place and the deformation is confined to well de-
fined slip bands. The reason for tangling could be due to the 
clusters, but the reason for the well-defined slip bands is not 
obvious• 5• Conclusions 

1. The oxygen atoms do not act directly as the s.r.b. to 
dislocation motion irrespective of their concentration. 

2. Dipole density increases with increasing oxygen concen-
tration. This is probably due to the s.r.o. clusters of oxygen 
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4 

atoms which produce torques on the screw dislocation resulting in 
double cross slip. 

3. Secondary slip increases with increasing oxygen concen-
tration due to the locked grown in dislocations and the s.r.o. 
clusters of interstitial oxygen atoms. t 

4. The slip bands are observed in the high oxygen concen-
tration material samples deformed at 300°K. 
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FIGURE CAPTIONS 

Fig. 1. Dislocation Structure in High Purity Vanadium Which 
Contains Less Than 40 ppm 0» and Deformed 4% in 
Tension at 300°K~Orientatioft is [101]. 

Fig. 2. Dislocation Structure in High Purity Vanadium Which 
a&b. Contains Less Than 40 ppm 02 and Deformed 4% in Compression at 123°K-Orientation is [X01]. 

Fig. 3. Dislocation Structure in Vanadium Which Contains 300 
ppm Oj and Deformed 4% in Tension at 123°K-Orientation 
i s I I D 1 3 . 

Fig. 4. Dislocation Structure in Vanadium Which Contains 180 ppm 
a,b&c. 09 and Deformed 4% in Compression at-150°C-0rientation is [101]. 
Fig. 5. Dislocation Structure in Vanadium Which Contains 300 

ppm 02 and Deformed 10% in Compression at 123°K-Orientation is [101]. 
Fig. 6. Dislocation Structure in Vanadium Which Contains 300 

ppm 00 and Deformed 2% in Tension at 123%-Orientation is £10X3. 
Fig. 7. Dislocation Structure in Vanadium Which Contains 1,000 

ppm 00 and Deformed 4% in Tension at 300°K-Orientation 
is II01J. 

Fig. 8. Dislocation Structure in anadium Which Contains 1,000 
ppm O^ and Deformed 4% in Compression at 300°K-
Orientation is [011]. 
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The Effect of Post-Irradiation Annealing 
in Neutron-Irradiated Vanadium-Interstitial Alloys 

D. F. Hasscn and R. J. Arsenault 

Abstract 

Post-irradiation anr^aling at 200°C of vanadium-carbon, 
oxygen and nitrogen alloys results in only limited anneal 
hardening (i.e. the yield stress is increased above the 
irradiation hardening level). Internal friction tests verified 
that the anneal hardening cotild be due to the migration of inter ^ 
stitital during annealing to irradiation produced defects. The 
internal friction tests showed 25-40 percent of the interstitial 
concentration is trapped during irradiation by neutron produced 
defects, and after annealing at 200°C for 120 min. the percentage 
trapped decreased slightly and this value remained constant with 
annealing time beyond 120 min. The post-irradiation annealing 
of vanadium was found to differ from another Group V metal (i.e. 
niobium) which exhibits a continual reduction \n the random 
interstitial concentration with increasing anneal time. 
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The Effect of Post-Irradiation Annealing 
in Neutron-Irradiated Vanadium-Interstitial Alloys 

Introduction 
Neutron irradiation of metals usually causes an increase in 

the yield stress and post-irradiation annealing, generally causes 
the yield stress to return to its pre-irradiated value (i.e. 
recover). The recovery of properties by annealing at a particular 
anneal temperature is usually designated as an "annealing stage" 
e.g. stage III annealing). In f.c.c. metals these annealing stages 
are rather well-defined, and each stage is identified with some 
particular recovery mechanism. In b.c.c. metals, however, the 
stages and recovery mechanism are not the same as for f.c.c. metals, 
and some authors prefer to designate the annealing stage in terms 
of the homologous temperature (e.g. "0.2 Tmp annealing"). The 
latter nomenclature is adopted in this paper. 

In certain b.c.c. metals annealing causes a different phenomenon 
than in irradiated f.c.c. metals; namely, post-irradiation annealing 
causes an additional increase in the yield stress (i.e. anneal 
hardening). Anneal hardening is shown schematically in Figure 1. 
Early results which exhibited this phenomenon are those due to Makin 
and Minter^ in niobium. More recent results on niobium^ and 

(3—8) 
vanadium ' have also exhibited the anneal hardening phenomenon. 
Anneal hardening is attributed to the migration of interstitials 
impurities during annealing to the irradiation produced defect 
clusters which results in a strengthening of the defect clusters as (4) 
barriers to dislocation motion. Smolik and Chen further state 
that the anneal hardening in vanadium is due largely to interstitial 
oxygen. In order to determine whether anneal hardening is due to 
a single interstitial specie (e.g. oxygen) or to other interstitials, 
a mechanical properties study of various vanadium interstitial alloys 
(e.g. V-0, V-C and V-N) has been performed. In addition, post-
irradiation annealing internal friction studies were performed in 
order to determine whether the interstitials migrate to the defect 
clusters during annealing. 
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Experimental Procedure 
Sample Preparation. 

The method of producing low interstitial content polycrystalline 
(9) 

and single crystal compression sample has been described elsewhere. 
In order to obtain various levels and types of interstitials a low 
pressure gas charging technique was employed. The single crystal 
or polycrystalline rods after being ground into cylinders but prior 
to cutting in sample lengths were etched in HF-HNO^ and then placed 
in an electron beam furnace. They were first annealed for ~ 1 hr. 

_ g 

at 1000°C at pressures of < 10 torr. Then the appropriate gas 
was admitted to the furnace at a pressure of 1 x 10*"̂  to 5 x 
torr depending upon the interstitial level desired; i.e. the 
higher the level the higher pressure so that the charging could be 
accomplished in reasonable times, i.e. < 8 hrs. The gases used 
were ammonia for nitrogen charge, nitrogen gas was tried but the 
charging rate was very slow. For an increased carbon content 
acetylene was used. Methane was tried but again, almost zero 
increase in carbon due to the presence of methane. The concen-
trations of interstitials in the samples used are given in Table X. Most of the specimens were then irradiated in the ORR facility 

19 of the Oak Ridge National Laboratory to a fluence of 1.6 x 10 
o 

n/cm with 1 MeV neutrons at a temperature of 60-80°C, the samples 
were in direct contact with the reactor cooling water. A few 
samples of each interstitial type were not irradiated, and served 
as controls. 

Most of the wires for the internal friction tests were obtained 
commercially. Seme wire was obtained by swaging arc-melted rod or 
high purity single crystal compression specimens to the proper wire 
size. The wires were annealed and doped in a manner similar to the 
compression samples. The interstitial levels and sample desio"ations 
for the wires are given in Table II. Most of the wires were 
irradiated in a manner similar to the compression specimens. A 18 2 few wires were irradiated to fluencesof 1.6 x 10 n/cm and 1.6 x 

20 2 10 n/cm . In addition, a niobium wire was irradiated under the 
18 2 same conditions to a fluence of 1.6 x 10 n/cm . 
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Test Techniques 
The initial procedure used to determine anneal hardening was 

to take a given group of samples of the same interstitial variety 
and content and divide it in half. One half of the group was 
annealed at 200°C (i.e « .2 Tmp) for 2 hrs. and tested at ambient 
temperature. The other half of this same group was tested at 
ambient temperature without the prior anneal. The difference in 
yield stress between the halves of the group was the anneal harden-
ing. However, the scatter within one half of the group, either 
annealed or non-annealed half, was greater than the anneal harden-
ing. Consequently, another technique was employed. This technique 
involves testing an irradiated specimen to determine its irradiated 
yield stress and then to anneal this same sample at the selected 
anneal temperature for a chosen time (i.e, at 200°C for 2 hrs., 
respectively). After the anneal, the same specimen is retested, 
and its annealed yield stress is determined. In latter discussion 
of experimental results the first technique is defined as the sep-
arate technique and the second is defined as the incremental 
technique. 

The anneal hardening can be defined as a percentage of anneal 
hardening which is defined by the following relation: 

T — F 
Percentage anneal hardening = . YI R R + A n n yI R R

 x 100 (1) Tylrr 
where TyIRR + A n n is the irradiated plus annealed specimen yield 
stress which is corrected for work hardening and t I R R is the 
irradiated yield stress of the same specimen. Also the anneal 
hardening is simply defined as AxplA = tyI r r + A n n- tyIRR. Most 
of the tests were performed at room temperature with some tests at 
lower temperatures. 

The internal friction tests at low frequencies (one hertz 
range) consisted of two parts; one, determination of the unirradiated 
Snoek peak height of the specimens; and two, the determination of 
the Snoek peak height variation with time for the same specimens at 
the Snoek peak temperature. Details of the apparatus and tests 

(8) method are described by Hasson elsewhere. 
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Results and Discussion 
Before proceeding to the results on anneal hardening it is 

interesting to make some observations on radiation hardening in 
vanadium. Also, prior to considering these results it is necessary 
to consider the fact that the yield stress should be divided into fwo 
components; i.e. the effective stress T* and the athermal component 
(t^). This paper will only consider the effect of neutron ir-
radiation and post-irradiation annealing on t^. The increments 
in the yield stress due to radiation hardening versus interstitial 
concentration are given in Figure 2. Some of the data on this plot 

(3\ /g\ 
are from the investigations of Arsenaultv/ and Arsenault and Pink. ' 
The increase in t due to radiation damage1alone is very small due r* 

to the fact that for very low interstitial concentration samples 
AT is small (Fig. 2). The radiation hardening appears to be very r* 

dependent on the interstitial concentration up to about 800 wt-ppm. 
This variation indicates that an interaction between the radiation 
damage and the interstitials occurs which must strengthen the radi-
ation defects. Beyond 800 wt-ppm interstitial concentration the 
interstitial radiation damage interaction appears to be saturated, 
and thus no further strengthening is observed. Strengthening by 
radiation damage in vanadium, therefore, is very dependent on 
interstitial concentration and the intrinsic neutron produced de-
fects by themselves produce very little hardening. 

Post-irradiation anneal hardening is illustrated in Fig. 3 
by the change in yield stress between the an irradiated samples 
and a sample which was annealed 2 hrs. at 200°C after irradiation 
prior to testing at 293°K. The data shown in Fig. 3 indicates that 2 
the change in the yield stress due to irradiation is - 9.5 Kg/mm , 
whereas, the change in the yield stress due to post-irradiation 
annealing is - 1.5 Kg/mm . The difference in the yield stress 
between the irradiated and post-irradiation annealed samples was 
minus one at a test temperature of 123°K (Fig. 3). 

A summary of results obtained by the incremental technique 
of the percentage anneal hardening at 200 and 293°K for the 
various high interstital-vanadium alloys is given in Table III for 
200°C, 2 hr. anneals. Anneal hardening occurs in all alloys (i.e. 
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V-HiO, V-HiN and V-HiC). Annealing the V-HiN alloy at 300°C where 
interstitial nitrogen should be more mobile hardly affects the 
results at 293PK. This indicates that nitrogen does not signi-
ficantly contribute to anneal hardening. The percentage of anneal 
hardening appears to be largest for the vanadium-carbon alloy, but 
this may be masked by the fact that the amount of carbon added to 
the alloy exceeds the carbon solubility ̂ ^ , and the alloy contains 
a significant amount of oxygen. It appears that carbon and oxygen 
are the major contributions to post-irradiation anneal hardening. 
A comparison of the percentage of anneal hardening for vanadium 
and niobium shows that the percentage of anneal hardening in 
vanadium is considerably less^"^. If the present results for 
V-HiC for percentage of anneal hardening at 293°K for various 
annealing temperatures of the V-HiC alloy are compared with the 
results of Smidt^ and Venetch et al. ̂  on similar material in 
Table IV, the results show good agreement. 

However, if the difference in stress between , , and IRR + Ann 
TIRR co*13^61"®^ a s a function of interstitial 
concentration, then the increment tests indicate that is 
small, i.e. less than 1 Kg/mm^ and also independent of interstitial 

(7) 
concentrations (Fig. 4). The data obtained by Mcllwain et al. 
also show that At̂.,., is independent of interstitial concentration 
(Fig. 4). Venetch et al.'s1 ' results, however, cio not follow the 
trend, but their specimens contained a large amount of oxygen, 
nitrogen, and carbon. 

In Fig. 4 are also plotted the results of separate tests, and 
as previously mentioned there is a significant amount of scatter 
in the data. 

If the incremental tests are considered then it appears that 
the migration of oxygen and/or carbon to the neutron produced defects 
is not the mechanism of post-irradiation anneal hardening. However, 
there are two possible ways in which the oxygen migration could 
still be mechanism of post-irradiation anneal hardening: 1. The 
neutron produced defects become saturated with an extremely small 
amount of oxygen. 2. Trapping and detrapping occur at equal rates 
and the amount of oxygen required to saturate the neutron produced 
defects is very small. These two possibilities do not seem likely 
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due to the fact that the as irradiated yield stress is a strong 
function of the oxygen concentration/ which would indicate that 
a significant amount of oxygen is required for saturation of the 
neutron produced defects. 

The increment in the yield stress due to post-irradiation 
annealing for niobium^ ' ̂  ' ̂ ^ and iron^ are also shown in 
Figure 4. At low interstitial concentrations the increment is 
insensitive to concentration as is true for vanadium. Only the 
very high oxygen concentration result of Makin and Minter^ , who 
did not report the concentration of carbon and nitrogen present, 
show a substantial increase in It appears that the inter-
stitial migration mechanism in niobium might also be questioned. 

< The post-irradiation annealing internal friction results for 
samples doped with oxygen are shown in Figure 5 along with results 

(13) 
for niobium of Williams et al. . Williams et al.'s niobium 
result was verified in this investigation. Samples with exactly 
the same oxygen content as sample SN 26 (Fig. 5) were irradiated 18 20 2 to fluences of 1.6 x 10 to 1.6 x 10 n/cm , and results obtained from these samples were identical to those obtained from SN 26. 

The internal friction results indicate that only a small 
amount of oxygen is trapped by neutron produced defect during the 
post-irradiation anneal. The maximum case as shown in Fig. 5 is 
a reduction in random interstitial oxygen by 10%, whereas, during 
the irradiation the interstitial oxygen is reduced by 25-40%. 
After post-irradiation annealing for ~ 2 hrs. for all cases the 
amount of oxygen trapped by the neutron produced defects remains 
constant, and almost independent of the amount of oxygen which was 

(14) 
in the wire (Fig. 5). Stanley et al. ' have also shown in the 
case of vanadium that after ~ 2 hrs. the amount of oxygen trapped 
by neutron produced defects is ~ 40% and no further trapping occurs. 
In addition, results on samples doped wi,th oxygen exactly similar 
to the results for SN 26 in Fig. 4 which were also irradiated to 18 20 2 fluences of 1.6 x 10 and 1.6 x 10 n/cm showe.d no effect of 
fluence. The small reduction in the interstitial concentration due 
to post-irradiation annealing indicates that there is migration of 
the interstitials to the irradiation produced defect clusters, and 
this result could correlate with the observed small post-irradiation 
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anneal hardening. From activation energy measurements Stanely et 
al. ̂ ^ indicates that the interstitials which migrate to the 
irradiation defects are oxygen and carbon, while Perepezko et al. ̂ ^ 
concluded that the anneal state is due to the annihilation of some 
species of lattice point defect. The work of Perepezko et al. is 
questionable since their samples contained in addition to high 
nitrogen and oxygen concentrations, 2200 ppm atomic carbon which 
exceeds the solubility limit of carbon in vanadium ̂ ^ . The high 
carbon concentration probably affected the annealing kinetics. 
Since anneal hardening is exhibited in both vanadium-oxygen and 
vanadium-carbon alloys, this supports the conclusion that oxygen 
and carbon are the migrating species during annealing. 

A comparison of the vanadium and niobium results \n Fig. 5, 
however, indicate that the post-irradiation annealing differs in 
the two Group V metals. While trapping occurs continuously in 
niobium, the break in the vanadium curve indicates that trapping 
and detrapping occur at about 120 minutes. The annealing behavior 
of interstitials in niobium and vanadium, therefore, is different. 
Beyond 120 minutes no more interstitials migrate to radiation pro-
duced defects and hence more interstitials cannot contribute to 
the anneal hardening. The percentage of trapped interstitials is 
40% for vanadium, and this value is almost constant for the di.. tiping 
values shown in Fig. 5. This result is further illustrated in Fig. 

(17) 
6 along with results due to Williams et al. for vanadium-oxygen 
alloys. The damping values in Fig. 6 can be converted to atomic 
percent oxygen by the relaxation strength per atomic percent value 
of 0.168^^. The difference in the percentage of trapping and the 
continuous trapping which occurs in niobium could explain the signi-
ficant difference in the percentage of anneal hardening in niobium 
and vanadium. (7) Recent internal friction results of Mcliwain et al. differ 

(14) from the present results and those due to Stanley et al. 
Mcliwain et al.'s results for specimens irradiated at 83°K to a 

18 2 
fluence of 2.7 x 10 n/cm showed that the percentage of inter-
stitial trapped for low interstitial oxygen (255 atomic ppm) 
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continuously decreased as in niobium. After one- day of annealing 
all the interstitials were removed from random solution. The 
results for higher oxygen concentrations (636 and 2545 atomic ppm) 
were somewhat similar to the present results. The percentage inter-
stitials trapped at 120 minutes were 22 and 14 percent for the 
636 and 2545 oxygen atomic ppm, respectively. Although the present 

1 8 2 
results did not show a fluence dependence above 10 n/cp ihe 
difference in Mcllwain et al. 's intermediate and high oxygen con-
centration results and the present results might be attributed to 
their lower fluence and lower irradiation temperature. On the 
other hand, this conclusion is negated by their low oxygen concen-
tration results. i 
Summary 

An investigation of the effect of interstitial concentration 
on the as irradiated yield stress was undertaken. Also the changes 
in yield stress and internal friction tests were utilized to study 
post-irradiation annealing at 200°C (i.e. - 0.2 T^ ) in neutron 
irradiatied interstitial vanadium alloys. The results show that: 

1. The as irradiated yield stress increases from 2 to 10 Kg/' 
2 

mm due to an increase interstitial concentration from 40 
wt-ppm to 1400 wt-ppm. 
2. Post-irradiation anneal hardening is observed, but results 
indicate that magnitude of the hardening is independent of the 
interstitial concentration. 
3. The internal friction results indicate that during the 
irradiation from 25-40% of oxygen content is trapped by the 
neutron produced defects. 
4. The amount of oxygen trap by post-irradiation annealing at 
200°C is small, i.e. a maximum of 10%, and this is all trapped 
in the initial 120 minutes of the anneal. Annealing for 
larger times results in no further reduction of random oxygen 
concentration i.e. no more trapping. 
5. These results tend to indicate that the post-irradiation 
anneal hardening is due to some intrinsic defect migration. 
6. The mechanism for trapping of interstitials by irradiation 
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produced defects in vanadium differs from that in niobium. 
The mechanism is different because after 120 minutes of 
annealing at the Snoek peak temperature the percentage of 
interstitials trapped in vanadium becomes constant while 
further trapping occurs in niobium. The increased trapping 
in niobium might explain the larger percentage of anneal 
hardening in niobium. * 
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Table I 
Interstitial Level in Compression Specimens 

Designation Type Interstitial Level 
wt-ppm Remarks 

V-HiO 
V-HiN 
V-HiC 

Low Oxygen 
Intermediate 
Oxygen 

High Oxygen 

Polyxstal 
it 

Single Xstal 
ii 

n 

it 

ii 

1380 
754 
766 

40-60 

372 
14 81 

with 315 ppm, atomic 
of oxygen 

Table II 
Interstitial Level in Internal Friction Specimens 

Designation Interstitial Level/ ppm Atomic 
0 C N 

MRC - high N 285 316 
SNF-1, SNF-6* 219 381 44 
SN26, SN55, SN64, SN34A 
(also MRC V#l) 557 305 83 

Pink-oxidized* 500 
DAS-V-3* 8330 

* Material obtained from H. Beale, E. Pink and G 
DAS-V03 material was doped for present study. 

Das, respectively 
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Table III 
Summary of Percentage of Anneal Hardening 

For 200°C and 2 Hour Anneal of Polycrystalline Specimens 

Percent Anneal Hardening 
Type Specimen 200°K i 293CK 

Hi-0 0.63 & 6.12 1.33 & 4.47 
Hi-N 1.65 & 4.12 1.88 & 1.90 
Hi-C - 7.69 
Hi-N* 12.35 3.02 

* For 300°C and 2 hour anneal 

Table IV 

Percentage of Anneal Hardening at T = 293°K 

Anneal Temp.,°C DPH (1) 0.2% Offset Yield (2) Lower Yield (3) 

100 
200 
300 

0 

16.9 
17.7 

3.4 
14.2 
10.0 

12.6 
21.4 

(1) F. Smidt (5), T_ = 2H; Fluence = 1 x 1019 (1 MeV) Ann 
(6) TJ (2) J. Venetch, A. A. Johnson, and K. Mukherjeevw/, T_ = 1 ; 

18 * Fluence = 1 x 10 (epithermal) 
(3) Present TAnn = 2H; Fluence = 1.6 x 1019 (1 MeV) for V-HiC. 
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4 

FIG. I - schematic of effect of anneal hardening 
on yield stress (Y.S.) 
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Introduction 

In 1951 researchers with Blewitt's group^"^ at'the Oak Ridge National 

Laboratory, U.S.A. reported that fast neutron irradiation of copper produced 

an order of magnitude increase in the yield stress. This observation of neutron 

irradiation strengthening led to intensive fundamental investigations at a num-

ber of laboratories. Despite the numerous observations made in the last twenty 
4 

years, there is still no universally agreed upon mechanism to explain the neu-

tron irradiation strengthening. Generally, however, it is agreed that irradia-

tion produces defects which act as barriers to dislocation motion, and hence 

cause the strengthening. Recent reviews of these investigations are provided 
(2} 1 C 3) by Koppenaal and Arsenault for face-centered-cubic (fee) metals, by Bement 

(4) 
for hexagonal close packed (hep) metals, and by Nihoul for body-centsred-

cubic (bcc) metals. Since early and present day nuclear reactors utilize many 

austenitic stainless steel components, the research emphasis to date has been 

on fee metals and alloys. Sevaral excellent publications which summarize this 
(5) 

research have been prepared by the American Society for Testing and Materials 

The development of the fast breeder reactor by the United States Atomic 

Energy Commission (USAEC) has initiated new materials requirements. The need 

is for thin-wall, small-diameter tubing for fuel cladding which must withstand 

a reactor environment of temperatures to 800°C, strains to 3 percent, and a 

total fluence up to 3 x nvt for a period of three years. The USAEC has 

selected three categories of materials: (l) as a reference material, 316 stain-

less steels (2) vanadium-base and niobium-base alloys as a backup, and (3) for 

the future, molybdenum-base alloys and tungsten-base alloys. There are several 

problems, however, associated with the required development; namely, uniform 

and consistent quality heats of the metals, vendor qualification, in situ non-

destructive testing, and compatibility with high temperature sodium environment. 

In addition to these problems, a major difficulty is associated with radiation 

damage. This difficulty is compounded by the lack of understanding of the 
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nature of radiation damage, and the inability to run in situ tests in the 

very limited number of test spaces available in fast reactors. The approach 

of the USAEC is to concentrate the radiation damage studies on a few materials 

such as those mentioned previously, and to perform an in-depth Jtudy of these 

materials. This approach is expected to provide a better understanding of the 

fundamental nature of irradiation damage and the means to resist the damage. 

A simplified approach to radiation damage mechanisms points to three types of 

damage related to service temperature: displacement damage (<400°C), swelling 

or void formation (400 to 650°C), and helium embrittlement (>600°C). Our 

presentation will deal primarily with displacement damage. 

Neutron irradiation of metals as pointed out previously causes an in-

crease in the yield stress, while in general post-irradiation annealing causes 

the yield stress to return to its preirradiated value. The recovery of proper-

ties such as the yield stress at an anneal temperature of about 0.2 the melting 

point in fee metals has been designated as "Stage III annealing". Tni? same 

criteria has been adopted analogously for bcc metals. In certain bcc metals, 

however, post-irradiation annealing causes a further increase in the yield 

stress (designated as "anneal hardening"). Anneal hardening is demonstrated in 

Figure 1. A comparison of the unirradiated specimen and the irradiated specimen 

shows the increase is due to irradiation (i.e., "radiation hardening"). If the 

tested irradiated specimen is then annealed at the proper temperature„ a fur-

ther increment in the yield stress is observed (i.e., "anneal hardening"). This 
(6) phenomenon was first observed by Makin and Minter in irradiated niobium. Our 

» 

presentation will cover more recent post-irradiation anneal results on niobium 

and the other proposed refractory metals; namely, vanadium, molybdenum and 

tungsten. First, we will present a brief discussion on how defects are produced 

by neutron irradiation. Also, the usual arrangements of the defects will be 

presented. A brief discussion will be given of various experimental approaches. 

• - .. . , ' , t . • • •• • •• -- »-•-•»-•• • , , -,. . ,. 1.T • _- ... _ _ «• \ * •• ' ' ' " 1 
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Next, the presently available results will be presented. Finally, a discussion 

of the results and the proposed mechanism which is responsible for anneal hard-

ening will be presented. 

Nature of Neutron Produced Defects 

In establishing the nature of defects created by neutron irradiation, 
4 

five considerations are necessary: first, what is the probability of a neutron 

to interact with a given atom (nucleus); second, what amount of energy does 

the neutron transfer to the atom; third, is the amount of energy transferred 

to the primary knock-on atom sufficient to displace this atom from its normal 

lattice site; fourth, how many atoms can be displaced by the primary knock-on 

atom; and fifth, what is the configuration of the defects created by multiple 

displacements ? 

The details required to answer all of these questions are beyond the 

scope of this paper, and they are given elsewhere(2). In s u « r , . however, 

the answer to the first four questions are as follows: first, there is a 

finite probability which depends on the atomic cross section for neutrons to 

interact with the atoms; second, assuming classical physics and isotropic 

scattering there is a finite energy transfer from the neutron to a primary atom 

(e.g. for a 2 MeV neutron about 70 x 103eV is transferred to a copper atom); 

third, the calculated and experimental displacement energy is greater than the 

energy to form a vacancy-interstitial pair; and fourth, the primary displaced 

atom has more than sufficient energy to produce other displaced atoms with 

the excess energy which is dissipated as heat. The fifth consideration, the 

arrangement of defects within the damaged region, was originally treated by 

Brinkman • Brinkman presented the concept of a cascade which he defined as 

a "displacement spike". The basis of the "displacement spike" is a thermal 

spike; i.e. a small volume is heated to a high temperature well above the melt-

ing point. The permanent effect is the rearrangement of atoms on their lattice 
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sites. A "displacement spike" is shown schematically in Figure 2. This 

figure illustrates interstitials (i.e. atoms between normal atom sites) and 

vacancies (i.e. the absence of atoms from normal sites). For example, trans-

mission electron microscopy of the irradiated bcc metal vanadium has demon-

strated the presence of small defect clusters which upon annealing grow into 

resolvable dislocation loops which have been proposed to be interstitial in 

nature^ . 

Experimental Techniques 

The experimental techniques most often employed in post-irradiation 

annealing studies are yield strength tests, hardness tests, change in re-

sistivity, and internal friction (damping) tests. These test techniques will 

be described briefly in the following paragraphs. General specimen prepara-

tion is also described in the next paragraph. 

Since the research to date on the bcc metals has not dealt with alloys, 

the emphasis has been on the production of "pure" metals. Sophisticated high 

vacuum (less than 10"8 Torr) or inert gas arc melting has been employed to 

produce specimen ingots- The specimens are then cold swaged to a cylindrical 

cross section, cut into samples, and annealed in high vacuum. Sometimes single 

crystals are also grown in high vacuum. Wires for the resistivity and internal 

friction.tests are usually prepared by cold swaging material from these same 

ingots. In order to study the effects of interstitial impurities the above 

samples are oftentimes doped to various interstitial concentrations. This is 

usually accomplished by heating the specimens to about 0.9 of their melting 

point in a vacuum, and then introducing a partial pressure of the desired 

interstitial (e.g. oxygen, ammonia for nitrogen, and methane for carbon). 

Samples to be irradiated are placed in a suitable container, usually a commer-

cially pure aluminum tube, and sent to a high flux reactor (10llf n/cm2 sec 

fast neutrons of 1 MeV or greater energy) for irradiation. Although some of 
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the properties of the metals to be discussed later are fluence dependent, 

most of the metals saturate at a fluence of 1 0 n / c m 2 . Most of the results 

to be described are for a fluence of 1.6 x 191S n/cm2 at a temperature of 50 

to 100°C. 

The yield strengths are determined by tension or compression tests, 

using a machine such as c-n Instron Universal Tester. They are first measured 

on unirradiated specimens and then on irradiated specimens, usually at room 

temperature. The test is allowed to run to about one percent plastic strain. 

The specimens are then removed and annealed at various temperatures. These 

temperatures cover a range from about 100°C to a temperature at which complete 

recovery to the unirradiated value occurs (e.g. about 750°C for vanadium). 

The anneal time was two hours. These same samples are then tested again, and 

the yield strength measured. These values of yield strength are corrected for 

any work hardening which occurred in the original test. The results of these 

yield strength tests are illustrated schematically in Figure 1. 

Hardness measurements are directly analogous to yield strength measure-

ments , and thus, the same procedure is followed basically. The type of hard-

ness test usually employed is the diamond pyramid microhardness. Separate 

samples or areas of the same sample, however, are used for the. hardness test 

after the various anneal treatments. 

Resistivity measurements are performed to determine the activation 

energy of an annealing process. The resistivity measurements are made in 

liquid helium (4.2°k). At this temperature some of the metals of interest 

(e.g. niobium and vanadium) must be tested in a magnetic field in order to 

avoid superconductivity effects. The annealing procedure consists of an 

isothermal anneal, and measurements are made as a function of time for one 

hour. Following the one hour period the anneal temperature is changed abruptly 

to the next higher value. From the change in slope of the resistivity-time 
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curve at the time of change in temperature, the activation energy for the 

annealing process can be calculated. This activation energy can be compared 

to energies associated with various processes, and the annealing process can 

be identified (e.g. interstitial-vacancy annihilation, interstitial migration, 

etc.). 

Internal friction studies of the post-irradiation behavior can yield 

information on the magnitude of trapping of interstitials by the radiation 

produced defects. The damping (Snoek peak height) is measured for the unir-

radiated sample. After it is irradiated,the sample is heated rapidly to the 

Snoek peak temperature; then the Snoek peak height is measured versus time. 

The time variation of the Snoek peak height,or more usually the ratio of the 

irradiated value to the unirradiated value, provides an indication of the amount 

of interstitials trapped by the radiation damage (i.e. a decrease in the ratio 

indicates trapping). For further details of the experimental procedure the 

work of Hasson(9) may be consumed. 

Results and Discussion 

Before proceeding into the results and discussion some claryifying re-

marks are required. The results to be presented are based on yield stress 

measurements performed at room temperature after the specimens have been 

annealed at a particular anneal temperature for at least one hour. The re-

sultant measurements at the various anneal temperatures are converted to a 

percentage of anneal hardening from the following formula: specifically, per-

centage anneal hardening equals the ratio of the difference between the post-

irradiation anneal yield stress and the irradiated yield stress to the irradia-

ted yield stress. The variation in percentage anneal hardening versus anneal 

temperature is given in Figure 3 for vanadium, niobium and molybdenum. Note 

that all values shown are positive, and positive values indicate anneal harden-

ing. The general shape of the curves should be interpreted as follows: first, 
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for anneal temperatures just above the irradiation temperature anneal harden-

ing does not occur; second, as the anneal temperature is increased the percent-

age anneal hardening reaches a maximum; third, the percentage anneal hardening 

decreases at higher anneal temperature until at some temperature anneal harden-

ing would not occur (i.e. zero percentage annual hardening); and fourth, beyond 

zero percentage anneal hardening at still higher anneal temperatures (not 

shown in Figure 3) recovery occurs (i.e. the radiation damage is annealed out 

and the yield stress would return to the unirradiated value). The results for 

the Group V metals, vanadium and niobium, and the Group VI metals, molybdenum 
< 

and tungsten, are presented in the following paragraphs. Comparative observa-

tions are also made of metals from the same group. 

Vanadium 
( 0 } 

The results of Venetch et al. %J" ' for vanadium in Figure 3 indicate 

that irradiated vanadium upon post-irradiation annealing exhibits anneal hard-

ening. Although not shown in Figure 3, recovery occurs for an anneal tempera-

ture of about 700°C. The percentage of anneal hardening peaks at about 200°C. 

Microhardness results of Smidt^"^ for post-irradiation annealing correlate 

very well with the yield stress results shown in Figure 3. The temperature 

range of 180 - 200°C of the anneal hardening peak is also the temperature range 

where interstitial oxygen and carbon migrates. Hasson's post-irradiation (9) 
anneal internal friction results indicate that about 40 percent of oxygen 

interstitials are trapped at an anneal temperature of 200°C. Subsequent an-

nealing for more than two tours, however, does not result in further trapping 
% 

(i.e. the 40 percent trapping value stays constant). Other post-irradiation 

anneal internal friction and resistivity measurements^^ agree with our mea-

surements. Activation energies derived from the resistivity measurements in-

dicate that the migrating species are interstitial oxygen and carbon. It has 

been concluded that the interstitials migrate to radiation produced defects 
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and strengthen the radiation produced defects as barriers to dislocation 

motion. The strengthening of the radiation produced defects by annealing, 

therefore, is responsible for the anneal hardening. We performed post-irradia-

tion annealing yield stress measurements on vanadium-oxygen, vanadium-carbon, 

and vanadium-interstitial alloys. The interstitial concentrations were high 
4 

(i.e. in excess of 2000 ppm-atomic) for all three alloys. Our results are 

also shown in Figure 3 by the symbols. Carbon is apparently the major con-

tributor to the anneal hardening peak; oxygen contributes a significant role; 

and nitrogen plays a lesser role. t 
Niobium 

(6) 

The niobium results of Makin and Minter which can be seen in Figure 

3 also exhibit anneal hardening, and apparently to a greater extent than vana-

dium. These results correlate very well in magnitude with the results of 
(13) (13) Ohr et al. . Ohr et al. » however, found two hardening peaks: one at 

200°C which they attributed to oxygen and one at 300°C which they attributed 

to carbon. Post-irradiation anneal internal friction and resistivity results 
(1*0 

of Williams et al. show that interstitials are trapped during annealing 

and that the migrating species are the interstitial. The niobium results, 

therefore, have the same characteristics as the results for vanadium and the 

mechanism for anneal hardening is the same. There is, however, one signifi-

cant difference and it is that the post-irradiation anneal internal friction 

results show that interstitials are continually trapped during the anneal (i.e 

as anneal time increases the interstitial concentration continues to decrease) 

The migration of interstitials in irradiated niobium, therefore, differs from 

vanadium. The exact details aren't presently understood. The greater per-

centage of interstitial trapping which occurs in niobium also might explain 

why the percentage of anneal hardening is so much higher than for vanadium. 
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Molybdenum 
(15) From the work of Wronski and Johnson molybdenum also exhibits 

anneal hardening as shown in Figure 3. These results correlate very well with 

microhardness measurements by Moteff and co-workers which are reported in 

"Radiation Effects"^1^. Again, the migration of interstitials to radiation 
i 

produced defects was concluded to be the cause of anneal hardening. Inter-

stitial solubility in molybdenum (and also tungsten), however, is very small. 
(4) Consequently, some authors (e.g. Nihoul ) question whether anneal hardening 

can solely be attributed to the interstitial effect. 
* 

Tungsten 

Moteff in "Radiation Effects states that anneal hardening also 

occurs in post-irradiated tungsten. Details of tne work of Kcteff and co-

workers in the open literature, however, were difficult to find at this time. 

Conclusions 

Annealing of neutron irradiated refractory metals can cause a strength-

ening (e.g. increase in the yield stress) which peaks at a particular annealing 

temperature; this phenomenon has been designated as "anneal hardening". Anneal 

hardening is exhibited in vanadium, niobium, molybdenum and tungsten, all with 

some impurity interstitial concentrations. Post-irradiation annealing internal 

friction and resistivity experiments at annealing temperature for maximum anneal 

hardening have shown that interstitial impurities are the migrating species. 

It has been concluded by other investigators and we agree, that the anneal hard-

ening is due to the migration of the interstitials to radiation produced de-

fects which strengthens the defects as barriers to dislocation motion. 

Although the Group V metals, vanadium and niobium, exhibit anneal harden-

ing the annealing mechanism must be somewhat different. This difference is 

illustrated by the fact that the amount of trapping of interstitials by the 

radiation produced defects saturates at about 40 percent in vanadium; while 
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trapping continues in niobium. An explanation, however, of the different 

behavior in the two Group V metals is presently not available. A study of the 

different trapping behavior of the two metals could be the basis for future 

basic radiation damage research. 

4 
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' STRAIN 

FIG. I - schematic of effect of anneal hardening 
on yield stress (Y.S.) 
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Abstract 

The kinetics of thermally activated dislocation motion 
through an array of short range barriers (s.r.b.) has been deter-
mined analytically by making several simplifying assumptions. In 
order to determine the kinetics of dislocation through a< random 
array, a numerical solution is required, A computer simulation 
of thermally activated motion of a dislocation through a random 
array of obstacles was performed. The results obtained were 
dependent upon several boundary conditions? but by far the most 
important and difficult to satisfy (in terms of computer time) was 
the condition of steady state velocity of the dislocation. After 
satisfying tnis boundary condition?it was possible to obtain a 
relationship between stress (T)* and temperature (T) , activation 
enthalpy (£H) and T*, and activation volume (v*) and T*. At best, 
the analytical solutions are only approximations to the numerical 
results. In some cases there was good agreement between the 
numerical and analytical resultsi e.g., the numerically determined 
ZHq at T* - 0 is 2.45 f .05 eV; whereas, the analytically deter-
mined AGq at T* = 0 is 2.41 eV. .Also, the numerically determined 
value of H is not a function of temperature at constant stress. 

— 8 
The average jump distance (h) is very small, i.e. h - 6.2 x 10 
cm for a s.r.b. concentration of 143 ppm. The value of h is much 
smaller then the mean s.r.b. spacing 
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I. Introduction 
The primary purposes of fundamental investigations of plastic 

deformation are to determine the barrier to dislocation motion and 
the mechanism by which the dislocation overcomes the barrier. The 
procedure which is generally followed is to first measure the 
activation parameters (i.e. activation enthaly ZH, activation area 
A, and the appropriate Gibbs free energy ZG). These experimentally 
determined activation parameters are then compared with the theor-
etically predicted values for a purpose mechanism. There are several 
theoretical, analytical analyses for dislocation motion through an 
array of short range barriers. The most explicit one is that 
developed by Fleischer ̂  and later modified by Gibbs Implicite 
in all of these treatments is the fact that the s.r.b. array is 

(3) 
reqular or square. Argon has developed an analytical treatment 
which takes into account a random array, but it was assumed that the 
dislocation remained as a straight line as it mover across the slip 
plane. The result of this analysis is a modification of the 

(4) Friedel analysis of determining segment lengths between points 
of contact. This in turn could be considered as a modification of 
the Fleischer analysis also. 

The critical stress required to move a dislocation through 
a random array of short range barriers (s.r.b.) at absolute zero 
temperature has been determined by Kocks^5'^ and Forman and 

(7) 
Makin . They observed that the stress required is less than 
that required to move a dislocation through a square array of the 
same concentration of s.r.b. Also, it was noted that the dis-
location frequently moves by an "unzipping" mechanism; i.e., a 
lateral or sideways motion of the dislocation. Dorn et al. 1 

also investigated the motion or the configuration of a dislocation as it moved through a random array and again proved that "unzipping" 
(9) 

does occur. Das, Guraraj and Richman ' have determined that "un-
zipping" also occurs if there is a viscous drag present. Recently, Frost and Ashby^10^ have investigated the motion of 
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a dislocation through a square array of s.r.b. which have a square 
force distance profile. They assumed a probability function which 
was dependent upon temperature for the time necessary to overcome 
the barrier during the time the dislocation was bowing out between 
the s.r.b.. Once the dislocation had attained the equilibrium 
position, the dislocation jumped the s.r.b. They were thus able 
to determine the conditions necessary for the motion of the dis-
location at the drag velocity. They were not directly concerned 
with a configuration of the dislocation as it moved through the 
array. This analysis could be considered as a quasi-thermally 
activated motion of the dislocation. 

The main purpose of our investigation 's to determine 
whether the previous analytical treatment are realistic approxi-
mations of the random array case. Ano*\er purpose is to deter-
mine if there is a synergistic effect oetween s.r.b. of 
different strengths. 

II. Procedure 
A random distribution of s.r.b. was placed on a plane, i.e. 

the slip plane; and the internal stress was assumed to be zero. 
The minimum separation between s.r.b. was lb. There were two 
different force distance profiles assumed or used for the s.r.b. 
One of the force distance profiles (Pig. 1) used was that obtained by 

(2) Gibbs* ' as follows: 
F(y) = F {(y/b)2 + (1//2) (y/b) -1) (1) 

° < ( y / b r + 
2 where F = Aeyb /3.86, Ae is the tetragonal strain, y the shear 

11 2 modulus, and the value of y for vanadium is 4.67 x 10 dynes/cm 
was used and b is the Burgers vector and the value of b for vanadium 

— 8 

is 2.63 x 10 cm was used. This force distance relationship is zero 
at y = However, thermal fluctuations cannot occur over distances 
greater than 10b, so a cut off of 10b was assumed. The second force 
distance diagram used was a delta function where the integrated 
area under the delta function is equal to the integrated area given 
by eqn. 1, and the maximum force of the delta function is equal again 
to the maximum force defined by eqn. 1. 



158 

Initially, a dislocation enters onto the slip plane and moves 
at a drag velocity defined by the following equation: 

vD = B T (2) 
where B is a drag coefficient and T is the applied stress. Since 
the long range internal stress is zero, T = T* (the effective 
stress). When the dislocation makes contact with the s.r.b., a 

(7) ' force balance is determined by the following equation : 
yb2 cos | = F (y) (3) 

where <{> is the included angle about the s.r.b.; and it is assumed 
o 

that the line tension is yb /2, and F(y) is defined by eqn. 1 or 
by the delta function. The bow out between the initial points of 
contact occurs as a circular arc and is defined as follows: R = 
yb/2-r. When the dislocation is bowing out, a search is made to 
determine if contact is made with othĉ r s.r.b. If contact is 
made, then a new force balance has to be obtained at each point cf 
contact with a s.r.b. Then, again, the dislocation bows out be-
tween each s.r.b. where contact is made; and once more a search is 
made. This process is continued until an equilibrium force balance 
is obtained. The position of equilibrium is defined as Z (Fig. 1), 
and the other position of force equilibrium is defined as Z^. 
When the delta function is used to define the force distance diagram, 
the positions of force equilibrium are defined directly by the delta 

function. The main reason for using a delta function force dis-
tance diagram was to reduce the computer time involved in making 
the calculations. The Gibbs force distance profile was initially 
used for some of the investigations concerning the configuration of 
the dislocation as it moved across the slip plane. However, an 
immense amount of computer time was required to obtain a force 
balance due to the fact that force on a particular s.r.b. was 
dependent upon the position of the dislocation on the neighboring 
s.r.b. 

If the applied force (F ) is greater than the strength of the 
A 

barrier (F ), the dislocation is allowed to move over the barrier max 
and the whole process is repeated. When a force balance is obtained 
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and there are no points of contact where F_ is >.F , then the A max 
time required to overcome each s.r.b. where contact is made is 
determined by the following equation: 

AG±(T) 
= ^ exP kT (4) 

where tQ ^ is the average spacing of the s.r.b., vD is / 
9 
/ 

the frequency and AG^(T) is the activation energy of the4ith 
barrier. The activation energy is determined by the following 
equation: 

AG(T), = F(y)dy - F(y) Ay (5) 

where the limits of integration are obtained from the force 
balance and F(y) is again defined by eqn. 1 or the delta function. 

The dislocation then is allowed to move over the s.r.b. which 
has the smallest jump time. In allowing the dislocation to jump 
only the s.r.b. with the smallest jump time it is implicitly 
assumed that the probability of the dislocation jumping any other 
s.r.b. is very small during the time required to jump the s.r.b. 
with the smallest jump time. The smallest time is then stored 
after the jump has been made. This time is also accumulated at 
other points of contact and a linear relationship is assumed be-
tween the probability of overcoming a s.r.b. and time. The time 
accumulated by a dislocation at a s.r.b. reduces the time necessary 
to overcome the s.r.b. For example, if the minimum time to over-
come one of the s.r.b. (No. 1) is one second, and of another s.r.b. 
(No. 2) the time is ten seconds, then the dislocation has increased 
its probability of overcoming the s.r.b. No. 2 by 10% when it has 
jumped s.r.b. No. 1. Now, if as a result of the first jump and a 
new force balance, the jump time at s.r.b. No. 2 is decreased two 
seconds (and this is the minimum jump time), then only 1.8 seconds 
is the time that is stored and not two seconds. This procedure 
is continued until the dislocation first emerges from thfi array. 
What is neglected is the possibility that the dislocation might 
jump the barrier during the time it is bowing out to the static 
equilibrium positionHowever, the time involved in the bow 

— 8 out for the small stress case is approximately ~ 10 sec. whereas 
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+ 3 the controlling jump time may be 10 sec. For larger stress the 
bowout times are shorter, i.e. 10 ^ sec., while the controlling 

+3 
jump times are still ~ 10 sec. It was therefore assumed that 
the dislocation would not jump the s.r.b. during the time required 
for the bovrout to the static equilibrium position. The average 
velocity is determined as follows: 

* - r r 1 ( 6 ) 

where Y^ IF the length of the slip plane in a direction of motion 
of the dislocation and t^ is the time stored for each jump. 

III. Results 
A. Configuration of the Moving Dislocation 
There are two possible means by which a dislocation can 

traverse the slip plane depending upon the concentration of s.r.b., 
the strength of s.r.b., applied stress and temperature. If this 
stress is large or the temperature is high, the dislocation moves 
at the drag velocity and traverses the slip plane as a straight 
line. If the stress is reduced or the temperature is lowered so 
that the time required to overcome some s.r.b. is not zero, then 
the dislocation line does not remain straight even though the dis-
location motion is still at drag velocity. The nature of dis-
location motion is not by an "unzipping" phenomenon; i.e., it is 
not like the lateral motion of single kinks after a double kink 
has nucleated. Fig. 2 is a plot of successive positions of a 
dislocation as it moves through a random array of medium strength 
s.r.b. (Ae = 1.2). The y axis of Fig. 2 has been expanded to show 
the actual "bulge outs" that occur when the dislocation moves. Fig. 
3 is also a plot of successive positions of the dislocation as it 
moves across the slip plane. This is for higher strength s.r.b. 
(Ae = 12). in general, the dislocation moves by forming a small 
bulge; that is, the dislocation moves by what may be defined as 
"unzipping" over distances of five jumps or five s.r.b. in the x 
direction before it moves forward in the y direction. However, 
after the dislocation has made these 5 or so jumps in an x direc-
tion, it then makes another jump in the y direct i.e., a bulgo 
begins to form. The dislocation bulges out „ of rows {where 
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a row is defined as YT/N and N is the average number of s.r.b. i» y y 
in the y direction) . The magnitude of the bulge out is defined 
as the number of rows between the minimum and maximum advance of 
the dislocation. After and during this bulge out stage the 
dislocation begins to move laterally; i.e., "unzipping". However, 
the included angle <(> between any 3 points of contact onl^ rarely 
approaches the breaking angle as defined by equation 2. As the 
"unzipping" is occurring the portions of the dislocation which 
are moving more or less parallel to the x axis also advance slowly 
in the y direction. The lateral motion of the dislocation does 
not appear to be a unique function of the boundary conditions 
employed; but the magnitude of the bulge out is a function of 
these boundary conditions and parameters. The magnitude of the 
bulge out, i.e., the number of rows advanced, can be a function 
of numerous parameters. However, one of the most important para-
meters is the effective force on the dislocation; i.e., the ratio 
of the applied force to the force or strength of the s.r.b. If 
this ratio approaches one, then the magnitude of the bulge out is 
large. The parameters having dislocation are discussed in greater 
detail elsewhere^11^ . 

B. Steady State 
Determination of the boundary conditions and parameters which 

result in a steady state condition is the critical factor in 
determining the x vs T relationship, and the activation parameters 
vs T and T relationships. 

The simplest manner by which the steady state condition can 
be defined is as follows: the sta«dy state condition exists for a 
given temperature, stress, and concentration of s.r.b. if the 
average v does not change with an increase in the width or length 
of the slip plane. Pig. 4 is an indication of a non-steady state 
condition even though the dislocation has overcome 21,000 s.r.b. 
Fig. 5 again indicates that a steady state condition does not exist. 
The motion of the dislocation across the slip is controlled 
effectively by the time required to overcome one hard spot. 
Fig. 4 and Fig. 5 may be extreme ones, i.e. for all practical 
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purposes the total time required for the dislocation to travel 
across the slip is controlled by one jump. However, for numerous 
other conditions the time required for traversing the slip plane 
was controlled by a few jumps, 4 or 5 "hard spots". The nature of 
these hard spots can be defined in the following manner: 5 
s.r.b. are in a rectangular area of 100b in the X direction and 
20b in the Y direction. (These dimensions are for a concentration 
of 143 ppm)• After defining the hard spot in this manner a 
search could be made for the hard spots of the slip plane. After 
locating the position of the hard spots, the dislocation was placed 
at a variable distsince behind a hard spot and then allowd to 
move. The dislocation was removed from the slip plane when it 
had jumped the hard spot, and then placed behind the next hard 
spot. A correlation of the total times needed to traverse the slip 
plane by letting the dislocation travel completely the length of 
slip plane or picking it up and moving it from one hard spot to 
the next did not exist. 

From these negative results it appears that there is a 
difference between a "dynamic hard spot" and a "static hard spot". 

Therefore, the procedure choosen was to let the dislocation 
traverse the entire slip plane. Fig. 6 is an example of a case 
where the dislocation motion has reached a steady state condition; —5 -4 for changing the Y dimension from 1.5x10 cm to 1.1 x 10 cm 
does result in a change in the average velocity v, thereby satisfying 
one boundary condition. The second boundary condition which has 
to be satisfied is that the v does not change as a result of changing the 
Y dimensions; i.e., width of the slip plane. Fig. 7 is a plot of 
v vs N where N is the average number of s.r.b. in the x direction. 

— 16 As N is increased from 33 to 198 the v increased by - 10 . For 
N
v's greater than ~ 132 the v has reached a steady state condition. 
A very convincing point which indicates that steady state condition 
does not exist is the fact that for N = 66 an increase in T 
resulted in a decrease in v. A simple explanation as to why the 
width of slip plane has a great effect on the velocity is based on 
two poirvts: mirror boundary conditions were used, and the probability" 
of having a large spacing between points of contact increases as the 
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width of the slip plane increases. 
The conditions, i.e. the width and length of the slip plane, 

required at a given temperature and stress do not necessarily hold 
for another temperature and stress condition. In general, as the 
stress is increased for a given concentration?the width and length 
have to be increased to obtain steady state conditions. 

C. Activation Parameters 4 

1. Activation Energy 
In the development of a theory to account for dislocation 

motion it is first necessary to define the barrier. After defining 
the barrier it is necessary to define the mechanism by which the 

» 

dislocation overcomes this barrier. Then it is possible to obtain 
expressions for the activation parameters as a function of stress, 
concentration of s.r.b., temperature, etc. Finally, it is possible 
to obtain an expression for T vs T. Therefore^activation energy 
will be considered first. The activation energy (AH) was obtained 
by determining the change in v due to a change in temperature at a 
constant T according to the following formula: 

k i n — 

Fig. 8 is a plot of ffl vs T for a s.r.b. concentration of 143 ppm, 
and even though a square force-distance diagram was employed, ZH 
is not a linear function of T. ' 

The value of obtained by extrapolating ^ to zero x is in o 
good agreement with the calculated value of the area under the 
force distance diagram. For example, at a concentration of 143 ppm and 
te « 3, the calculated value of *3Q is 2.42 eV and the experimental AHQ 
value is 2.45 eV. The temperature dependence of 4H was determined 
by obtaining AH at various temperatures at a constant T (Fig. 9). 
Within the accuracy of the calculations^/H is not a function of 
temperature; i.e., ^ is independent of temperature. 

The Fleischer type analysis of AG for a square force distance 
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diagram is quite simple: 
AG = ZG - T bd £ (8) o 

where AG is the area under the force distance diagram, d is the 
o width of the force distance diagram, and I is the mean spacing 

-1/2 
between s.r.b., and I * C ' , where C is the concentration of 
s.r.b. This analysis obviously results in a linear relationship 
between AG and t. It is assumed that tG = AH, i.e. zero'entropy. 
This assumption has been discussed a great deal elsewhered^)# 

The Gibbs modification of the Fleischer analysis, which 
employes the FreicLel correction for the dislocation length be-
tween s.r.b., is as follows: 

AG = AGQ - T bd X 1 (9) 
where d are the same as in the original Fleischer analysis; 
but A is defined as follows: 

2 1/3 
X = K (10) 

-1/2 (3) where K is a constant equal to 1, and l ~ C ' . The Argon 
analysis results in a value of K between 1 and 2. Combining equations 
9 and 10 results in the following: 

tG = tGQ - K ' T 2 / 3 (11) 
4/3 2 

where K' = Kb / d ) , or for the purposes of comparing the 
AG vs T relationship, K' is a normalizing constant. In Fig. 9 the 
Gibbs relationship between tG and T is shown and there is fair 
agreement with the numerically determined results. 

2. Activation Volume (Activation Area) 
The activation volume (activation area times the Burgers* 

vector) was obtained by determining the change in v due to a 
change in T at constant T, as follows: 

An vn/v0 v* = kT (12) 
T 1 " 2 

Fig. 10 illustrates the large effect T has on v* for both concen-
trations of s.r.b. 

The Fleischer type analysis predicts that v* is independent 
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-1/2 of stress, i.e. v* - b d C ' . 
The Gibbs formulation of v* is as follows: 

v* = b d X (13) 
where X is given by eqn. 10, and d « 3b. For a s.r.b. concentration 
of 143 ppm and 2283 ppm the values of I are 2.5 x 10 ^ cm and 6.25 -7 
x 10 cm respectively. The v* vs x relationship obtained by the 
use of eqn. 13 are shown in lig. 10, and surprisingly, there is 
remarkable agreement. There are a few problems with this formulation: 
v* does not go to zero at which occurs in the numerical solution. 3 o If the formulation of Fleischer is used for v*, then Z can be 
obtained from v*(v* at zero x). If the extrapolated values of v* 

—19 t —5 of 1.5 x 10 (v* at zero x) are used then the value of £ 5 7 x 10 
- 1 / 2 -cm. If I * C ' then value of H » 2.5 x 10 ^ cm; i.e., almost two 

values of magnitude smaller than numerically calculated A 
similar analysis for a larger concentration casej i.e. 2283 ppm, 
again produces similar results. The value of £ obtained numerically 
is approximately two orders of magnitude larger than that obtained 

-1/2 

from a Jl = c ' relationship. 
D. Stress vs Temperature 
The stress vs temperature relationship was obtained at 

approximately constant v conditions. Fig. 11 is a plot of the 
stress required to obtain a - constant v^a function temperature for 
two values of As and 3 different concentrations. The stress at 1/2 O^K (T ) varies as C , and in all cases the values of obtained o o 
by extrapolating to 0°K are in good agreement with those predicted 
by Foreman and Makin. v ' 

It is also possible to compare the temperature dependence of 
x vs T as predicted by Fleischer and Gibbs with numerical results 
by the use of the following eqn. - * G ( T ) v = v e kT (14) o 
where AG(x) is that defined by Fleischer and Gibbs and vQ is re-
lated to the attempt frequency and the average distance traveled 
by the dislocation per thermally activated event (h). If the 
Fleischer and Gibbs expression for AG are substituted into eqn. 14, 
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then it can be rewritten as follows: 

Fleischer b d & 
AG - kT In v/v 

T_- . , = ° , „ (15) 
or 

. , = B - C T Fleischer 
where B and C are constants choosen to fit the numerical data 

4 

at 0°K and 1400°K for Ae = 3 and s.r.b. concentration = 143 ppm; 
and - 3/2 f 'tGn - kT An v/v) 

K 1 —i 

or 
TGibbs = " « 1 V 2 

where again D and E are constants choosen so as to fit the numerical 
data at 0°K and 1400°K for Ae = 3 and a s.r.b. concentration = 143 
ppm. The Gibbs ( F r i e d e l ) analysis is a fair approximation to T 

vs T relationship obtained from the numerical calculations. 
From egns. 15 and 16 it is possible to obtain the stress at 2 

0°K, and for a s.r.b. concentration of 143 ppm xQ =3.5 Kg/inrti 
and xQ = 7.7 Kg/mm2. The agreement betw§ifê €he Gibbs-
Friedei**"IniSyfis and che numerically determined xQ is very good. 

The synergistic effect that s.r.b. of two different strengths 
have on the motion of a dislocation is demonstrated in Table 1. (13) Koppenaal and Wilsdorf proposed that if there were two different 
strength barriers to dislocation motion, then the net effector the 
dislocation due to both barriers is as follows 

2 2 1 / 2 t = (Tw^ + ) (17) 

where Tw represents the stress required to move the dislocation at 
the given velocity when only the weak obstacles are on the slip 
plane,, and T represents the stress required to move the dislocation 
at the given velocity when only the strong obstacles are on the 
slip plane. Inserting the values of T and T into the above 

a W S 
equation the value of x is 2.48 Kg/mm ; whereas, the numerically 

2 determined value is 2.62 Kg/mm . 
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E> Pre-exponential Term 
The pre-exponential term is related primarily to the average 

distance covered per thermally activated event (h). The pre-
exponential term can be obtained by the use of the following eqn: 

v 
AHQ = k Tc in ~ (18) 

4 
where AHq is the activation energy at zero x, and Tc is the tempera-
ture at which T becomes zero. The v , for Ae « 3 and a s.r.b. con-3 ° 
centration of 143 ppm, is 6.2 x 10 cm/sec. The vQ values.for the 
other two concentrations are 1.8 x 103 cm/sec for Ae = 1.5 and a 4 
s.r.b. concentration of 2283 ppm, and 3.2 x 10 cm/sec for te. = 
1.5 and a s.r.b. concentration of 571. 

From a plot of AH vs T at constant v it is possible to 
speculate about the relationships of vQ with respect to temperature with 
stress. If there is a linear relationship between and T, then 
vQ is not a function of stress or temperature? or the change in 
vQ due to a change in temperature is compensated by a change in 
vG due to a change stress which accompanies the change in tempera-
ture. However^this last postulation is remote. Fig. 12 is a plot 
of tB vs T at approximately constant v for Ae = 3 and a s.r.b. con-
centration of 143 ppm. The data can be approximated by a linear 
relationship between AH and T; therefore, it can be concluded that 
vQ is not a function of temperature or stress. The average distance covered per. thermally activated event can 
be calculated by the following eqn. : h = vQto# T h e v a l u e s o f 

h obtained for the various concentrations are small, e.g. h = 6.2 
x 10~® cm te• = 3 and a s.r.b. concentration equal to 143 ppm. The 

' — 6 mean spacing of s.r.b. is 2.5 x 10 cm. 
IV. Discussion and Conclusions 
The analytical treatments of thermally activated dislocation 

motion through an array of s.r.b. are in some cases good approxi-
mations of the numerical solution based on a realistic random 
array. This agreement is surprisingly good considering the fact 
that the total time required for the dislocation to traverse the 
slip plane is, in general, the time required to jump a few "hard 
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spots". However, there are differences; e.g. the Fleischer treat-
ment predicts that v* is independent of T and the numerical 
solutions do indicate that v* is a function of x. Also, the 
analytical treatments predict that the distance covered per 
thermally activated event (h) should be approximately equal to the 
mean spacing of s.r.b. (£). However, the numerically deter-
mined h is approximately two orders of magnitude smaller4than I. 
The fact that h is less than I is puzzling considering the 
fact that the distance between "hard spots" is equal to nl, where n 
is a number between IO-J.OO. 

Another of the surprising observations was of the synergistic 
effect between s.r.b. of different strengths. The data indicates (13) that the original formulation of Koppenaal and Wilsdorfv ' is a 
fair approximation. A simple analysis based on a square array of 
s.r.b. indicates that only under special conditions is there a 
synergistic effect between s.r.b. of different strengths. Also, 
when the long range internal stress is non-zero there is effectively 

(14) 
a spectrum of s.r.b. Arsenault and Li* ' have considered the 
effect of the internal stress in the activation parameters, and 
they observed again that only under certain conditions was there 
a synergistic effect. 
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Figure Captions 
Fig. 1. Force Distance Diagram for the Tetragonal Interaction 

(Gibbs ref. 2). 
Fig. 2. The Successive Positions and Configurations of the 

Dislocation as it Moves Across the Slip Plane. The 
Different Type of Lines Represent the Different 
Locations of the Dislocation. 

i 
Fig. 3. The Successive Positions and Configurations of the 

Dislocation as it Moves Across the Slip Plane. The 
Different Types of Lines Represent the Different 
Locations of the Dislocation. 

Fig. 4. Distance Traveled by a Dislocation as a Function of Time. 
Fig. 5. The Average Velocity of a Dislocation Where the Average 

is Determined by Dividing the Distance Traversed by Total 
Time to Cover that Distance as a Function of Distance. 

Fig. 6. Distance Traveled by a Dislocation as a Function of Time. 
Fig. 7. Average Dislocation Velocity as a Function of the Width 

of the Slip Plane. N Represents the Average Number of 
s.r.b. in the X Direction, i.e. the Width of the Slip 
Plane. 

Fig. 8. Activation Energy as a Function of Stress. 
Fig. 9. Activation energy as a Function of Temperature at Constant 

Stress. 
Fig. 10. Activation Volume as a Function of Stress. 
Fig. 11. Stress as a Function of Temperature at Approximately 

Average Dislocation Velocity. 
Fig. 12. Activation Energy as a Function of Temperature at 

Approximately Constant Average Dislocation Velocity. 
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Table I 
Stress Required for a Constant 

Dislocation Velocity 

Temp. = 250°K 

Type of s.r.b. 
50% strong 
50% weak 

Cone, of s.r.b. ppm 
Total 
143 

Stress 
2.62 Kg/mm' 

100% strong 
100% weak 

143 
143 

2.40 Kg/mm' 
0.60 Kg/mm' 
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Introduction 

The critical stress required to move a dislocation through a ran dor. 

array of short range barriers (s.r.b.) at absolute zero temperature has been 

determined by Kocks^1'2^ and Forman and Makin^3\ They observed thai -he 

stress required is less than that required to move a dislocation through a 

square array of the same concentration of s.r.b. Also, it was nctec thar the 

dislocation frequently moves by an "unzipping" mechanism; i.e., a lateral or 

sideways motion of the dislocation. Dom et al.^1^ also investigated the 

motion or the configuration of a dislocation as it moved through a rands- ar-

ray and again proved that "unzipping" does occur. Das, Gururaj and Hichrr.ar/5̂  

have determined that "unzipping" also occurs if there is a viscous drag present. 
(6) 

Recently, Frost and Ashby have investigated the motion of a dislo-

cation through a square array of s.r.b. which have a square force distance pro-

file. They assumed a probability function for the time necessary to overcame 

the barrier during the time the dislocation was bowing out between the s.r.b.; 

once the dislocation had attained the equilibrium position, the dislcc=-icr. 

jumped the s.r.b. T.iey were thus able to determine the conditions necessary 

for the motion of the dislocation at the drag velocity. They were net directly 

concerned with the configuration of the dislocation as it moved through the 

array. 

The purpose of this investigation was to determine if the "unzipping" 

phenomenon occurs when the dislocation is jumping the s.r.b. by a therr.ally 

activated event. Also, the purpose of this investigation was to deterr_Lne the 

effect that the applied stress, temperature, s.r.b- strength and density have 

on the tendency of "unzipping". 

Procedure 

A random distribution of s.r.b. was placed on a plane; i.e. the slip 

plane and the internal stress was assumed to be zero. There were two different 
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force distance profiles assumed or used for the s.r.b. One of the force dis-
(7) tance profiles (Fig. 1) was that obtained by Gibbs as follows: 

F(y) = Fo { ( y / *» 2 + ( 1 / 6 ) Cy/b) - 1} ( 1 ) 
((y/b)2 + l)2 

where Fq = Aeyb2/3.86, AE is the tetragonal strain, p the shear modulus, and 

the value of y for vanadium is 4.67 x 1011 dynes/cm2 was used and b is the 

Burgers vector and the value of b for vanadium is 2.63 x 10"8 was used. This 

force distance relationship is zero at y = However, thermal fluctuations 

cannot occur over distances greater than 10b, so a cut off of 10b was assumed. 

The second force distance diagram used was a delta function where the inte-

grated area under the delta function is equal to the integrated area given by 

eqn. 1 and the maximum force of the del* ca function is equal again to the maxi-

mum force defined by eqn. 1. 

Initially, a dislocation enter onto the slip plane and moves at a drag 

velocity defined by the following equation 

v D = B T (2) 

where B is a drag coefficient and T is the applied stress. When the dislocation 

makes contact with the s.r.b., a .force balance is determined by the following 

equation 

pb2 cos £ = F(y) (3) 

where A is the included angle about the s.r.b.; and it is assumed that the line 

tension is yb2/2, and F(y) is defined by eqn. 1 or by the delta function. The 

bow out between the initial points of contact occurs as a circular arc and is 

defined as follows: R = yb/2x. When the dislocation is bowing out, a search is 

made to determine if a contact is made with other s.r.b. If contact is made, 

then a new force balance has to be obtained at each point of contact with a s.r. 

Then, again, the dislocation bows out between each s.r.b. where contact is made; 
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and once more a search is made, This process is continued until an equilibrium 

force balance is obtained. The position of equilibrium is defined as and the 

other position of force equilibrium is defined as Z^. When the delta function 

is used to define the force distance diagram, the positions of force equilibrium 

are defined directly by the delta function. The main reason for using a delta 

function force distance diagram was to reduce the computer time involved in 
4 

making the calculations. If the applied force (FA> is greater than the strength 

of the barrier (Fmax), dislocation is allowed to move over the barrier and 

the whole process is repeated. When a force balance is obtained and there are 

no points of contact where FA is > Fm a x, then the time required to overcome each 

s.r.b. where contact is made is determined by the following equation: 

AG£(t) 
t l = xo exp —kT— ( l f ) 

where tQ = fc/bv^, I is the average spacing of the s.r.b. , v^ is the frequency 

and AG^(T) is the activation energy of the barrier. The activation energy 

is determined by the following equation: 
Z1 

AG(T). = / F(y)dy - F(y)| Ay <5) Z 2 

where the limits of integration are obtained from the force balance and F(y) 

is again defined by eq. 1 or the delta function. 

The dislocation then is allowed to move over the s.r.b. which has the 
smallest jump time; this time is then stored. This time is also accumulated at 

other points of contact and a linear relationship is assumed between the proba-

bility of overcoming a s.r.b. and time. The time accumulated by a dislocation e 

a s.r.b. reduces the time necessary to overcome the s.r.b. For example, if the 

minimum time to overcome one of the s.r.b. (No. 1) is one second, and of another 

s.r.b. (No. 2) the time is ten seconds, then the dislocation has increased its 

probability of overcoming the s.r.b. No. 2 by 10% when the dislocation has jump-

ed s.r.b. No. 1. Now, if as a result of the first jump and a new force balance, 

the jump time at s.r.b. No. 2 is decreased two seconds (and this is the minimum 
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jump time), then only 1.8 seconds is the time that is stoi»ed and not two 
seconds. This procedure is continued until the dislocation first emerges from 
the array. The average velocity is determined as follows: 

_ Y 
v = — - (6) 

lt±
 v ' 

where Y^ is the length of the slip plane in a direction of motion of the 

dislocation and t^ is the time stored for each jump. 

Results 

There are two possible means by which a dislocation can traverse the 

slip plane depending upon the concentration of s.r.b., the strength of s.r.b, 

applied stress and temperature. If this stress is large or the temperature is 

high, the dislocation moves at the drag velocity and traverses the slip plane 

as a straight line. If the stress is reduced or the temperature is lowered 

so that the time required to overcome some s.r.b. is not zero, then the dis-

location line does not remain straight even though the dislocation motion is 

still controlled by drag velocity. The nature of dislocation motion is not 

by an "unzipping" phenomenon; 5.e., it is not like the lateral motion of single 

kinks after a double kink has nucleated. Fig. 1 is a plot of successive position 

of a dislocation as it move through a random array of medium strength s.r.b., 

(Ae = 1.2). The y axis of Fig. 1 has been expanded to show the actual rDUlge 

outs" that cccur when the dislocation moves. Fig. 2 is again a plot of successive 

positions of the dislocation as it moves across the slip plane. This is for 

higher strength s.r.b. (Ae = 12). In general, the dislocation moves by foraing 

a small bulge; that is, the dislocation moves by what may be defined as "unzip-

ping" over distances of five jumps or five s.r.b. in the x direction before it 

moves forward in the y direction. However, after the dislocation has made these 

5 or so jumps in an x direction, it then makes another jump in the y direction; 

i.e., a bulge begins to form. In general, the dislocation bulges out a nuirber-

of rows (where a row is defined as Y,/N and N is the average number of s.r.b. 
L y y 
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in the Y direction). The magnitude of the bulge out is defined as the 

number of rows between the minimum and maximum advance of the dislocation. 

After and during this bulge out stage, the dislocation begins to move 

laterally; i.e., "unzipping". However, the included angle <$> between any 3 

points of contact only rarely approaches the breaking angle as defined by 

equation 2. As the "unzipping" is occurring the portions of the dislocation 

which are moving more or less parallel to the x axis also advance slowly in 

the y direction. The lateral motion of the dislocation does not appear to be 

a unique function of the boundary conditions employed; but the inâ i it ude o n t 

the bulge out is a function of boundary conditions and parameters employed. 

The magnitude of the bulge out; i.e., the number of rows advanced, can be a 

function of numerous parameters; however, one of the most important parameters 

is the effective force on the dislocation; i.e., the ratio of the applied 

force to the force or strength of the s.r.b. If this ratio approaches one, 

then the magnitude of the bulge out is large. For example, at the sane con-

centration of s.r.b. (24-ppm), size of slip plane (7.68 x 10"1* x 2.5 x 10~ucn]), 

temperature, and strength of barriers(Ae = .4), the magnitude of the bulge out 

decreases from 42 to 4 to 1 row as the stress decreases from 8 x 106 to 6 x 105 

to 6 x 10 4 dynes/cm2. If the temperature is changed instead of changing the 

stress and using the same set of boundary conditions , then the magnitude of the 

bulge out remains constant at 42 rows for a temperature change from 50 to 300°K. 

Now, if the concentration of defects is increased from 24 to 143 ppm and the other 

boundary conditions are the same, the magnitude of the bulge out is drastically 

reduced; i.e., from 42 to 2 rows. If the strength of the s.r.b. is increased 

from Ae = .4 to Ae = 12 it would be expected that the magnitude of THE bulge CUT 

would increase due to the fact that the included angle 4> decreases from 172° • 

for a Ae = .4 to 89° for Ae= 12; and indeed, the bulge out does increase if we 

were to make a comparison at the same temperature and the same strain rate. 

tl i 
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However, in the case of the large strength barriers the stress required or the 

applied stress is much greater and, of course, bulge out is greater. For 

example, at the same concentration, temperature and dislocation velocity for 

the Ae = . 4 barriers, the bulge out is one or two rows; whereas when Ae = 12 

the bulge out is some 40 rows. However, when we compare the bujLge out at the 

same relative stresses; e.g., at a very small stress, then the number of rows 

is again a small number. In the above comparison the average velocity varied 

many orders of magnitude; i.e., from 10~5 cm/sec. to 106 cm/sec. If the velo-

city is held approximately constant at 10-tt cm/sec. by changing their stress, 

the magnitude of the bulge out changes from 42 rows at 50°K to 4 rows at 300°K. 

Another boundary condition which has an effect on the magnitude of the 

bulge out is the length of the x axis of the slip plane. For example, if the 

concentration of s.r.b. is held constant at 24 ppm and the length of the x axis 

increased from 7.68 x 10"h to 1.536 x 10"3 to 3.072 x 10"3 cm, then the magnitude 

of the bulge out increases from 4 to 10 and to 24-, repsectively, for the same 

stress and temperature. If the concentration of defects is increased to 143 ppm, 

a steady value of bulge out is obtained when the length of x axis has increased 

to 3.84 x 10"4 cm. Apparently, the reason for the increase in bulge out as the 

x axis is increased is due to the fact that there is a larger probability of 

having a large separation between s.r.b. as "the length of x axis increases. 

Conclusions 

If dislocation motion is controlled by the thermally activated over-

coming of s.r.b. , then dislocation does not move by an "unzipping" phenomenon. 

In general, the dislocation bulges out at several places, these bulge outs grow 

until they link together, and the dislocation moves forward in this manner. 

The magnitude of these bulges is dependent primarily upon the effective force 

on the dislocation; i.e., the ratio between the applied force and the force of 

the obstacle. As the ratio approaches 1 the magnitude of the bulge out increases. 
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Fig. 1 

The successive positions and configurations of the dislocation as it 
moves across the slip plane. The different types of lines represent 

the different locations of the -dislocation. 
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Fig. 2 

The successive positions and configurations of the dislocation as it 
moves across the slip plane. The different types of lines represent 

the different locations of the dislocation. 
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The Entropy of Thermally Activated Plastic Deformation* 

R. J. Arsenault 
Engineering Materials Group 
College of Engineering 
University of Maryland 

The influence of temperature on the rate of plastic deformation 
has been studied for many years. Several early investigators have 
proposed that plastic deformation could be described in terms of an 

(1 2) 
Arrhenius equation ' . From these early investigation detailed 
analysis of dislocation motion in terms of the absolute reaction 
rate theory^ have been performed by a number of investigators^ . 
The main equation in these analysis is as follows; the average 
dislocation velocity can be defined as 

v = vc exp-(£§), (1) 

where v0is a preexponential factor, and AG is the appropriate Gibbs 
( 6 ) 

fre? energy . One of the difficulties that arises when considering 
the above equation is due to the fact that experimentally it is only 
possible', in a direct manner, to measure the change in the enthalpy 
(AK). Therefore, it would be advantageous to rewrite the above 
equation in terms of AH and the change in entropy (AS). Then it 
would be possible to compare the experimentally measured AH and the 
AH obtained from a particular model chosen to represent the short 
range barrier to dislocation motion. (6) 

Schoeck has proposed that AS associated with thermally activated 
dislocation motion can be determined, for he has assumed that the 
* This work was supported by United States Atomic Energy Commission 

under Contract No. AT-40-1-3612. 
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entire temperature dependence of the force distance diagram of the 
short range barrier to dislocation motion is due to the temperature 
dependence of the shear modulus. As a result the following expression 
of entropy can be obtained 

AS = ~ y IT + Ta A(T*>b3 ' <2> 
where 

AG = AH + T IS. A ( T *) b 4 

[ 1 - 1 hL) 1 \x »TJ 

A(x*) is the activation area, b is the Burgers vector and \i is the 
shear modulus, T is the applied stress, and AH is the enthalpy. a 

If the low temperature deformation of ,Fe and neutron irradiated 
Cu are considered along with eqn. 2, then the magnitude of TAS is 
small. For example TAS = 0.037 eV for Fe at 300°K and AHQ = 0.55 eV 
where AHq is the change of enthalpy at x* = 0. In the case of neutron 
irradiated Cu, TAS = 0.04 eV at 300°K and AH = 3.0 eV. These results o 
indicate that for all practical purposes the effect of AS can be ignored, 
for the value of AS is within the scatter of data in the determinations 
of AH. However, eqn. 2 may not completely define AS, for there may be 
a vibrational entropy component as proposed by Granato et al.^^. 
Therefore, Ẑ S may not be small. 

The entropy can be determined from experimental data if the 
second law of thermodynamics is considered, for 

,8AHn m/3 ASv . ,3AS. ,3Abx 
= T ( ~ 9 T )

t * 1 ^ rp ^ ^ ( 3 ) 

or T 
AS = AS + 1 ' 3 A H o i d T . (4 ) 

( 8 ) 
Li has argued that ASQ, which is the change in entropy at C°K, is 
zero (the third law of thermodynamics). 8 AH From experiments it should be possible to measure (—^m) and 

9 Ab T * kut there is an experimental limitation in terms of the 
temperature range over which it is possible to measure AH at 
constant x*. This limitation generally is due to the limited strain 
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rate range over which measurements may be conducted. There have 
been a few measurements of AH vs. T at constant T* and Ab vs. T at 
constants x* as shown in Figs. 1-3. It can be seen that AH is 
independent of temperature over the temperature range investigated, 
therefore, the change in AS must be zero in this temperature range. 
Also, Ab is independent of temperature over a given temperature 
range (Fig. 3), and again the change AS due to a change ^n T* must 
be zero. 

In order to determine AS it is necessary to consider eqn. 4. 
However, due to the experimental limitations it is not possible to 
directly determine AS. If the data in Fig. 2 is considered, which 3H shows that (-57=-) is zero in all the temperature ranges investigated, 

t * 1 3 H therefore, it is logical to assume that between 0 - 77°K {-%=) will 
T * 

be zero. If this assumption is employed then AS is zero. 
From the analysis of the available data AH is = AG, or if the 

scatter in the data is considered then AS can have a small negative 
or positive value. This experimental observation would suggest that 
the assumption made by Schoeck is valid, for his model predicts a 
small TAS. Since AH = AG, this facilitates the comparison of experi-
mental and calculated activation parameters associated with plastic 
deformation in the above examined materials. 
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Figure Captions 
Fig. 1. The temperature dependence of the activation energy of slip 

at constant effective stress. (Ref. 12). 

Fig. 2. The temperature dependence of the activation energy of slip 
at constant effective stress of Mg single crystals (Ref. 13). 

Fig. 3. The temperature dependence of the activation area Ab of 
slip at constant effective stress of neutron irradiated Cu 
(Ref. 14). 
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Further Comments on the Entropy of Thermally Activated 

Plastic Deformation at Low Temperatures* 

R. J. Arsenault 
Engineering Materials Group, and 

Department of Chemical Engineering 
University of Maryland 

College Park, Maryland 20742 
4 

In a recent communication^ Jonas and Lutton state that when consid-

ering the AS for low temperature deformation the crucial temperature range is 

below 30°K. This statement appears to be based on the assumption that IS is 

related to the temperature dependence of the shear modulus ; for in this 
92y temperature range, -^Z shows a maximum for most metals. If eqn. 10 of Jonas 

( SHI and Lutton's is employed, it then becomes necessary to determine the r̂yj in 

the temperature range of 30°K. However, if the equation as proposed by 
(2) Schoeck is employed then, 

A S 88 " U IT £AG + TaA b 3 CD 

where YQ is the shear modulus at absolute zero, A (T*) is the activation area, 

b is the Burgers vector, xa is the applied stress and AG is the appropriate 
Gibbs free energy. 

If the values for Mg are used in the above expression ' , then a plot 
of T AS vs T and AS vs T can be obtained (Fig. 1). The significant point is 

that has its largest values above 77°K; for below 77°K the curve is con-3 i 
9 AS 

fined so that is zero at absolute zero and not a finite value as Jonas and 
Lutton have shown in their Fig. 2. Another interesting aspect of Fig. 2 (Jonas 
and Lutton) is that an extrapolation from 600°K to 30°K was made. Presumably 
the justification for this extrapolation is the modification of the above eqn. 
which defines the entropy as follows: 

* Research support by U. S. Atomic Energy Commission, Contract No. AT 40-1-3612. 
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„ C ~ yT ) AS = — AH0 (2) 

where is the shear modulus at the given temperature, and AH0 is the acti-

vation enthalpy at zero effective stress (T*). 

The form of the curve of AS vs T, which was obtained for Mg, is the 
i 

general form of the curve for Fe, neutron irradiated Cu and Ta. Therefore, 
3 AS e 

-jjpjr- has its largest value above 77 K and not in the temperature range of 30 K, 

which in turn means that the temperature range of importance in determining 

* a^ov e ?7°K. However, due to the fact that f̂f̂ j ^ was experi-

mentally evaluated 

in the temperature range of 77°K to 300°K makes it impos-

sible to determine the absolute value of AS. However, if the third low of 

thermodynamics applies, as Jonas and Lutton have assumed, then the maximum 
value of AS can be obtained. AS is constrained to be zero at absolute zero, and 

3AH 
at absolute zero is zero. Now, if ̂ r" is zero or has a small 

negative or positive value then AS is in turn zero or has a small negative or 

f SASl Llso [gY-j^ 

positive value. 
3 AS It also appears, at least for the case of Mg, that -̂ r- ̂  as predicted 

(2) T* by Schoeck is too large because the experimental and predicted values do 

not agree, as A S A S 

fa AH] 
l8T J 

T2- T1 
t* = m T 2 / T j ro 

and substituting in the values for Mg at 200 and 300°K and assuming #
 i s 

a const-ant, then the change in AH in this temperature range would be « .08 eV. 

This change in AH is represented by the heavy dashed line in Fig. 2. The ex-

perimentally observed change, if any, may be negative. 

Jonas and Lutton also point out that if the data is fitted to an empiri-
(5) 

cal power law a non-zero AS is obtained. Li has examined the dislocation 
etch pit velocity data of Stein and L o w ^ and has shown that AS is not zero. 
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However, if this data is examined in detail the value of AS obtained becorces 

questionable. Fig. 3 is lnvvs In x plot of dislocation etch measurements in 
C71 

Mov . From the lnvvs In T plots it is possible to obtain T vs T plots at 

various velocities. A plot of lnvvs at constant T as shown in Fig. 4 can 

then be constructed. The slopes of these lines are not constant; therefore, 

it can be assumed that AS is not zsro. However, if the plots o£ lnv vs In T 2 

are examined, for example at 4 kg/mm , then there are at most only two experi-

mental values of velocity at this stress. Therefore, with only two values of 

velocity it is impossible to calculate a value of AS. 

Again, in conclusion, the experimental data presently available for 

low temperature deformation indicates that AS is zero, or has a small negative 

or positive value. A possible exception to this conclusion is the dislocation 

etch pit data. 
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Figure Captions 

Fig. 1 Jntropy vs temperature and TAS vs Temperature as determined by 
(2) 

analysis proposed by Schoeck 

Fig. 2 The Temperature dependence of the activation energy of slip at (3) constant stress of Mg single crystals 
(7) Fig. 3 Dislocation velocity vs stress of Mo single crystals 

Fig. 4 An Arrhenius plot of dislocation velocity vs 1/T. 
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The Role of Entropy in Thermally Activated-Deformation" 

R. J. Arsenault 
Engineering Materials Group 

University of Maryland 
College Park, Maryland 20742 

Abstract 

Recently it has been shown that the activation j 

enthalpy of deformation of LiF at a constant strain 

rate is not a linear function with respect to tem-

perature. This non-linearity is due primarily to 

the presence of a finite-long-range-internal stress. 

In a recent paper, Cagnon (1971) has shown that the activation enthalpy 

(AH) of deformation of LiF at constant strain rate is not a linear function 

with respect to temperature. A similar non-linear relationship between AH and 

T at constant strain rate has been observed in neutron irradiated Cu (Diehl 

et. al 1965 and Koppenaal and Arsenault 1965). 

Li (1965) and Diehl et. al (1965) have pointed out that if a single 

rate controlling mechanism is operative over the entire temperature range 

under investigation a linear relationship should be obtained between AH and T. 

If it is assumed that there is only one mechanism, then the deviation from 

linearity could be due to a non-zero entropy term (AS). However, Arsenault 

and Li (1967) have shown that a positive curvature can be a direct result of 

a finite-long-range-internal stress (x^), The magnitude of the curvature de-

pends. upon several parameters which can be obtained experimentally. 

From the experimental data of Cagnon.it is possible to calculate the 

deviation from linearity due to the presence of x . Figures 1 and 2 are plots o 

AH vs T for the two different samples (samples A and samples B) investigated by 

Cagnon. The difference between the data points and the dash line (Diehl et al 

1965) represents the 

*This work was supported by the United States Atomic Energy Commission under 
Grant No. AT(40-1)3612. 
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maximum value of the experimental TAS, for this value neglects the presence 

of x . The deviation from linearity due to the presence of x can be obtained r* H 
by a method described by Arsenault and Li (1967). This requires an assumption 

as to the magnitude of Xy,for it was not determined by Cagnon. However, from 

the plot of activation volume vs. applied stress it is possible^ to make a 

reasonable estimate of the magnitude of x^; for as the stress decreases to 

0.9 x 107 N/mn2 for Samples A, the activation volume is increasing in an asymp-

totic manner. Therefore, for Samples A, was assumed to be 0.8 x 107 N/m2, 

and following the same procedure for SamplesB, x - 2.1 x 107 N/m2. Now, it 

is possible to obtain AHa - AH, where AHa is the apparent activation enthalpy 

and AH is the activation enthalpy if x = 0. At 275°K for Samples A, r 

AHa - AH = 
0.045 eV, which results in a corrected experimental value of TAS 

from 0.03 to 0.08 eV; and for SamplesB at 270°1<, AH - AH = 0.0 8 eV, which re-GL 

suits in a corrected experimental value of TAS 0.07 eV. 

These corrected values of the experimentally determined TAS are small 

in comparison to the measured value of AH of approximately 0.8 eV. Also, the a 
corrected experimental AS is less than that predicted by Schoeck's (1965) 

analysis. The apparent overestimation of TAS by Schoeck's analysis was also 

evident in the data obtained from magnesium (Arsenault 1972). 
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Figure Captions 

Fig. 1 Temperature Dependence of Enthalpy for Samples A (Cagnon 1971) 

Fig. 2 Temperature Dependence of Enthalpy for Samples B (Cagnon 1971) 
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Introduction 

The yield stress in body-centered cubic metals is generally defined 

as the stress at the lower yield point. However, no upper or lower yield 

point is exhibited when the sample is pre-strained; e.g., in the as-worked 

condition of metals used in practice. In fundamental investigations of yield 

phenomena a slight pre-strain is sometimes applied to inhibit twinning at low 

temperatures^^, since the presence of twins within a crystal would have a 

significant effect on the yield stress. Having eliminated one source of error, 

one faces another difficulty in defining a yiled stress on a stress-strain 

curve without discontinuous yield behaviour. A stress at 0.2% offset strain, 

for instance, can be used for a characterization. This is a rather arbitrary 

method which also depends on the strain sensitivity of the testing apparatus. 

Moreover, the procedure of pre-straining can substantially influence yielding 
(2-4) at low temperatures 

The purpose of this report is to describe an exact method of defining 

the yield point in body-centered cubic materials which do not show pronounced 

discont inuous yielding. 

Experimental Procedure 

The single crystal samples of two different oxygen concentrations (15 

and 200 wt. ppm) were prepared by a method which has been described previous-
(5) 

ly . Their orientation was near the [110] corner of the standard stereo-
graphic triangle, and the conversion of yield to shear stresses a Schmid factor 
was taken as 0.5 (cj=2T). 

The samples were tested in compression on an Instron testing machine 

which had a stepped zero suppression attachment. This device increased the 

load revolution in general by a factor of 10. The samples were tested at a 

strain rate of approximately 10 Vsec. To evaluate the activation volume 

( 
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ain Y/Y In e /e 
v" = kT ( - kT ( A

2 1 ) 9t AX 

the compression strain rate was increased to e2 by a factor of 4 to give 
a shear stress increase of Ax. The method of determining v* as well as the 

< (6) 

method of temperature control has been described elsewhere in detail 

Experimental Results 

The stress at the initial deviation from a straight line in the load-

time charts was defined as xQ, and the plastic strain was measured from this 
> 

point. It is a pseudo plastic strain, for at small deformation there is a 

large increment of elastic strain and also a strain contribution associated 

with the testing apparatus. 

The temperature dependencies of the various levels of yielding for 

pre-strained samples of the two different oxygen levies are shown in Fig. 1. 

It can be seen that: 

1) the offset stress xQ ^ approximately one-half that of the non-

pre-strain lower yield stress x , 2) there is a considerable difference already between and T whereas, J O 0 . 2 . 

in unstrained material Vr and x are approximately the i;ame, 
J 

3) there is evidence that the amount of pre-strain (1 to 10%) has any 

influence on * » * etc., o o. 2 
4) the effect is observed for both low and intermediate concentrations of 

oxygen, 

5) the largest difference in the yield values occurs at lowest temperatures 

Diagrams for the unstrained samples where the activation volume is 

plotted against the strain e exhibit the usual dependence: v* is independent of 

e. However, in pre-strained samples v» is decreasing with strain at small 

values of strain (Fig. 2 and 3). At larger levels of e.v* becomes again e inde 
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pendent. The values of e where v* becomes independent of e increase xirh de-

creasing temperature, but it is not dependent on the anount of prr-strain. The 

stress which corresponds to the strain where v* is no longer strain dependent 

is within the limit of scatter identical with the lower yield stress of -he 

unstrained sample (Fig. 1); it will hereafter be called the "mapro-yield" 

stress Troy. 

Discussion 

The magnitude of the yield stress of pre-strained vanadium samples and 

its temperature dependency can vary a great deal depending on the particular 

yield stress chosen. If the lower yield stress is taken as a material char-

acteristic in unstrained samples, it is for this reason that it is necessary 

to define an equivalent yield stress in pre-strained samples where yield drops 

do not appear. 

There are several possible yield values in pre-strained samples. If 

the first deviation from linearity were a true macro-yield stress, it should 

be possible to explain the change in v* with e in terms of a single dislocation 

mechanism (operating in both the small strain and the large strain regions) 

and its v* - x* relations. At small values of strain there would be a corres-

ponding small value of the effective stress x« (T&=Ta~x )» where xa 

applied stress and x^ the athermal component. Since v* is a strong function 

of T* at small values of x*, this might be a plausible explanation for the in-
(7) crease of v*. This has been suggested previouslyv . To check this cuaniita-

A 
tively, we have produced plots of v* vs Te (Fig. 4) where x* is the effective 
stress at various values of strain. The value of x* was determined fro- -he 
relation given above by taking the athermal component x^ as the minir:ur. value 
in Fig. 1, for it has been shown that the magnitude of x^ produced by pre-

. . . . (8) straining at ambient temperature remains the same at lower temperatures 
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* 

Fig. 4 also contains the v« - T* relation for the yield behaviour of unstrained 

vanadium with intermediate oxygen content. An extrapolation to zero strain in 

Fig. 2 or 3 would give the activation volumes corresponding to stresses TQ. 

At 77°K for an effective stress T* of 11 kp/mn2 (from Fig. 1 ) , v* is 2 to 3 x 
10~21 cm3. These numbers are definitely not in accordance with the v* - t* 

4 

relation which has been obtained for the yield behaviour of unstrained material. 

The same can be said for other stresses T*; their relations to v* are also e 
plotted in Fig. The deformation mechanism at the stress levels f0»T

0 2» etc. 

for pre-strained vanadium can, therefore , not be regarded as equivalent to 
> 

that at the lower yield point. 

If the same evaluation is carried out for the macro-yield point T* of my 
pre-strained vanadium where v* becomes independent of e, the values of V" form 

a common plot with the results for t* from unstrained vanadium. We argue, 

therefore, that this macro-yield stress represents a true yield point comparable 

to the lower yield stress of an unstrained metal. 

This all suggests a "pro-yield" deformation rather than macro-yielding. 

It means that the "yield" characteristics T , T etc. which can be recorded o o. 2 
for a pre-strained material do not yet indicate the ultimate macro-yield be-

haviour. Pre-yield is extremely pronounced, and the actual yield point must be 

defined as the stress where the activation volume has approached its final 

minimum value. 
There is an alternate manner of determining the macro-yield point which 

• k (8,9) is based on the equation 

; = J,u-i4£) P s E_de s 
• • 

where is the plastic strain rate, c^ is the total sample strain rate, Eg is 

the specimen modulus and d6/de is the slope of the stress-strain diagram. Thus, 

when 
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f1 d5 ^ ~ (v- -5— ) - o 

and 
d<5 

then 
de = A 

e - e P s 
where the quantity A is some arbitrarily small number compared to E • s 
investigation by Crowe has shown that when v* becomes independent of strain, 
the condition of approximately equal to es is also met in intermediate 
oxygen-vanadium single crystals^® } 

To explain these empirical conclusions, we have to correlate ther. 

with the dislocation structures. During low temperature deformation straight 

extended screw dislocations are formed^^*^^ because of the difference be-

tween the Peierls stresses of edge and screw components^Edge disloca-

tions can move long before any screw dislocations are able to. In a defor-

mation process which is controlled by double kink formation the number cf kinks 
( 8) 

with edge character should increase with temperature . A pre-strain at room 

temperature should, therefore, produce a large number of edge segments, vhich, 

during retesting at low temperatures, are favoured to migrate. The ar.o-~.-r of 

micro strain determined by the number of available mobile edge components will, 

therefore, be large when pre-straining at room temperature has been applied. In a case where 5.nterstitially dissolved impurities are rate ccr.Trolling 
(9) 

the micro strain should be reduced . The fact that in this investigation no 

difference could be observed in the magnitude of the micro strain regior. =r 

two different oxygen concentrations is contrary to that prediction, ar.d it seer* 

to indicate that the interstitial atoms have no direct effect on the r.eor.anisn: 

of thermally activated flow. This appears also supported by the temperature 
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dependence of the strain rate sensitivities ' and by- the micro strain 
(9 ) 

behaviour of niobium with a similar high interstitial concentration " which 

have proved that a double kink process is rate controlling at low temperatures. 

Conclusions 

The yield drop in body-centered cubic metals is suppressed when a 

pre-strain is applied. As a consequence, depending on how the new yield point 

is defined, it is possible to have a large variation in the magnitude and 

temperature dependence of the yield stress. However, if a "macro-yielding" is 

defined to begin at the stress where the activation volume becomes strain in-

dependent, then the yield value is comparable tc the lower yield point of an 

unstrained sample. This conclusion is further substantiated by the work of 

Crowe. 
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Figure Captions 

1. Resolved stress vs temperature. The small numbers near the data points 

represent the amount of pre-strain at ambient temperature. 

2. Activation volume vs pseudo plastic strain of samples testê d at various 

temperatures which were pre-strained at ambient temperature. 

3. Activation volume vs pseudo plastic strain of samples deformed various 

amounts at ambient temperature. 

Activation volume vs effective stress for various levels of yield stress. 
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Appendix XIII 

Abstracts of Talks Presented 

1. Thermally Activated Dislocation Motion Through A Random 

Array of Obstacles. 

R. J . Arsenault and T. Oadman i 

Invited Presentation at the Prof. J . Dorn Memorial 

Symposium, Cleveland, Ohio, Pall, 1972. 

2. Effect of Post-Irradiation Annealing on The Strength of 
t 

Vanadium Instertitial Alloys. 

D. P . Has son and R. J . Arsenault 

Annual Meeting of AIME 1972. 

3. The Effect of Oxygen on the Dislocation Channelling in 

Neutron Irradiated Vanadium. 

Y. Huang and R. J. Arsenault 

Annual Meeting of AIME 1972. 

The Effect of Neutron Irradiation on The Dow Temperature 

Deformation Characteristics of Molybdenum, 

D. P . Hasson and R. J . Arsenault 

Annual Meeting of AIME 1972. 
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Thermally Activated Dislocation Motion Through 

A Random Array of Obstacles 

R . J . Arsenault and T. Oadman 
Invited Presentation at the Prof. Dorn Memorial Symposium 

Cle velan d, Oh io 
Pall 1972 

* 

The kinetics of thermally activated dislocation motion through 

an array of short range barriers (s.r.b. J has been determined 

analytically by making several simplifying assumptions. In order io 

determine the kinetics of dislocation through a random array a 

numerical solution is required. A computer simulation of thermally 

activated motion of a dislocation through a random array of obstacles 

was performed. The results obtained were dependent upon several 

boundary conditions, but by far the most important and difficult to 

satisfy (in terms of computer time) was the condition of stendy 

state velocity of the dislocation. After satisfying this boundary con-

dition it was possible to obtain a relationship between stress 
and temperature ( T ) s activation enthalpy (AH) and and activa-

tion volume ( v a n d t * . At best, the analytical solutions 0*2/7-

approximations to the numerical results. In some cases there was 

good agreement between the numerical and analytical results; e.g., 

the numerically determined & HQ at x* 0 is 2.k5 ± .05 eV-

whereas, the analytically determined A C?o at =* 0 is 2.U1 eV. 

Also, the numerically determined value of H is not a function of 
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temperature at constant stress. The average jump distance (h) 

is very small i.e. h ^ 6.2 x 10 cm for a s . r . b . concentration 

of II4.3 ppm. The valve of h is much smaller then the mean s . r . 

spacing £ . 
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Effect of Post-Irradiation Annealing 

on the Strength of Vanadium-Interstitial Alloys* 

D. F. Hasson and R. J. Arsenault 
Engineering Materials Group 
University of Maryland 

College Park, Maryland 20742 
4 

Annual Meeting of AIME 1972 

An experimental study was undertaken to determine whether the yield 

stress increases or decreases due to a post-irradiation anneal of var.aiiurr-

interstitial alloys. Compression and internal friction tests were performed 

on neutron-irradiated and post-irradiated annealed samples of vanadium vrith 

various amounts of interstitial oxygen and samples with a high concer-tra-icr. of 

carbon, the fluence was 1.9 x 1019 n/cm2x (E > 1 MeV at 60°C). The pcst-

irradiation annealing temperature and time for the compression specimens was 

200°C and from 1 to 2 hours, respectively. The internal friction tests cf the 

neutron irradiated V-0 alloys consisted of the measurement of the V-C Sr.cek pea>: 

at the peak temperature versus annealing time. The results of the internal 

friction tests indicate that the amount of oxygen trapped during the irradiation 

is 40%, and this amount is independent of interstitial concentration. ?cst-

irradiation annealing during the internal friction does not result in any further 

reduction of the random oxygen concentration. It was also observed That rost-

irradiation annealing had no effect on the effective stress for all the V-C anc 

V-C alloys. Therefore, the internal friction and compression tests are consis-

tent, and the possible explanation is that at post-irradiation annealing tem-

perature chouen, trapping and detrapping is occurring. 

*This research was supported by The United States Atomic Energy Commission 
under contract No. AT (40-1)-3612. 



233 

The Effect of Oxygen on the Dislocation Channelling 

in Neutron Irradiated Vanadium" 

Y. Huang and R. J. Arsenault 
University of Maryland 

College Park, Maryland 20742 

Annaul Meeting of AIME 1972 

The presence of oxygen interstitials have a very large effect on the 

dislocation configurations in and near the dislocation channels in neutron 

irradiated vanadium. The density of dislocations within the channel increases 

with increasing oxygen concentration. Also with increased oxygen concentra-

tions it appears that the channel acts as source of dislocation. Differences 

in test temperatures had very little effect on the dislocation and channel 

configurations. The dislocation tangles which form at the intersections of 

channels appear to control, the rate of work hardening in samples tested in 

compression. An analysis of the channel directions indicates that slip is 

occurring on both (110) and (112) planes. However, an examination of the slip 

lines indicates that slip is confined primarily to one slip plane. 

^This research was supported by The United States Atomic Energy Commission 
under contract No. AT (40-l)-3612. 
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The Effect of Neutron Irradiation 
0 

on the Low Temperature Deformation Charactics of Molybdenum." 

D. F. Hasson ana R. J. Arsenault 
Engineering Materials Group 
University of Maryland 

College Park, Maryland 20742 

Annual Meeting of AIME 1972 4 

An investigation of effect of neutron damage on the deformation 

characteristics of Mo single crystals was undertaken. By a process cf sc2id 

state oxidation, the carbon concentration was reduced to < 5 wt-ppni fcr all 

specimens. Single crystal Mo compression specimens with orientations fcr [110], 

[100J, [111], and [491] were produced from electron beam zone melted reds. The 

yield stress (defined as the stress where the activation volume reaches a con-

stant value) is essentially independent of orientation. The proporticr.al limit, 

however, is strongly dependent on orientation. A "bump" occurs in the yield 

stress or effective stress vs temperature plot for all orientations, which cor-

relates with an identical bump in a plot of activation volume vs effective stress. 

The neutron irradiated specimens were irradiated to a dose of 1.6 x IG19 r./cn2 

(E > 1 MeV) at - 60°C. In general, the effect of the neutron damage cr. ths yield 

was small. An increase in the effective stress for the [110] orientation occurs 

below the "bump", i.e. at high effective stresses. If the proportional lirJLt cf 

unirradiated specimens is compared with the yield stress of the irradiated 

specimens, then there is a very large increase in the effective stress due to 

neutron irradiation. These results will be discussed in terns of previously 

proposed neutron damage mechanism. 

*This research was supported by The United States Atomic Energy Commission under 
contract No. AT (40-1)-3612. 


