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ABSTRACT
In addition to the accumulation of the implanted
species, a considerable number of processes can affect the
composition of an alloy in the surface region during ion
bombardment. Collisions of energetic ions with atoms of the
alloy induce local rearrangement of atoms by displacements,
replacement sequences and by spontaneous migration and
recombination of defects within cascades. Point defects
form clusters, voids, dislocation loops and networks.
Preferential sputtering of elements changes the composition
of the surface. At temperatures sufficient for thermal
migration of point defects, radiation-enhanced diffusion
promotes alloy component redistribution within and beyond
the damage layer.
"luxes of interstitials and vacancies
toward the surface and into the interior of the target
induces fluxes of alloying elements leading to depthdependent compositional changes. Moreover, Gibbsian surface
segregation may affect the preferential loss of alloy components by sputtering when the kinetics of equilibration of
the surface composition becomes competitive with the sputtering rate. Temperature, time, current density and ion
energy can be used to influence the individual processes
contributing to compositional changes and, thus, produce a
rich variety of composition profiles near surfaces.

INTRODUCTION
Ion beam modification of alloy surfaces has become an active field of
study during the past few years. The field has roots in several areas:
ion implantation in semiconductors, radiation effects on the structure and
properties of materials, effects of ion sputtering, and recognition of the
potential to improve surface properties by ion beams. Recent conferences
and books addressing these aspects of ion-solid interactions are cited in
references [1-7]. The motivation for a large fraction of the work on
alloys is the frequently beneficial effect of ion bombardment on technologically important properties and processes such as hardness, friction,
wear, corrosion, catalysis, adhesion, and reflectance. Underlying these
effects are ion-induced changes in microstructure, i.e., composition,
phase distribution, crystal structure and defect microstructure, in the
surface and the near surface regions of the material. It has become evident that a considerable number of distinct processes contribute to the
evolution of the microstructure during ion bombardment, see e.g. [8].
Energetic ions cause rearrangement of atoms of the solid in displacement
cascades, remove near surface atoms by sputtering and become incorporated
into the material at the end of range. Disordering of atoms may transform
the crystalline structure into an amorphous phase as is frequently observed in covalently bonded elements and compounds. Whereas most pure
metals appear to remain crystalline during ion implantation even at low
temperatures, alloys above a critical concentration are observed to become
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amorphous, e.g., Al with ^ 15 at.% Ni [9] and Mo with ^ 20 at,% P [10].
Ordered alloys become disordered at sufficiently low temperatures; however, at temperatures at which point defects are mobile, the bombardment
may accelerate the ordering reaction in partially ordered alloys. Excess
interstitials and vacancies agglomerate in the form of dislocation loops
and voids, leading to a complex defect microstructure near the implanted
surface.
With the exception of the accumulation of the implanted species, the
processes mentioned thus far can occur in the surface layer of a uniform
alloy target without affecting the alloy component distribution. Several
processes, however, initiate and maintain non-uniform distributions of
alloying elements within the surface region during bombardment. Preferential loss of certain elements by sputtering reduces the concentration
of those elements In the first few layers of the target. Gibbsian adsorption, in which the free energy of the surface is reduced by an increase in
concentration of surface-active elements at the surface, leads to a preferential loss of surface-active elements even in the absence of true preferential sputtering. Defect fluxes from the damage region to the surface
and toward the interior of the material may transport certain alloying
components preferentially and, thus, produce a non-uniform concentration
distribution. This process is termed radiation-induced segregation
(R1S). Displacement mixing and radiation-enhanced and thermal diffusion
counteract any non-uniform concentration distribution present prior to ion
bombardment or induced by RIS or sputtering.
«
In this paper we give a short review of the mechanisms that have been
found important in the development of alloy composition and microstructure
near surfaces during ion bombardment, i.e., defect production and agglomeration, displacement mixing, radiation-enhanced diffusion, preferential
sputtering, Gibbsian adsorption and radiation-induced segregation*

DEFECT PRODUCTION AND AGGLOMERATION
The development of the microstructure during ion bombardment at ion
energies that result in ion ranges larger than the characteristic scale of
the evolving microstructure is best treated by the concepts which have
evolved in the radiation damage community. The scale ranges from a few
nonometers at very low temperatures to tens of micrometers at high temperatures. We will concentrate in this section on the processes that occur
in the "Interior" of the damage range of the incoming ions, where the ioss
of defects and of alloying elements to the surface and to the undamaged
region beyond the range is of minor consequence. For a conceptual understanding of the microstructural evolution of a material during ion bombardment, a treatment of the production and annihilation of defects and
defect, clusters by chemical rate theory is useful [see e.g. '11,12]. This
theory assumes that defects are produced randomly at a density corresponding to the energy density deposited in nuclear collisions [see e.g.
13,14]* The defects are classified as "immobile", e.g., collapsed vacancy
loops or void embryos, and potentially "mobile", e.g., interstitial atoms,
vacancies, point defect-solute complexes and small clusters of point defects.
At temperatures sufficiently low so that neither interstitials nor
vacancies migrate, the defect tnicrostructure consists of displacement
cascades which can be visualized as a core region from which atoms have
been ejected to appear as interstitial atoms in the surrounding region.
The severe rearrangement of atoms in the cascade may result in an amor-

strated in Fig. la for cascades produced by 100 keV C u + ions in Cu^Au
taken from the work Black et al. [15]. Disordered regions occur at every
cascade site. The vacancy rich regions collapse to dislocation loops in a
fraction of the cascades as shown in Fig. lb and lc. With increasing
dose, cascade regions overlap, and vacancy and interstitital type defects
are created in close proximity of existing defects and defect clusters, so
that spontaneous recombination of opposite defects occurs with increasing
frequency. The material approaches a steady state when essentially each
new defect is created within the recombination volume of an existing defect. The corresponding defect concentrations are expected to be H O "
atom fraction. This recombination process will contribute to displacement
mixing once cascade overlap becomes significant.
At temperatures where one defect type is mobile, the mobile defects
annihilate at stationary defects aad defect clusters, or form aggregates. In metals interstitials and small interstitial clusters usually
become mobile at lower temperatures than vacancies. The ultimate steady
state of the irradiated material in this temperature range will not be
significantly different than that at lowar temperatures, except that the
density of the mobile species is greatly reduced, and that of the immobile
species is correspondingly increased.
The steady state density of the less mobile defect starts to decrease
from its low temperature limiting value when its thermal jump frequency
becomes larger than the frequency of production of new defects within the
recombination volume. The slow defect then samples a number of potential
annihilation sites before a new defect is created in its recombination
volume. As the temperature and, therefore, the jump frequency of the slow
defects increase, their concentration decreases. Losses of mobile interstititals and vacancies occur by formation of immobile defect clusters,
and by annihilation at stationary or slowly moving defect sinks. Frequently, interstitial dislocation loops grow by preferential absorption of

(a)

(b)

(0

FIG. 1. Cascades produced in-situ by 100 keV Cu + in Cu^Au and observed at
low temperature: (a) (110) dark field superlattice image, showing disordered zones at cascade sites, (b) (220) dark field and (c) bright-field
images showing loops at some cascade sites.

interstitials until they interact and form dislocation networks; vacancies
preferentially agglomerate into voids. Defect annihilation at sinks
induces defect concentration gradients and, hence, defect fluxes from the
interior of crystalline regions to spatially discrete sinks. These
fluxes, and the excess of mobile point defects are the predominant causes
of microstructural developments of alloys during irradiation at elevated
temperatures: radiation-induced and radiation-enhanced phase transformations, radiation-induced dislocation structures and void swelling
[5,11,16].
Finally, at high temperatures little or no microstructural changes
occur during irradiation. Defect clusters quickly decompose and high
vacancy concentrations promote thermal annealing processes and eliminate
long range migration of interstitials to sinks.

DISPLACEMENT MIXING AND RADIATION-ENHANCED DIFFUSION
Spatial redistribution of alloying elements requires diffusion or
diffusion-like processes. As pointed out above, the production and annihilation of defects result in spatial relocation of atoms. We will use
here the term "radiation-enhanced diffusion" for diffusion of elements
under thermodynamic driving forces by thermally activated motion of defects during irradiation. The term "displacement mixing" will be used for
the collection of processes which lead to redistribution of atoms without
thermally activated defect motion. Cascade, ballistic and ion-beam mixing
are frequently used instead of displacement mixing.
Several processes contribute to displacement mixing even though a
precise distinction is sometimes difficult. Atoms are knocked off their
original site and relocated. Relocation may also occur by replacement
chains. Relaxation can also contribute to displacement mixing, e.g., by
collapse of vacancy rich cascade cores. Extensive defect migration and
defect recombination is expected during the "cooling phase" of highenergy-density cascades. Similarly, the high kinetic energy density
during the evolution of a cascade will induce diffusion of preexisting
defects. Finally, spontaneous recombination between preexisting and newly
formed defects contributes to atomic mixing. A number of theoretical
treatments for displacement mixing exist [17-21]. However, -none includes
all the processes mentioned.
A simple semi-empirical approach to describe displacement mixing
follows along the suggestions of Anderson [17] and Matteson et al. {20].
Neglecting any anisotropy, the mixing process is considered as a random
walk of atoms in three dimensions. The mean square distance, R , an atom
has traveled after N uncorrelated jumps of length r n is given by

R2 =

I

r 2 = N <rZ>

(1)

n = 1
where <r > is the mean square length of the individual jumps. If the N
jumps have taken place in a time interval t, one obtains the following
relation between the diffusion coefficient D, the jump rate N/t = v and
the mean square jump distance <r > [22]
D - (1/6) v <r2>.

(2)

In this approximation, displacement mixing can be described by the usual
diffusion formalism in a way very similar to thermal and radiationenhanced diffusion. The quantities that must be estimated to apply
eq. (2) are the rate with which atoms are changing sites, v, and the mean
square distance, <r >, associated with the site changes.
This task is especially simple for high temperature thermal diffusion
in crystalline solids, where diffusion occurs by exchange of atoms with
neighboring vacancies [22). Therefore, we will discuss the application of
eq. (2) to thermal and radiation-enhanced diffusion before returning to
displacement mixing. Denoting the nearest neighbor distance by b, we have
<r > = b for atom-vacancy exchange. Neglecting all complications, such
as correlation effects and solute-vacancy binding, the jump-frequency of
an atom is the product of the probability of having a vacancy next to it,
ZC , and the exchange frequency of the atom with the vacancy, v v ; here C y
is the atomic fraction of vacancies and Z the coordination number. Thus,

ZC

thermal = ^'^

v

V

Both u y and C v contain Boltzmann factors with the activation enthalpy for
migration and the formation enthalpy of vacancies, respectively. The
straight line denoted "thermal" in the Arrhenius plot of the diffusion
coefficient, Fig. 2, represents the thermal diffusion coefficient.
As discussed previously, the vacancy concentration is increased significantly above the thr^
' concentration at intermediate and low temperatures during ion bombi.
r. and diffusion of atoms via vacancies is
described by eq. (3) witi.
-epresenting the radiation-enhanced vacancy
concentration. The presenct
d migration of interstitials during irradiation also contributes to difiusion. Hence, we can represent the
diffusion coefficient during irradiation approximately as [24-26]
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= (b2/6)Z
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v
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+

C
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where we have ignored potential differences in jump-distances and coordination numbers for intersititials and vacancies. The quantity in square
brackets is calculated from rate theory [11, 12, 24]. At steady state,
the contribution from the interstitials to D
. equals that from the
excess vacancies. The solid line in Fig. 2 is calculated for radiation
conditions typical of high energy ion bombardment experiments.
The diffusion coefficient for displacement mixing is more difficult
to estimate. The ju ip rate v of atoms in eq. (2) should be proportional
to the displacement rate, K. From molecular dynamics calculations King
and Benedek found that = 40 atoms change sites for each stable Frenkel
pair produced at low primary recoil energies [27]. Simila- numbers have
been derived from experimentally determined disordering rates of ordered
alloys at liquid He temperatures [28, 2 9 ] . The mean square jump distance
<r > should be a few times b , because a fraction of the atoms will be
relocated by more than a nearest neighbor distance for larger recoil
momenta in off-close-packed directions. Additional contributions to displacement mixing are expected from induced migration of preexisting
defects and spontaneous defect recombination when cascade overlap becomes
important. The diffusion coefficient due to displacement mixing can be
written as
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rIG. 2. The steady state diffusion coefficient in a 50 run thick foil of
Ni at a damage rate K = 10
dpa/s typical of ion bombardment, calculated
from the analytical solution to the rate equations due to Lam et al.
[23].
A sink density of 10 /cm was assumed. The thermal diffusion
coefficient and the diffusion coefficient due to displacement mixing (see
text) are also shown.

=

(5)
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where TI should be on the order of 10 to 10 at steady state. Ion beam
mixing of bilayer and of marker specimens at low temperature yield values
for n in this range [30, 3 1 ] . The dotted line in Fig. 2 indicates the
magnitude of mixing expected without thermally activated motion of defects
at low temperatures. The diffusion coefficient from athermal mixing exceeds that expected from thermal motion of defects up to the temperature
regime where vacancies become rather mobile.
PREFERENTIAL SPUTTERING AND GIBBSIAN ADSORPTION
Preferential loss of certain alloying elements from the
induces compositional changes which spread into the interior
sion processes discussed in the previous section. The yield
atoms of species i per incident ion in the flux of sputtered
written as [8]

p

i(x)

C

i

( x )d x

surface
by the diffuor number of
ions can be

(6)

where p^Cx) is the probability per unit depth that an i-atom at depth
x > 0 is ejected from the surface, x = 0, and C^(x) is the atomic fraction
of i in the allov at depth x. Written in this form, the distinction

between "true" preferential sputtering or primary effects and secondary
effects in alloy sputtering is made explicit [31]. The sputter probability contains the physical variables that are directly related to the individual sputtering events, such as the type and energy of the incoming ion,
the type of sputtered atom and its surface binding energy. Secondary
effects, i.e., Gibbsian adsorption and radiation-induced segregation influence the yield because of their effects on the composition of the alloy
in the near surface region.
The sputtered atoms come predominantly from a shallow surface layer
[32].
For low energy sputtering the contributions fall off approximately
exponentially with depth, with a decay length on the order of two atomic
layers. Therefore, the integral in eq. (6) can be replaced to a good
approximation by jL C? where pj is the average total probability for an iatom present in the surface layer to be sputtered off per incident ion and
C? is the average atomic concentration of i in the layer. The thickness
of this layer is not well defined, but should be on the order of two
atomic layers as recent results on high temperature sputtering of Ni-Cu
alloys indicate [33].
The differences in the ejection probabilities, p, for the component
atoms of an alloy result primarily from differences (1) in the energy and
momentum transferred to atoms of unlike masses in similar collisions with
the same projectile, and (2) in the energy required by component atoms to
overcome their specific surface binding energy. Anderson has recently
given an extensive compilation and discussion of preferential sputtering
in multicomponent metals [34].
Continuous sputtering of a semi-infinite alloy target of uniform bulk
composition results eventually in a steady state in which the composition
of the sputtered atom flux equals that of the bulk, i.e.,
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where Y^ and C? are the yield and the atomic fraction in the bulk alloy of
component i, respectively, of the element i. In addition, the sputtered
flux contains the bombarding ion species corresponding to a yield of unity
at steady state. Preferential sputtering is accommodated by an appropriate change in the near surface concentration at steady state. Combining the approximation given in eq. (6) with eq. (7) we obtain

(C^/cJ) : (C*/^) : (C3/C3) . . . = 1/Jj : l/p2 :l/p"3 . . .

(8)

i.e., the ratio of the surface and bulk concentrations of an element, at
steady state, is inversely proportional to the sputter probability of that
element. It should be emphasized that C| is the concentration of i
properly averaged over the depth of origin of sputtered atoms and, therefore, is heavily weighted towards the first few atom layers.
Whereas preferential sputtering tends to pin the surface concentration at a value different from the bulk value, see eq. ( 8 ) , Gibbsian
adsorption tends to minimize the surface free energy by increasing the
concentration of surface-active elements in the outermost atom layer relative to that of deeper layers. When atom exchange by thermal or radiation-enhanced diffusion between the top and underlaying atom layers occurs
rapidly enough compared to the sputtering rate, the concentration ratios

ft

will approach their thermal equilibrium values, e.g., in a binary
alloy i, j [35]
CJL/CJL

C

i/Ci

= C

j/Cj

ex

P <Hij/kT>

<9>

where C and C are the atom fractions of i or j in the adsorption layer
(~ 1 atom layer thick [36]) and the adjacent atom layer, respectively.
Hj. is the enthalpy change resulting from the exchange between a j-atom in
the surface and an i-atom in the adjacent atom layer, k the Boltztnann
constant and T the absolute temperature. Enhanced loss of i will occur
for C?/Cj > 1, because the origin of sputtered atoms is heavily weighted
towards the first atom layer. As a consequence, C^ in the subsurface
layer will be reduced in an attempt to approach the equilibrium condition,
eq. (9). We note that the thickness of the Gibbsian adsorption layer is
expected to be smaller than the sputter depth [33]. Hence, the region for
the proper averaging of cf may include a portion of the depleted subsurface region.
Preferential loss of elements from the surface during sputtering
leads, of course, to a corresponding subsurface depletion. At low temperature, the region of depletion will be spread out by displacement mixing
only. With the estimate of Dffl:ix given in the previous section and noting
that the surface recession rate should be on the order of one atomic plane
per dpa (displacement per atom), the altered layer thickness should be
less than a few tens of atom layers for high energy ionss and not exceed
the damage range for low energy ions.
At elevated temperatures radiation-enhanced and thermal diffusion can
lead to significantly increased altered layer thicknesses [33,37]. This
is especially noteworthy for the case of low energy ions typically used
for sputtering. At temperatures at which the mobility of the slower
defects is significant, vacancies and interstitials escape from the damage
region. Hence, an increased diffusion coefficient extends far into the
target. For example, the silicon depleted layers in Ni-Si alloys are 200
atom layers thick after prolonged sputtering with 5 keV Ar ions at 700°C
[38].
RADIATION-INDUCED SEGREGATION
Excess point defects produced by ion bombardment migrate thermally
over significant distances at elevated temperature before being eliminated
by recombination or annihilated at sinks such as surfaces, grain boundaries and dislocations. The spatial separation between defect production
and annihilation leads to persistent defect fluxes, e.g., towards the surface, or from the peak damage region towards regions of lower defect production in front of and behind the peak damage region. Motion of defects
requires motion of atoms, i.e., a vacancy exchanges sites with a neighboring atom, an interstitial atom jumps into an adjacent interstice, or
interstitialcy motion forces a substitutional atom into an interstitial
site while returning a different atom to a substitutional site. In
alloys, defects will frequently migrate preferentially via atoms of some
of the alloying components. This, in turn, will couple fluxes of alloying
elements to defect fluxes. The combination of persistent defect fluxes
and the preferential coupling of certain alloying elements to the defect
fluxes leads to a non-uniform distribution of elements within the microstructure of an initially uniform alloy phase. This phenomenon of radiation-induced segregation (RIS) is rather common, and has been reviewed
recently in some detail [39,40].

The underlying concepts are as follows. A flux of atoms of equal
magnitude and direction is associated with interstitials, J* = J i . The
flux of atoms induced tj vacancies is also of the same magnitude, but
opposite in direction to that of the vacancy flux, J^ = -J y «
Each of the
atom fluxes can be proportioned among the components of the alloy identified by subscripts k,

where c£ and <x£ are the coupling constants between element k and the
interstitital and the vacancy flux, respectively. A net flux of element k
occurs unless jT. = ~JiT> i.e., the vacancy-induced flux exactly compensates
the interstitital-induced flux. At steady state with respect to defects,
the flux of vacancies to sinks (or out of the peak damage region) equals
that of interstitials, because both defects are produced in equal numbers,
and recombination eliminates defects in equal numbers. This assures that
the rate of the total number of atoms arriving at sinks or leaving the
peak damage region quickly approaches zero; however, local compositional
changes will still occur unless the coupling constants of each element to
vacancies and interstititals are equal in magnitude and opposite in sign,

Radiation-induced segregation has been established for numerous
alloys [40]. It is most pronounced at intermediate temperatures, where
defect mobilities are high. At lower temperatures, the high density of
defect clusters which develops during bombardment suppresses long range
migration of defects and, hence, segregation over significant distances.
At high temperatures, high thermal diffusivities prevent the build-up of
significant local concentration differences. In solid solution alloys,
RIS frequently increases the local concentration of solute in the vicinity
of defect sinks sufficiently to exceed the solubility limit. This is
illustrated in the micrographs of Fig. 3, which shows the precipitation of
l ^ S i on several types of defect sinks during ion bombardment of a solid
solution Ni-Si alloy.
Radiation-induced segregation can also lead to spatial redistribution
of phases within the microstructure of polyphase alloys. For example,
enrichment of the solvent (Ni) in the vicinity of defect sinks in the twophase Ni-12.8 at. 7. Al alloy leads to the dissolution of Ni,Al precipitates near the surface, grain boundaries and dislocation loops [41]. The
complex redistribution of precipitates in the near surface region of a
two-phase Ni-12.7 at. % Si alloy during ion bombardment at elevated temperature is illustrated in Fig. 4 which shows a cross section of the specimen from the surface to beyond the damage range [42]. Defect fluxes
ending at the sample surface have deposited sufficient Si to form a continuous film of NioSi on the surface. The Si originated, at least in
part, just below the surface film as evidenced by a precipitate depleted
zone. At the peak damage region, ~1 urn from the surface, the l ^ S i piecipitates have been entirely dissolved and a band of increased precipitate
volume fraction has formed on either side of the peak damage region.
Analysis by energy-dispersive x-ray spectroscopy has shown that the alloy
in the peak damage region is almost entirely depleted of silicon, whereas
the Si concentration in the precipitate depleted zone near the NioSi surface film is close to the solubility limit.
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(c)

(b)

(o)

Fig. 3. Precipitation of NijSi on defect sinks in solid solution Ni-Si
alloys during irradiation; (a) the domain structure of the continuous
surface film of NioSi; (b) toroidal Ni^Si precipitates that form on interstitial dislocation loops; (c) a Ni^Si film that covers a grain
boundary. Courtesy of P. R. Okamoto and K.-H. Robrock.

Ni PLATING

t

V - Ni 3 Si SURFACE FILM
BOMBAI
BOMBARDED
SURFACE

PEAK
DAMAGE
REGION

Fig. 4. Redistribution of Ni^Si precipitates in a Nl-12.7 at. % Si alloy
during bombardment with 250 keV protons at 500°C. Shown is a cross section prepared after, plating the bombarded surface with Ni. The dark field
image is produced by using a superlattice reflection of the Ni^Si phase.
The original uniformly distributed precipitate phase has formed a continuous film at the surface, depleting a subsurface layer of precipitates.
The defect fluxes leaving the peak damage region removed most of the Si
from this n>alnn. Courtesv of C. Allen. P. R. Okamoto and N« J. Zaluzec.
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SUMMARY
Ion beams can modify the mlcrostructure, composition and, hence, the
properties of alloy surfaces in a variety of ways. The impact of the ions
produces point defects and defect clusters. This process results in displacement mixing even at very low temperatures. It also may result in
disordering of ordered alloys or amorphization. In materials that remain
crystalline, a high density of defects and defect clusters develops with
increasing dose at low temperatures. At intermediate temperatures, interstitial and vacancy defects become increasingly mobile, and the defect
structures become less dense and well defined in the form of dislocation
loops and networks, and, in many alloys, voids. With the reduced defect
density, vacancies and interstitials migrate significant distances before
annihilating at surfaces, dislocations and grain boundaries. The presence
of excess mobile defects leads to radiation-enhanced diffusion, and the
persistent defect fluxes lead to redistribution of alloy components and
phases within and beyond the damage range. Selective loss of certain
alloying elements by preferential sputtering and, indirectly, by Gibbsian
adsorption or RIS and sputtering, leads to depletion of these elements
from the near surface region. The depleted layer can spread significantly
by displacement mixing, radiation-enhanced diffusion and RIS. It is evident that a wide variety of microstructures, and phase and composition
distributions can be produced in near surface regions of alloys by appropriate choices of energy, type and current density of the bombarding ions,
the irradiation temperature, and the initial structure and composition of
the target.
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