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Preface
On the eve of the 15th Plansee Seminar we look back on half a century of this
conference series founded by Professor Paul Schwarzkopf in 1951. The
Proceedings of these Seminars form an impressive chronicle of the continued
progress in the understanding of refractory metals and cemented carbides and in
their manufacture and application. There the ingenuity and assiduous work of
thousands of scientists and engineers striving for progress in the field of powder
metallurgy is documented in more than 2000 contributions covering some 30 000
pages.
As we enter the new millennium the basic needs of the markets we are serving
remain the same: improved material properties and designs translating into
improved product performance and reliability. In view of ever shorter product life
cycles, however, the pressure on material scientists and engineers to introduce
these new products at reduced time-to-market and with improved benefit/cost ratio
is continuously mounting.
Since 1951 the means to meet these demands have greatly improved: novel
equipment with improved process control, faster computers for simulation as well as
for data acquisition and reduction, analytical tools with undreamed-of accuracy; all
coupled with the shrinkage of distances brought about by the revolution in global
communication.
The 15th Plansee Seminar was convened under the general theme "Powder
Metallurgical High Performance Materials". Under this broadened perspective the
Seminar will strive to look beyond the refractory metals and cemented carbides,
which remain at its focus, to novel classes of materials, such as intermetallic
compounds, with potential for high temperature applications.
It is with great pleasure that I welcome you in the name of Plansee Holding AG
here in Reutte/Tyrol and extend to you my sincere wishes for a fruitful, inspiring
seminar. Thank you in advance for your personal contribution to making the 15th
Plansee Seminar a successful, memorable event.

Reutte, May 2001

Fc r the Executive Board

Dr. Michael Schwarzkopf
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Eröffnungsrede 15. Plansee Seminar
Meine sehr geehrten Damen und Herren,
Herzlich willkommen in Reutte und ich freue mich, Sie heute morgen im
Namen des Vorstandes der Plansee Holding AG zum 15. Internationalen
Plansee Seminar in unserem Haus begrüßen zu dürfen. Wir fühlen uns sehr
geehrt, dass sich rund 500 Teilnehmer aus ca. 40 Ländern für diese
Konferenz angemeldet haben und ich darf Ihnen allen aufrichtig danken, dass
Ihre Wahl auf unser Seminar gefallen ist.
Die Plansee Seminare haben eine lange Tradition in der Pulvermetallurgie
von Hochschmelzenden Metallen und Hartmetallen und wir waren auch
diesmal wiederum sehr bemüht, Ihnen eine Woche mit interessanten
Vorträgen und Posterpräsentationen zu diesen Werkstoffgruppen bieten zu
können. Die Vorbereitungen für das 15. Seminar haben vor mehr als zwei
Jahren begonnen und ich möchte es an dieser Stelle nicht verabsäumen,
allen Beteiligten, die ihr Bestes für eine hoffentlich wiederum erfolgreiche
Konferenzwoche beigetragen haben, herzlich zu danken. Ohne dem
wissenschaftlichen Komitee, dem internationalen Liaison Board und vielen,
an dieser Stelle ungenannten Mithelfern wäre es nicht möglich, als
Privatunternehmen ein Seminar dieser Größenordnung zu organisieren.
Meine Damen und Herren, seit einem halben Jahrhundert hat die Plansee
Gruppe erst alle drei, und später alle vier Jahre diese Woche der Begegnung
zwischen Wissenschaft und Industrie veranstaltet. Es war nie unser vorrangiges Ziel, durch diese Seminarwoche das Image und den
Bekanntheitsgrad der Unternehmensgruppe zu verbessern, sondern in erster
Linie einen entscheidenden Beitrag zum technischen und wirtschaftlichen
Fortschritt - durch den Gedankenaustausch und die Zusammenarbeit auf
dem Gebiet der Pulvermetallurgie von Hochleistungswerkstoffen - zu leisten.
Dieses Seminar sollte aber aus unserer Sicht auch eine Plattform sein, um
sich mit den Besten der Welt aus technologischer und innovativer Sicht zu
messen. So hoffe ich, dass diese Woche für uns alle ein intellektueller
Gewinn sein wird - für Sie als Teilnehmer, für das Organisationsteam - und
finanziell hoffentlich auch für die Region Reutte.
Wir sind uns aber auch bewusst, dass das Plansee Seminar im weltweiten
Wettbewerb mit anderen, äußerst professionell durchgeführten Konferenzen teilweise sogar mit Meerblick - steht. Von Anfang an hat sich unser Seminar
deshalb auf einen kleinen Ausschnitt der
pulvermetallurgischen
Hochleistungswerkstoffe konzentriert, um sich durch diese Fokussierung von
anderen Veranstaltungen zu differenzieren. Unser erklärtes Ziel ist, das
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Plansee Seminar als die weltweit führende, international ausgerichtete und
den
gesamten
Innovationszyklus
einbindende
Fachtagung
für
Hochschmelzende Metalle, Hartmetalle und andere neue Hochleistungswerkstoffe zu positionieren.
Haben wir dieses Ziel schon erreicht? Da wir Ihre Meinung dazu hören
möchten, haben wir uns erlaubt, Ihren Tagungsunterlagen einen Fragebogen
beizulegen. Ich darf Sie heute schon bitten, uns mit ein paar Minuten Ihrer
Zeit eine bessere Beurteilung unserer Seminarleistung zu ermöglichen.
Meine sehr geehrten Damen und Herren,
Erlauben Sie mir einige Anmerkungen zu den für diese Woche im Mittelpunkt
stehenden Werkstoffgruppen.
Diese schon in der Reifephase positionierten Materialbereiche haben in den
letzten Jahren einen m.E. überraschend erfreulichen Wachstumskurs
genommen. Doch nicht nur die stabile weltweite Konjunkturlage, die
Globalisierung und damit der Zugang zu neuen Regionalmärkten haben
diesen Aufschwung bewirkt. Speziell die Kundenforderungen nach höherer
Leistung bei gleichzeitig nachhaltiger Verbesserung der Umwelt-, Energieund Rohstoffbilanz waren die entscheidenden
Innovations- und
Wachstumstreiber der letzten Jahre. Nehmen Sie als Beispiel
• die Miniaturisierung in der Lichttechnik,
• die Anforderungen an Beschichtungsmaterialien oder Leiterplattenbohrer
im Umfeld der Elektronik,
• die Herausforderungen in der Zerspanung von neuen Leichtmetallen für
die Automobilindustrie verbunden mit den ökologischen Auflagen wie die
Trockenbearbeitung oder
• generell die beschleunigte Substitution von Schnellstahl durch Hartmetall.
Nur einige Beispiele die zeigen, dass die industriellen Chancen für diese
Werkstoffgruppen nach wie vor gegeben sind. Ein weiterer Trend, der auch
durch die Zunahme von Seminarbeiträgen zur numerischen Simulation und
Modellierung bestätigt wird, verdeutlicht die generellen Bemühungen zur
Optimierung der pulvermetallurgischen Prozesse. Zusammen mit neuen
Verfahren der Analytik, der Material- und Qualitätsprüfung sind dies
unentbehrliche Werkzeuge für die Weiterentwicklung der Pulvermetallurgie
von einer erfahrungsgestützten zu einer wissensgestützten Technologie.

Powder Metallurgical High Performance Materials

XI

Mit kritischem Blick, meine Damen und Herren, und auch mit Sorge betrachte
ich aber die Veränderungen auf dem industriellen Anbieterfeld. Die
zunehmende Öffnung der globalen Märkte, verbunden mit der nach wie vor
hohen Attraktivität dieser Werkstoffgruppen hat zu einer weiteren
Konzentration der Marktteilnehmer, zum Auftritt neuer Lieferanten mit
teilweise äußerst aggressivem Marktverhalten und zu einer zumindest zur
Zeit instabilen Angebot/Nachfrage-Situation, speziell für Wolframrohstoffe,
geführt. Diese veränderten Marktverhältnisse erfordern eine hohe Disziplin
von allen Beteiligten, um auch zukünftig die kundenseitige Akzeptanz für
diese Werkstoffe zu gewährleisten.
Meine sehr geehrten Damen und Herren,
Die Schwerpunkte des 15. Plansee Seminars kreisen traditionsgemäß um
Hartmetalle, Hartstoffe und Refraktärmetalle. Dennoch haben wir das
Gesamtthema des 15. Plansee Seminares bewusst „Powder Metallurgical
High Performance Materials" getauft, um anderen Hochleistungswerkstoffen
wie z.B. intermetallischen Verbindungen, die in klassische Anwendungsbereiche der hochschmelzenden Metalle vordringen, einen Platz
einzuräumen. Nur durch die umfassende Betrachtung des konkurrierenden
Werkstoffumfeldes, der Darstellung des Innovationszyklus von der
Grundlagenforschung bis zur industriellen Anwendung und der gesamten
verfahrenstechnischen
Prozesskette
können
schlussendlich
die
Zukunftschancen dieser pulvermetallurgischen Hochleistungswerkstoffe
beurteilt werden.
Ich hoffe, dass wir mit den ausgewählten Schwerpunkten für diese
Seminarwoche auch Ihre Interessensgebiete abdecken werden. Lassen Sie
mich schließen und Ihnen nochmals sehr herzlich für Ihr Interesse am 15.
Internationalen Piansee Seminar danken.
Ich wünsche dieser Konferenz einen guten Verlauf und Ihnen, meine sehr
geehrten Damen und Herren, einen erfolgreichen und angenehmen
Aufenthalt in Reutte.

Dr. Michael Schwarzkopf
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... delivered by Dr. Michael Schwarzkopf.

"Is nuclear fusion an answer to global warming?"
Critical questions to Prof. Karl Lackner after his Opening Lecture.
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Chairmen opening a discussion ...
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Refreshing the mind outdoors ...

... and the body at the Snack Bar.
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Discussions during a Poster Session ...

... and explanations by hand-waving.
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Closing Remarks 15th International Plansee Seminar

Ladies and Gentlemen,
dear friends and colleagues!

Almost 50 years ago Prof. Dr. Paul Schwarzkopf defined the aims of the
Plansee Seminar as follows:
•

Furtherance of closer cooperation between scientists and engineers

• Creation and renewal of personal contacts between powder
metallurgists and scientists as well as engineers working in related
fields
•

Exchange of experience among
independently in different countries

scientific

communities

working

Looking back to the last five days of communication, discussions and
presentations, we can surely recognize that these guiding principles are still
valid.
The world of academy and industry, the world of the customer in all varieties
from the very beginning of the value added chain to the final application has
been growing together.
Partnership -total and global- has been turning out to be the key also to the
materials related challenges of the future, and we all here are the proof for
this.
In all 242 presentations have been accepted. Thereof remarkable 50 per cent
can be classified as partnership papers: 4 per cent within industrial partners,
20 per cent within academic institutions and 26 per cent within both worlds. In
other words every second paper presented at this 15th Plansee Seminar has
been based on joint development work as impressive examples of a living
task sharing.
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Keeping in mind this growing network of international and interdisciplinary
partnership and the high quality of science and technology of the institutions
which you are representing we are fully justified in saying that the world of PM
high performance materials is in good shape and well prepared to meet the
requirements of the next key technologies and markets.
Pleased at this situation, on behalf of the Schwarzkopf family and the
executive Board of Plansee, I would like to thank all who have contributed a
great deal to the success of the seminar: the authors, the keynote speakers,
the session chairmen, the members of the scientific and organizing
committee, the members of the liaison board and all participants.
We wish you and your company or institution all the best and great success
for your projects, cooperations, and all your business activities.
Once again, thank you very much!
Good bye! Auf Wiedersehen!

.-•"7

Dr. Günter Kneringer
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CHARACTERISATION OF POWDERS UP TO DATE LAWS OF
COMPRESSION

The relationship p. 191-192 and 194 is written as follows:
|(d-do) / (dth/do) = KPri

The correct relationship is:
l(d-do) / (dth-do) = KPn

AT0200467
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3)
Allied Material Corp. Tokyo, Japan
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SUMMARY
Manufacturing of tungsten based materials for the target of spallation neutron source for
the next generation is described. A sintered tungsten block cladded with tantalum sheet and
a stainless-steel bonded heavy alloy were selected as candidates for the long-life target
materials having enough resistance to corrosion in hot water and less intense susceptibility
to radiation damage. The process conditions and pertaining metallurgical problems for the
target fabrication are briefly described and discussed. The tantalum-clad tungsten target has
been used in the current proton-accelerator-driven pulsed neutron source of the High Energy
Accelerator Research Organization, Tsukuba, Japan, and has proved to give neutron yield of
20% higher than that of the current Ta target. The stainless-steel bonded heavy alloy still
needs further investigation on the mechanical and corrosion properties.
KEYWORDS: spallation neutron source, solid target, radiation damage, corrosion
resistance, tantalum-clad tungsten, HEP, heavy alloy, stainless steel binder

1. INTRODUCTION
The construction of high intensity proton accelerators is being planned in Japan to
pursue frontier science in the fields of particle physics, nuclear physics, materials
science and life science, as well as in nuclear technology1-1'1. This is a joint project of
the Japan Atomic Energy Research Institute (JAERI), Tokai, and the High Energy
Accelerator Research Organization (KEK: Japanese abbreviation), Tsukuba, Japan,
and is divided into two phases. The first is the construction of proton accelerator
complex consisted of 400 MeV Linac(linear accelerator) and 3-50GeV synchrotrons
with highest level of beam power, which is accompanied by facilities of spallation
neutron source and mason probe for materials and life science, and approved this
year (in 2001) by Japanese government and will be completed in six years by 2006.
The second is the construction of accelerator driven system (ADS) for nuclear
transmutation and neutrino science, which will start in 2007. Both of the neutron
scattering facility and ADS need high-flux spallation neutron source composed of
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metal target and cooling system.
One of the key technologies to promote this construction plan is the development
of the target that generates high-flux neutrons by the irradiation of high-energy
proton beams(2). To develop a long-life target a research project was organized by
KEK, under the support of Japanese Ministry of Education and Science, in which
people from seven Japanese universities and the Japan Atomic Energy Research
Institute have participated together with the KEK researchers.
The technical requirements for the spallation target are(3): (1) high neutron yield,
(2) structural and thermal stability to withstand high energy proton beam, (3)
radiation damage resistant, (4) corrosion resistant in cooling water (actually heavy
water is used as a coolant), (5) compatibility with cooling pipe materials (usually
stainless steel is used). High-density metals are candidate target materials because
they have a high neutron yield. Liquid target, such as mercury and Pb-Bi alloy, is the
first option because they will simultaneously serve as a coolant, and solid target is
the second option. But in the present project the research efforts were focused on
the solid target because the liquid target has still many unknown factors to be
investigated in the target design, while solid target is currently in use in the neutron
source with a low power proton beam. As a target material tungsten was selected
because it has a high neutron production ability, and its post irradiation lifetime is
much shorter compared to its neighboring elements (3>4).
However, tungsten shows poor corrosion resistance against water coolants due to
the formation of ragged tungsten hydroxide (5), and intense susceptibility to radiation
embrittlement. Two approaches for the solid target fabrication will be described in
this paper: one is a stainless-steel-bonded tungsten alloy and the other is
tantalum-clad tungsten. The former is fabricated by liquid phase sintering, the latter
by hot isostatic pressing (HIP).

2. TUNGSTEN-STAINLESS STEEL HEAVY ALLOY
2.1 Specimen preparation
Critical issues for the spallation target materials are toughness degradation due to
intense radiation damage and corrosion in hot water. Pure tungsten is known to
corrode easily in water during radiation (6>7). Tungsten heavy alloy (W-Ni-Cu-Fe) is
also subjected to corrosion due to the formation of porous film of tungsten- and iron
hydroxides. Kawamura (5) has reported that the corrosion of the tungsten heavy alloy
(97W-Ni-Cu-Fe) in a wet condition is remarkably improved by the addition of small
amount of chromium. It seemed that the chromium addition improved the corrosion
resistance of the binder phase, a stainless steel of 304 type was used as corrosion
resistant binder.
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Tungsten powders of 5 and 9 urn in average size and a stainless steel powder
(SUS304L: 0.017C, 08Si, O.IMn, 0.025P, 0.005S, 18.2Cr, 10.8Ni, Fe(bal)) of 8.2 ^im
were used as starting materials, as shown in Fig. 1. The stainless steel powder was
water-atomized and has an oxygen content of 4300ppm mainly as a surface oxide.
They were mixed in weight % of 93 and 97W by wet milling. The dried and
disintegrated powder was die-compacted at 150MPa to a cylindrical form of 10mm
in diameter and 15mm in height, and subsequently CIPed at 200MPa to eliminate
density inhomogeneity generated by die wall friction. Vacuum sintering was
conducted in a temperature range of 1350-1550C and time interval of 5 min-5h in a
tungsten-mesh heater furnace using boron nitride crucible as a sample holder. The
sintered compacts were HIPed to eliminate residual pores at 200MPa and 1500C.
Some samples were liquid-phase-sintered in hydrogen, or directly HIPed below the
melting point of the stainless steel (1400-1450C) to see microstructure variations.

Fig. 1 Tungsten and stainless powders used in the present investigation
(a)W powder, 5 urn, (b) Stainless steel powder, 8.2 u.m

2.2 Microstructure
Figure 2 shows macro views of the cross section of the sample vacuum sintered lh
at 1450C. Three zones having different microstructures can be seen in the
micrograph. They are mono-phase surface layer, dense intermediate layer and porous
core. The surface shell structure would have been formed by the vaporization of
binder phase during liquid phase sintering. Pore elimination in the center core is
supposed to be suppressed by the formation of this dense shell structure. On the other
hand a homogeneously distributed heavy alloy structure was obtained by hydrogen
sintering.

RM4

R. Watanabe et al.

15'" Internationa! Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

Fig.2

Cross section of the 97W-Stainless steel heavy alloy
vacuum sintered for 1 h at 1450C

Figure 3 shows typical microstructures of vacuum and hydrogen sintered samples
that were HIP-treated at 1500C after sintering at 1450C. Both exhibit typical heavy
alloy type microstructure. The microphotograph of the vacuum-sintered sample was
taken from the binder-depleted intermediate zone where small pores still remain
mainly in the binder phase. On the other hand in the binder phase of the hydrogen
sintered sample angular voids are seen to exist, which would be solidification blow
holes formed during cooling from sintering temperature. The relative densities of the

(a)

(b)

Fig. 3 Typical heavy alloy structures of the specimens HEP-treated for 3 h at 1500C after
normal sintering. (a)Vacuum sintered for lh at 1450C, (b)Hydrogen sintered for lh at 1450C.
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HEP-treated samples did not reach 100%(about 98% as determined by image
analysis) because of such residual pores. Composition analysis by EPMA showed
that W dissolved into the binder phase by 72wt%, whereas iron and chromium in the
binder phase were found to dissolve into W phase by about 1 % or less. The densities
of se dissolution behaviors must have influenced the densification and microstructure
evolution during sintering. Judging from the phase diagrams of W-Fe, W-Ni, and
W-Cr, tungsten dissolution into binder phase by several tens of wt% would not
increase the melting point of the binder. But the dissolution above these values would
increase the melting point, and it is likely to occur sintering retardation and
microstructural change with increasing sintering time. This situation was actually
observed in the vacuum sintering of 93W-7stainless steel at 1500C as shown in Fig.
4. The sintering structure was observed to change with sintering time, a dispersion
structure in the first stage, a coagulated structure in the middle stage and again
dispersion structure in the final stage. This suggests that along with the increase in
the melting point due to the W-dissolution into binder phase the dihedral angle, i.e.
the interface energies, also changed during sintering. The complete densification and
a typical heavy alloy structure would require sintering temperature of higher than
1500C for this alloy. Considering that the composition of the binder phase changes to
a great extent by the dissolution of W, HIP consolidation at 1300C under the melting
point of stainless steel was conducted. The microstructure of the HEP-consolidated
compact is shown in Fig. 5, which exhibits a skeletal structure of tungsten phase.
This HIPed alloy possesses a microstructural homogeneity, and is to be studied as the
alternative to the liquid-phase-sintered alloy. The binder content of the solid state
consolidated compact was measured to be 25.3 vol%, a little smaller than the
liquid-phase-sintered compact with binder content of 26.9 vol%.
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Fig. 4 Microstructure change in 93 W-7stainless steel heavy alloy during sintering at 1500C
in vacuum, (left) hold for 0 min, (right) hold for 20 min.
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50(am
Fig. 5 A 93W-7stainless steel alloy HEP-consolidated at 1300C and 180 MPa.

2.3 Thermal and mechanical properties
The thermal conductivity of the present 93 W alloy was measured by laser flash
method (Netzsch LFA427), as shown in Fig. 6, along with the data for tungsten and
stainless steel. The present alloy has lower thermal conductivity as compared with

93%W (predicted value)

93%W (measured value)

SUS 304
20
0
200

400

600

800

1000

1200

Temperature (°C)
Fig. 6 Thermal conductivity of the present 93W-7stainless steel alloy as compared with
those of tungsten and stainless steel.
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the conventional alloy, and its temperature dependence is rather similar to the
stainless steel, that is, the thermal conductivity increases with temperature. These
data will be used in the thermal design of the spallation target. In general, high
thermal conductivity is preferred to reduce the thermal stress that will be generated
by proton bombardment in the pulse neutron generator. Preliminary calculation by
finite element method has shown that this thermal stress does not exceed 200 MPa^8 ^
, but nevertheless it will be critical for the present alloy under the irradiation.
The strength and toughness of the present alloy was evaluated by small punch
test(9>10) with disk-shaped specimens (see Fig. 7). The stress is defined by Eq. (1), (but
strictly only for the onset of loading when the plain contact is present between the
puncher and the specimen).

2m

-(1 + v)

1-v 2

h2

(1)

where, amax is the nominal maximum fracture stress, P is load at fracture, t is
specimen thickness, v is Poisson's ratio, a and b are radii of the puncher and the
loading area, respectively. Figure 8 shows the load-deflection curves for the
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Fig. 7 Schematic illustration of small punch
set-up and the loading condition.

Fig.8 Load-deflection curves for the
liquid- phase-sintered 93W-stainless steel
and solid- state consolidated alloys.
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liquid-phase-sintered 93W- stainless steel and solid-state consolidated alloys. The
liquid-phase-sintered specimen exhibits serrated deflection curve that indicates a
multiple mode of crack propagation, whereas the solid-state consolidated specimen is
seen to be brittle. The multiple-mode fracture observed in the liquid-phase sintered
alloy would be preferable to alleviate the radiation embrittlement.
3. TANTALUM-CLAD TUNGSTEN
3.1 HIP cladding of tantalum onto tungsten(U)
Tungsten is the first candidate for the solid target because of high neutron yield,
but it is very corrosive in hot water, particularly under proton radiation(6'7). Therefore,
cladding tungsten with corrosion-resistant metals is necessary for the long-life target
with high neutron yield. Tantalum has been considered to be the best material for the
cladding because it is corrosion resistant, and has relatively high neutron yield and
better metallurgical compatibility with tungsten compared to the other
corrosion-resistant metals, such as stainless steel, zircalloy, niobium and so on.
ISIS(12 ^as developed a tantalum-cladded tungsten target by HIP at 1400C and at a
pressure of 1.45GPa. In the present investigation HIP cladding under conventional
HIP pressure (<200MPa) has been studied for the practical application of this method
to a large-sized target of the order of about 100 mm. The cladded target had also been
expected for use in the current neutron source installed in the 500 MeV synchrotron
at KEK, Tsukuba, Japan. The sintered and hot-rolled tungsten block that had been
canned with tantalum coverage of 0.6mm thick vacuum-sealed by electron beam
welding was HEPed at 1400-1800C at a pressure of 180 MPa.
3.2 Evaluation of bonding interface
The bonding integrity of the interface between the tantalum overlayer and the
tungsten block is of first concern for the spallation target because bonding defects, if
any, would result in peeling off the corrosion resistant surface layer, thus leading to
shortening of the target life. Raising HIPing temperature is effective in endowing the
interface with high bonding strength. But the recrystallization and grain coarsening
of tungsten and tantalum may be enhanced simultaneously during HEP at high
temperature, which would result in the decrease in the fracture toughness of the
target. It is therefore necessary to optimize HIP cladding temperature. In the present
study, the bonding strength of the W-Ta interface was evaluated using the small
punch test(SP test), and the diffusion thickness across the interface was measured by
EPMA. The SP samples were prepared by the following procedures. First, tungsten
and tantalum billets with a semicircle cross section (radius= 5 mm) were sampled
from the same kind of materials as the target. The rectangular longitudinal cross
section was polished to the same finish as the tantalum can and tungsten block for the
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targets. The polished sections of the both billets were put together and inserted into a
tantalum tube (inner diameter = 10 mm, thickness = 1 mm). The tube was
vacuum-sealed by electron beam welding, and HIPed under the same conditions as in
the HIP cladding. Finally, the HIPed sample was sliced into thin disk specimens, one
half of which is tungsten and another half is tantalum. After polishing the disk
surface, the specimens were subjected to SP testing, in which the load was applied to
the specimen center, i.e., at the center of the bonded interface. Figure 9 shows typical
curves of the SP test of the bonded specimens. For all the specimens, a load drop was
observed before the eventual fracture. By SEM observation, it was found that such a
load drop corresponded to the crack initiation. Regardless of the HDPing temperature,
crack was formed and propagated within tungsten, as shown in Fig. 10. This
observation suggests that the interface formed under the present HIPing conditions
was well bonded, with a bonding strength at least higher than the fracture strength of
the tungsten block. However, when the HIPing temperature exceeded 1500 C, the
load for the crack initiation, as well as the fracture strength, decreased due to
recrystallization. Therefore, the optimal HIPing temperature was determined to be
1500C. The diffusion thickness formed at this temperature was measured by EMPA
to be 3.5 jam.
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* Test interruptted
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1 Crack initiation
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gj 300

200
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100 -.
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Fig. 9 Load deflection curves in small punch test for the bonded specimens of tungsten and
tantalum.
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Bonded interface

7a

Bonded interface
Fig. 10 Crack initiation and propagation in HEP-bonded W-Ta (The load was applied at the
center of the bonded interface.)

3.3 Fabrication of practical target
Carburization and oxidation of the tantalum layer during HIPing was found to
result in the crack formation during cooling. Carbon source is graphite element that is
conventionally used as HIP heater, and oxygen source is argon gas as a pressure
medium. To avoid these difficulties the canned block was carefully enveloped with
zirconium foil as a getter of carbon and oxygen. The overall view of the
tantalum-cladded tungsten target is shown in Fig. 11. This target has been used in the

Fig.ll Overall view of the tantalum-cladded tungsten target. (L= 76.89mm, W=
56.16mm, H= 29.18mm)
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current proton-accelerator-driven pulsed neutron source of the High Energy
Accelerator Research Organization, Tsukuba, Japan, in place of Ta target, and has
proved to give a neutron yield of 20% higher than that of the Ta target(13).
4. CONCLUSION
Stainless-steel-bonded tungsten heavy alloy still needs study of the mechanical and
corrosion properties. But a multiple crack propagation in this alloy would alleviate a
catastrophic fracture of the radiation-damaged target.
Tantalum-cladded tungsten target for high-density neutron source is successfully
fabricated by HIPing at 1500C and 180 MPa with special care of protecting from
carburization and oxidation.
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CREEP RESISTANCE OF Fe-BASED ODS TUBES WITH HOOP GRAIN
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Abstract
To overcome the shortcoming in creep performance of conventional Febased oxide dispersion strengthened (ODS) alloy tubing and release the true
potential for the use of these materials in high temperature heat exchanger
applications, PM2000 tubes with coarse hoop grain structures have been
produced by flow forming techniques. In this paper the creep resistance of
these tubes at 1100°C is reported. It was found that the hoop-grained tubes
had improved creep properties compared to conventionally extruded tubes. In
fact, creep performance approached that of extruded bar materials. Postcreep metallographic tests suggested that tube material failed predominantly
by intergranular creep cavity link-up, a common mechanism for this material.
Elongated hoop grains together with cleaner grain boundaries are believed to
be principal factors contributing to improved creep performance. Further
practical issues together with the way in which these tubes can be exploited
for a new generation of high temperature heat exchanger are also discussed
in this paper.
Keywords
Fe-based ODS alloys, Creep resistance, Powder metallurgy, Mechanical
alloying, Fractography
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1. Introduction
Oxide dispersion strengthened (ODS) alloys produced by the powder
metallurgy technique mechanical alloying can exhibit an excellent
combination of high temperature creep strength and oxidation resistance that
cannot be obtained in other alloys [1]. Their unique properties make ODS
alloys an important class of materials for potential engineering applications at
high temperatures, and often in aggressive gaseous environments. Coarse
grained Fe-based ODS alloys such as PM2000 are attractive for potential
application in advanced, indirect combined cycle gas turbine systems
currently been investigated to enable overall energy conversion efficiencies of
45% and above in biomass systems. To reach such high efficiencies,
thermodynamics dictate (Brayton Cycle) that it will be necessary to develop a
heat exchanger capable of gas operating temperatures and pressures of
around 1100°C and 15-30 bar, respectively, for efficient entry heating of the
gas turbine working fluid. This, in turn, demands metal operating
temperatures up to 1150°C for heat exchanger tubing. In such pressurised
tubes, the maximum principal creep stress is oriented in the hoop direction
and conventional Fe-based ODS alloy tubing currently exhibits substantially
poorer hoop than axial creep resistance. The reason for this is clear.
Conventional Fe-based ODS alloy tubing is processed by unidirectional
extrusion followed by heat treatment. This results in tubes with anisotropic,
very coarse grained, axially aligned microstructures which exhibit excellent
axial creep properties. To overcome this problem and release the true
potential for application of Fe-based ODS alloys in high temperature heat
exchangers, a European funded BRITE-EuRAM project has been undertaken
in an effort to develop PM2000 alloy tubes with a coarse grained, high grain
aspect ration (GAR) microstructure aligned in the hoop rather then the axial
direction using commercial flow forming techniques. The latter is a chipless
machining technique with great precision and improved material economy.
PM2000 tubes with coarse hoop grain structure have been successfully
formed and the detailed results have been reported elsewhere [2, 3].
In this paper, the hoop direction creep resistance of two of these flow formed
tubes has been examined. Results indicate that such tubes can exhibit much
improved creep peformance compared with the normal extruded tubes.
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2. Experimental Methods
PM2000 is a ferritic ODS superalloy (Fe-20Cr-5AI-0.5Ti-0.5Y2O3) produced
by mechanical alloying. Two flow formed tubes with overall levels of
deformation of 80.80% (Tube 1) and 89.60% (Tube 2), respectively, have
been examined in this work. Details of tube production processes can be
found elsewhere [2,3].
To prepare hoop creep samples for testing from flow formed tubes, ring
samples were cut from as-flow formed tubes. These were then slit axially and
flattened at a temperature of 800°C. The flattened strips were annealed at
1380°C for 1h to give a fully recrystallised coarse grain structure. To ensure a
flat sample was obtained, a load was applied to the strip during
recrystallisation annealing. Hoop orientation creep samples were sectioned
from tube after annealing and prepared for testing.
Creep tests were carried out at 1100°C with a constant load of either 40MPa
or 50MPa, respectively. Details of samples tested in this work are
summarised in Table"!.
Fractography of crept samples was performed using a Hitachi S-2460N SEM
operated at 25kV.
To further understand creep behaviour, longitudinal sections of crept samples
(i.e. transverse sections of tube) were mounted and mechanically polished to
a 0.5|im finish using an alumina suspension and then were examined
optically using differential interference contrast (Nomarski) techniques. One
important advantage of this technique is that chemical etching is not required,
obviating the contrast differences that can complicate simultaneous
observation of porosity and grain structures in chemically etched samples.
3. Results and Discussion
Tablei summarises the creep results from the two tubes tested at 1100°C.
For comparison, these creep data together with creep data from several Febased ODS alloys and product forms tested at 1100°C have been presented
in Fig.1. It is clear that the hoop creep strength of the flow formed and
recrystallised tubes is enhanced compared with traditionally extruded
PM2000 and MA956 tubes. This was particularly true for tube 2, where creep
performance approached that of PM2000 bar material. These results indicate
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that hoop direction creep performance can be improved by realigning the
coarse grain structure from the axial to the hoop direction.
Table 1. Hoop Direction Creep Life of the Flow Formed PM2000 Tubes
Tube Number
1
1
2
2

Sample
Number
HC11
HC12
HC21
HC22

Stress (MPa)
40
50
50
50

Temperature
(°C)
1100
1100
1100
1100

Creep Life
(h)
42
9.6
136
282

Creep strength at 110CTC

100

10

^»—PM2000 sheet
- & - PM2000 bar
-! ;-PM2000tube
X MA956tube
10

X

v
X

100

1000

$• tube 1 hoop
"&• tube 2 hoop

10000

100000

time [h]

Fig.1 Hoop creep resistance of the flow formed tubes together with
other Fe-based ODS materials.
Fig.2 is a SEM image from the fracture surface of creep sample HC21, while
Fig.3 shows an optical micrograph from the same sample which reveals
coarse grains elongated in the hoop direction. Comparison of Figs. 2 and 3
indicates that an essentially 3-grain microstructure exists through the wall of

16

RM7

Y.L. Chen et al.

15" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

the tube and this is reflected in the fracture surface. Grain boundary sliding
striations (Fig. 4) were observed on the intergranular surfaces between the
two grains seen in region B at the centre of Fig.2. It was also observed that
these grains were elongated in the tensile direction, suggesting necking had
taken place. The separation between large grains in the longitudinal-'hoop'
plane in Fig.2 also suggested that necking had occurred. Such intergranular
failure with plastic deformation is typical of grain boundary separation at high
temperatures, with no evidence of the flat, smooth facets that would be
expected with low temperature intergranular fracture [4].
There is a ridge at the 'top' of the two grains exhibiting creep plasticity in
sample HC 21. This can be seen in the upper right hand corner of Fig.4; local
shearing can be seen near the ridge. This suggests that the creep crack
initiated from the 'bottom' and propagated to the 'top'. Crack propagation at
this late stage in the failure process amounted to local tensile shearing failure
under the increasing net section stress.
Besides grain boundary sliding, creep cavitaties (dimples) can be seen at the
surface of the grain in the lower right hand corner of Fig.2. Fig.5 is a SEM
image of another region of the creep failure surface in sample HC21, showing
predominantly creep cavitation and indicating that microvoid coalescence is a
further important creep crack growth mechanism in this sample. The original
coarse grain structure is also apparent in Fig.5, as is slight separation or
tearing along the grain boundaries.
Most creep cavities observed in the tested samples were equiaxed,
consistent with the fact that most of these fracture surface are perpendicular
to the loading direction. However, elongated shear cavities were observed in
some areas where shear stress is possible and Fig.6 show such an example,
near the area indicated by L. The slope of the area is not very obvious
because of the large depth of focus of SEM.
The fractography of sample HC22 was very similar to that of sample HC21.
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Fig. 2 A SEM micrograph from the fracture surface of sample HC21.

0.2mm
Fig.3 An optical micrograph from longitudinal section of sample
HC21showing the coarse grain structure.
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25|xm
F/g.4 >A higher magnification SEM image from the area indicated by
letter B in Fig.2 showing sliding striation.
Fig.7 is a montage of the creep failure surface observed in sample HC11.
Creep cavitation was the principal mechanism evident on the creep fracture,
with grain boundary sliding observed in two areas in the grains observed on
the left hand side of the figure. It is particularly interesting to note that the
grains in Fig.7 seem to be 'stacked' in groups through the tube wall, with
virtually common boundary edges in the radial- 'hoop' plane, bounded by
local tearing. This periodicity in the fracture surface is consistent with the
periodicity in the deformation pattern induced by the regular passage of the
flow forming rollers over the outer tube surface prior to recrystallisation.
In fact, previous work has already shown that the longitudinal section of this
tube comprises a recrystallised grain structure that reflects the periodicity of
the deformation process, appearing as 'stacks' of grains along the tube axis.
The common grain boundary in the radial-hoop plane exhibits shearing during
creep crack growth giving rise to the peculiar feature observed in Fig.7.
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Fig.5 Another SEM fractography from sample HC21showing creep
cavitations.
Fig.8 is an optical micrograph showing a longitudinal section of sample HC21
through the region of the creep failure. It is clear that in areas of the fracture
surface indicated by the arrows, the fracture has followed an intergranular
path where grain boundary sliding appeared to be the predominant creep
mechanism.
One concern for this work is whether the present method can really show the
hoop creep resistance of the flow formed tubes because Figures 3 and 8 also
clearly show that the grains in the flattened creep samples were both coarse
and elongated in the hoop direction, in other words, similar to the
microstructure observed in flow formed and recrystallised tube. This obviates
the concern that the extra deformation introduced by flattening the tube to
produce a creep sample may have substantially changed the original grain
structure.
Fig.9 is an optical micrograph from the longitudinal section of the fracture in
sample HC12, showing creep cavities at the fracture face. This confirmed that
cavitation was an important creep crack growth mechanism in the current
tests on the ODS tubes.
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Fig.6 Another SEM image from HC21 showing elongated cavitations as
that in the area indicated by L,
An optical image of a region close to the fracture face in sample HC11 (tube
1) is shown in Fig. 10. Comparison with Figs.3 or 8 show that the grain size in
tube 1 is smaller than that in tube 2, as reported previously [3]. More
particularly, creep cavities can be seen in Fig. 10, mainly concentrated along
a grain boundary perpendicular to the tensile direction. This suggests that
creep cavitation may be principally intergranular in nature.
The above results indicate that there are two main micro-mechanisms of
creep crack propagation in the PM2000 tubes: grain boundary sliding and
intergranular creep cavity link-up. This confirms the important role of grain
boundaries in determining creep performance at high temperature in ODS
alloys. On this basis the improved creep performance found in tubes with a
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Fig.7 A SEM montage from sample HC11 showing the typical
morphology of this sample.
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Fig.8 Optical micrograph from longitudinal section of sample
HC21showing that grain boundary sliding might have happened during
creep.

Fig.9 Optical micrograph from longitudinal section of sample HCHnear
the fracture tip showing creep cavitations link-up at grain boundary.
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0.2mm
Fig.10 Optical micrograph from longitudinal section of the fracture tip of
sample HC12 showing that the sample might fail by creep cavitations
link-up.
coarser hoop grain structure than found in conventionally processed material
is easy to understand.
First of all, the flow formed tubes have a coarse grain structure with a high
GAR in the hoop direction e.g. as shown in Fig.3. In fact, in tube 2, hoop
oriented grains were found to have dimensions which could exceed half the
circumference of the tube. This contrasts sharply with traditionally extruded
ODS tubes where grains are elongated in the axial rather than the hoop
direction. With high aspect ratio grains aligned in the hoop direction, which is
the orientation of maximum principal stress for internally pressurised tubes,
higher creep lives are to be expected.
Moreover, flow formed and recrystallised tubes may contain grain boundaries
less decorated with oxide particles than in conventional tubes, imparting
inherently improved resistance to intergranular creep cavity nucleation. In the
present case the YAG dispersoid or (particularly) entrained alumina will be
favoured sites for creep cavity nucleation [5], thus 'cleaner' grain boundaries
will reduce the incidence of microvoid initiation, extending creep life. In
traditionally extruded ODS tubes, the oxide particles tend to align in stringers
in the axial direction, causing high local Zener pinning and trapping
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recrystallised grain boundaries. This particular particle alignment is in fact an
important reason for the anisotropic grain structures obtained in extruded
ODS tubes [6]. The high density of oxide particles at grain boundaries has
been confirmed experimentally [7]. In contrast, extensive TEM work on the
current, flow formed tubes has confirmed a more homogeneous oxide
dispersion with no obvious particle alignment [3]. Therefore, a cleaner grain
boundary will be expected in the flow formed tubes.
The results from Table 1 also suggest that tube 2 has better creep resistance
than tube 1. This is consistent with the smaller grain size found in tube 1
compared with tube 2, as shown by Figs. 3 and 10. The reason for this has
been discussed in a recent work [3]. The higher level of deformation used to
produce tube 2 may also result in a more homogeneous particle distribution
and, thus, cleaner recrystallised grain boundaries.
As mentioned in previous section, the lack of hoop direction creep resistance
is an important factor preventing Fe-based ODS tubing from being applied in
next generation high temperature heat exchanger. This work has shown that
by re-aligning the high GAR direction in the ODS tubes from the axial
direction to the hoop direction, tube hoop creep resistance can indeed be
improved. These tubes have a significantly enhanced potential for application
as high temperature internally pressured tubing in heat exchangers in future
commercial power generation systems.
4. Summary
The creep resistance of flow formed PM2000 tubes has been explored
through 1100°C, hoop oriented tests on flattened samples. Metallographic
assessment was subsequently performed on these crept samples. The
results can be summarised as follows:
(i) The hoop creep resistance of Fe-based ODS tubes can be improved by
flow forming techniques. Tubes produced by this method can have creep
endurance close to that of axially tested bar materials.
(ii) Operating creep mechanisms in the ODS tubes included grain boundary
sliding and intergranular creep cavity link-up. Improved creep resistance in
flow formed tube has been explained in terms of these creep mechanisms
and the unique microstructure of the flow formed tubes.
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The Manufacture of Carbon Armoured Plasma-Facing Components for
Fusion Devices
B.Schedler, Th.Huber, A.Zabernig, F.Rainer, K.H.Scheiber, D.Schedle
Plansee AG, A-6600 Reutte, Austria

Summary:
Within the last decade Plansee has been active in the development and
manufacture of different Plasma-Facing-Components for nuclear fusion
experiments consisting in a tungsten or CFC-armour joined onto metallic
substrates like TZM, stainless steel or copper-alloys. The manufacture of
these components requires unique joining technologies in order to obtain
reliable thermo mechanical stable joints able to withstand highest heat fluxes
without any deterioration of the joint. In an overview the different techniques
will be presented by some examples of components already manufactured
and successfully tested under high heat flux conditions. Furthermore an
overview will be given on the manufacture of different high heat flux
components for TORE SUPRA, Wendelstein 7-X and ITER.
Keywords:
Joining, C/C, CuCrZr, TZM, Active Metal Casting, Laser treatment, Brazing,
ITER, Tore Supra, Wendelstein 7-X, RFX, Divertor, High Heat Flux
Components, NDT, radiographic examination, ultrasonic examination,
thermography
Introduction:
In the last decade an extensive technology development program has been
carried out by Plansee on the manufacture of carbon armoured high heat flux
components for nuclear fusion experimental reactors. Beside the
development and manufacture of prototypes for the german stellerator
experiment Wendelstein 7-X and ITER1, which is a triplate, collaborative
project carried out by the European Union, Japan and the Russian
Federation, Plansee has also supplied the thermally highest loaded
components for the French Tokamak experiment Tore Supra, namely a part

B. Schedler et al.

RM 16

27

15" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

of the Inner First Wall, Antennae Limiter and Toroidal Pumped Limiter. All
these components consist in at least one portion of C/C composite that has to
be joined onto metals like molybdenum, stainless steel or copper alloys. The
main obstacle to overcome is the realisation of a reliable joint dealing with
heat fluxes up to 30MW/m2 and the associated thermo mechanical loads.
The approach of Plansee comprising elements like laser structuring2 of the
joint area or Active Metal Casting3 has proven its reliability under to above
described thermal load and is regarded as the reference solution for ITER [1].

Design of Relevant Components
In the frame of the ITER EDA4
several plasma facing component
designs have been proposed [2].
Each
of them
has specific
•I- - " - i
flat tile _._"_L
advantages and extensive testing
has shown that they could sustain
Unsaddle tile 1
the requirements. The three main
_ .
options depend on the bonding of
the plasma facing material to the
mono- / macroblock
heat sink. A sketch of each is shown
fig. 1: basic designs of high heat flux
in fig. 1. The flat tile design is the
components for divertors
most common and easiest to
manufacture. The joining interface is flat and allows an easy fitting with
rectangular heat sinks having different types of cooling concepts. Straight
tubes with or without turbulance promoters (fins, swirl tapes etc.) are the
simplest cooling structures with reasonable performance. Hypervapotrons are
more sophisticated options revealing improved performance. In the flat tile
geometry a stress singularity occurs at the free edge of the interface. The
strength of this singularity depends on the elastic properties and on the
coefficient of thermal expansion of the dissimilar materials, on the shape of
the interface and on the temperature field.
The saddle block consists of a series of separate heat sink square blocks
connected by a concentric tube and protected by a saddle shaped armour. It
is an improvement of the proceeding one with the bonding interface closer to
the coolant fluid.

2
3
4

patent: EP 0 476 772 Bl
patent: EP 0663 670 Bl
EDA...Engineering Design Activities
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The monoblock, consisting of a series of individual armour square blocks
connected by a concentric tube, removes the stress singularity by eliminating
the flat interface. The monoblock or macroblock design takes the advantage
of the carbon composites thermomechanical properties. The bonding
interface is the circular cooling tube which gives the lowest possible
temperature for the joint. The high thermal conductivity, the low elastic
modulus and the low thermal expansion coefficient reduce drastically the
thermomechanical stresses of this concept. This design allows for large
massive blocks, having structural properties, which reduce local peaking heat
fluxes by spreading out the heat flow through the carbon monoblock. By now
the components based on the monoblock design outperformed by far the flat
tile and saddle designs.
Manufacturing Route according to the Plansee Approach
Reliable metal-C/C composites require beside a perfect wetting of the braze
alloy also the mastering of stresses generated due to the mismatch of
properties of the different materials to be joined. In the manufacturing
approach applied by Plansee both issues are considered, combining a
LASER treatment of the C/C joint surface with the so called active metal
casting process. The reliability and outstanding performance of components
manufactured with these two techniques have been demonstrated within the
devolpment activities of carbon armoured plasma facing components for
nuclear fusion experiments [1,3,8,9,10,11, 12].
Laser Structuring
An important consideration in making dissimilar materials joints relates to the
thermal mismatch stresses and strains. In any joining of portions of two
dissimilar materials the mismatch in CTE is extremely important. From the
mismatch of their thermal expansion thermal stresses result. The magnitude
of these mismatch stresses and strains determines the failure probability of
the joint. These mismatch stresses and strains must be carefully controlled.
According to Hagy and Ritland [5] the CTE mismatch differentials of within
100ppm are considered as allowable for reliable dissimilar material joints. An
important problem with common joining processes is the understanding and
control over a period of cooling time the mismatches in CTE and thermal
strain and stress gradients in the joint region.
At Plansee these considerations have led to the development of a
microengineered joint interface. With this process a LASER drills conical
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holes into the joining interface C/C part. A typical metallographic cut of a
brazed sample with such a structured interface shall be demonstrated in fig.
2. Depending on the metallic substrate such laser treated Graphite or C/C
parts can be joined directely by usual brazing processes onto metallic
substrates like molybdenum, stainless steel or copper.
The outstanding positive influence of such a treatment can be easily
demonstrated by thermal shock experiments. Under standardized quenching
conditions there is a one-to-one correspondence between the joint strength
and the allowable initial quenching temperature [6]. This temperature can be
regarded as a direct measure of the joint strength for a specific joint
configuration.
In order to test the integrity of the joint such quench tests have been
performed in the frame of the qualification procedure for the inner first wall of
Tore Supra [3]. Metal-C/C composites samples have been prepared
representing the joint being used for the inner first wall of Tore Supra. These
samples consisted of a C/C joined onto stainless steel via an intermediate
2mm thick OFHC-copper layer joined with a Ti-Cu-Ag braze alloy. One part of
the samples has been joined without laser treatment whereas the other part
of the samples revealed a LASER treated surface. Samples with
microengineered surfaces survived 20 thermal shock cycles from 600°C to
cold water without destruction whereas samples without laser treatment have
been damaged after a few cycles. During later exposure to the plasma the
components manufactured with this qualified technology could sustain heat
fluxes up to 1 MW/m2 without any deterioration [12] during a several years
lasting operation period. The positive influence of the structuring might be
explained by different effects. By
such a structure a graded-material is
created
in
the
joint
region
smoothening
the
transition
of
properties.
Finite
Element
Calculations [4] further revealed that
the stress in the structured CFC
portion is reduced by a transfer of the
load from the CFC into the metallic
portion
cast
into the cones.
Furthermore also the propagation of
cracks in the brittle carbide interface fig. 2: laser structure brazing interface
is impeded.
(C/C joined onto TZM with TiCuAg
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Active Metal Casting
In general the joining of metals to graphite or ceramic materials is not only a
problem due to the residual stresses caused by the mismatch of properties,
but also due to metallurgical reasons. Usually active Brazing is the prime
choice in order to obtain metal-C/C joints. Carbide forming elements out of
the group IV and V are constituents of such active braze alloys. These
elements react with the C/C joint surface and make it wettable for the liquid
metals of the braze alloy. However, due to the materials involved such brazed
components often suffer from difficult to control processes resulting in braze
flaws. The probability of braze flaws increases with increasing joint area,
leading to the rejection of the whole component. In order to overcome this
critical issue Plansee has developed the Active Metal Casting process.
With this process a non-carbide forming metal like copper is cast onto the
C/C composite in the presence of Titanium. During this process the Titanium
reacts with the C/C composite by the formation of a TiC interlayer, which then
can be wet be the liquid copper. This process can be applied to a wide range
of geometries such as straight and bent flat tiles and monoblocks (fig. 3).
Usually this process in combined with the above described LASER structured
interface in order to deal with the stress occurring during the cooling from the
casting temperature (fig. 4).

fig. 3 active metal cast C/C flat tile and
monoblock

fig. 4: active metal cast interface with
laser structured C/C

With such laser treated, active metal cast C/C flat tiles or monoblocks a
copper layer is generated on the graphite substrate, which then acts as
metallic interface for further less critical and more reliable metal/metal joints
by applying techniques like brazing, Electron Beam Welding, Hot Isostatic
Pressing or Diffusion Bonding for the joining of the C/C armour onto the heat
sink. This possibility opened by the Active Metal Casting Process is
interesting for Heat Flux Components consisting of materials sensitive to heat
treatments like age-hardening Cu-alloys.
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Compared to a direct brazing operation of the CFC onto a metallic heat sink
the intermediate active metal casting step allows a 100% non destructive
inspection of the critical metal-C/C joint prior to final joining onto the heat sink.
At Plansee this non-destructive inspection is usually done by radiography,
judging the wetting and penetration of the cast metal into the C/C composite.
Such a pre-selection of the critical metal to C/C joints is a big advantage with
regard to large components, where even one bad metal-C/C joint results in
the rejection of the whole component.
Manufacture of Antennae and Toroidal Pumped Limiter for TORE Supra

fig. 5: Antennae Limiters

fig. 6: Toroidal Pumped Limiter

For the French nuclear fusion experiment TORE SUPRA Plansee
manufactured beside a part of the inner first wall also 250 Antennae
Protection Limiters and the 600 Toroidal Pump Limiter (see fig. 5 and 6). Both
types of components consist in laser structured, active metal cast C/C flat
tiles joined onto a CuCrZr heat sink by means of deep penetration electron
beam welding [7]. As it can be seen on the images it is possible to apply the
described techniques not only to flat but also to bent C/C tiles. The quality of
the active metal cast interface is judged by means of radiographic inspection
whereas the electron beam weld is judged by ultrasonic inspection. Flaws
with maximum 03mm are accepted for both cases. After successfully passing
these non destructive examination the cooling channels are machined into
the CuCrZr armour. Subsequently the cooling system is closed by plugs
joined by electron beam welding. For the transition of the copper cooling
system to the stainless steel cooling system of the TORE SUPRA machine an
electron beam welded dog-bone joint geometry comprising an intermediate
Ni-layer has been applied. For final acceptance the components undergo a
series of non-destructive examinations like a hot-helium leak test operating at
250°C/40 bar internal He-pressure, followed by a transient thermographic
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inspection carried out by flooding the cooling system with hot steam
(250°C/40 bar) and measuring the thermal response of the C/C surface. Fig.
7 shall summarize all the destructive and non-destructive inspection steps
necessary within the manufacture of these critical components.
Pfematorial Inspection
S E P N I t Density Measurement
OFHC Chemical Analysis
CuCrZr Hardness-, Electrical Cond, Measurement. Chem. Analysis
Nickel Chemical Analysis
AISI 316L Clicrriicat Anaiysis.'Slructure Evaluation

1 /OFH<" Flat Tiles
e ola L sting
X RT In reel on

Cu Z r
ZU
[____ _ E
8 m c
i Holiu n t e kT h e

Toroidal Pumped Limitor Eleme
|
Hol_Hclium Leak Test
|
Inlrarod Thermography Test
I
CuCrZr Hardness MeasuremG
'CuCrZr Electrical Conduc'ivit/ Meas:

CFC+ÄNIC-aJ'? CÜCrZr HeaVsSriiT
Electron Beam Welding
Ultrasonic Inspection

CuCrZr / CuCfZr Rear End Plugs
Electron Bcarn_Welding
Helium Leati Tighlnessjnspection

fig. 7: Manufacture and Test Sequence of Toroidal Pumped Limiters

Manufacture of prototypical High Heat Flux Components for ITER with
C/C monoblock armour joined onto CuCrZr-tubes
For areas like the divertor for
ITER
the
C/C
armoured
components are envisaged as
the reference solution [8]. In the
lower area of these components
heat loads up to 20MW/m2 are
expected during so-called "slow
transients" As described above
monoblocks proved to be the
most robust solution to cope
with these extremely demanding
operating conditions.
fig. 8 ITER Vertical Target Medium Scale Mock-Up
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The first generation of C/C monoblock components was developed in the mid
90th. The reference manufacturing technology has been active metal casting
of a 0,5 - 1,0mm thick OFHC copper interlayer onto the laser structured
surface of a drilled bore of a CFC tile [9]. The AMC C/C monoblock is then
joined onto the copper alloy tube (PH-Cu alloy CuCrZr or DS-Cu alloy
GlidCop®) by an eutectic Ti-Cu brazing at 880°C. Following this
manufacturing route a medium scale vertical target prototype has been
manufactured and tested (fig. 8). This component contained all the main
features of the ITER divertor design and had an overall length of about
600mm. The high heat flux part had a lower straight section made of C/C
monoblocks and an upper bent region with a tungsten macrobrush flat tile
armour. The heat sink has been manufactured from the DS-Cu alloy
GlidCop® by HIP of a bent GlidCop® tube into two GlidCop® half shells.
Onto this heat sink the tungsten macrobrush flat tiles comprising a cast
OFHC layer have been joined by electron beam welding. The AMC C/C
monoblocks have then been joined onto the GlidCop®-tube by an eutectic TiCu brazing at 880°C. A twisted tape with a twist ratio of 2 was inserted in the
monoblock region to enhance the critical heat flux limit. This component has
then been tested at FE200 electron beam facility at FRAMATOME in Le
Creusot, France on both the tungsten and the C/C armour at 10MW/m2
without any failure. The C/C monoblocks has further been tested up to 30
MW/m2 without any failure.
The results of the R&D activities carried out on copper alloys revealed that
DS-Cu has a very poor fracture toughness which together with low creep
resistivity and weldability has triggered the choice of the reference heat sink
material to the precipitation hardened material CuCrZr. Furthermore
components with a bent C/C monoblock section are required. These
considerations led to the need for developing a new manufacturing
technology because the brazing technique at 880°C was not compatible with
the use of CuCrZr as heat sink material.
An extensive R&D has been carried out by Plansee to develop an optimised
manufacturing process for active metal cast CFC monoblocks fully compatible
with the use of CuCrZr alloy. The selected manufacturing process was Hot
Isostatic Pressing of OFHC copper active metal cast C/C monoblocks onto
solution annealed water quenched CuCrZr tubes, which are age hardened
during the HIP cycle. With this process it has been possible for the first time
to manufacture bent C/C monoblock components as it is shown in fig. 9 and
10.
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fig.9: Curved C/C monoblock mock-up

fig. 10:ITER Divertor Full Scale Prototype

The components of fig. 9 represent small scale mock-ups manufactured by
HIP in the frame of the qualification of this technology. These mock-ups have
been successfully tested under high heat flux with electron beam up to
18MW/m2. Based on this technology a full scale ITER Divertor high heat flux
component (length 1200mm) shown in fig. 10 has been manufactured. This
component consists in a section of tungsten and a CFC monoblocks,
respectively. Both monoblock types comprise a OFHC copper interlayer in the
bore hole, which has been used for the joining onto the CuCrZr tube by Hot
Isostatic Pressing.
Manufacture of
Wendelstein 7-X

prototypical

High

Heat

Flux

Components

for

The open divertor design proposed for the stellerator experiment Wendelstein
7-X, currently under construction at Greifswald (D), consists of 10
independend divertor units with an overall target plate area of 22m2, formed
of approximately 1500 actively cooled elements [10,11]. The target plates are
designed for steady state operation with a local heat load of up to 10MW/m2.
Because of the geometrical boundary conditions in the W7-X vessel, the
target plates have to be very thin, which is why a flat tile design with C/C flat
tiles brazed onto a TZM water cooled heat sink was selected. The thickness
of the C/C tiles was restricted with 6mm in order to keep a surface
temperature limit of maximum 1200°C for the highest power load. In order to
increase the thermal transfer coefficient between the heat sink and the
cooling water a fin design with 5 fins per cooling channel has been chosen. In
fig. 1 1 a target element cross section is shown. It consists of the laser
structured C/C flat tiles, the TZM fin plate heat sink and the TZM back plate
with for parallel cooling channels.
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fig. 11: Cross section of W7-X prototypical
divertor target plates

fig.12: Prototypical W7-X divertor target
plates C/C joined onto TZM

The manufacturing route of the target elements was determined by the
requirement of a complete 100% non-destructive inspection of all braze
interfaces. This led to a specific feature of the manufacturing route, i.e. the
split of the brazing operation in two cycles. The first between the laser
structured C/C tiles and the TZM-fin plates (TiCuSil / 850°C), the second
between the TZM fin plate and the TZM back plate (AgCuPd / 810°C). For
such a sequence high precesion is demanded in order to compensate for the
warpage induced by the different thermal expansion coefficients of the C/C
composite and the TZM.
Such a way manufactured elements have then been tested using the electron
beam device JUDITH of the KFA Jiilich with a stationary power load up to
12MW/m2 without any detachment of the C/C tiles.
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SUMMARY:
Attempts have been made to study the effect of nano sized TiN reinforcement
loading, sintering temperature and atmosphere on the densification behavior
of titanium - titanium nitride nanocomposites. Titanium with average particle
size of 2 microns and titanium nitride with a particle size of the order of 50
nanometers were used in the present investigation. The compacts showed
good sinterabiüty both in argon and nitrogen atmospheres. The initial stage of
sintering of pure Ti as well as Ti-TiN nanocomposites has been studied by
using the constant rate of heating technique. The frequency factor (Do),
activation energy for sintering (Q) and diffusion coefficient (D) have been
evaluated and discussed for the Ti and Ti-TiN nanocomposites sintered in
argon and nitrogen atmospheres. Sintering of Ti and Ti-TiN nanaocomposites
in nitrogen atmosphere is affected by two competing mechanisms such as
endothermic activation energy required for mass transport mechanism and an
exothermic energy due to insitu nitridation reaction. Microstructural studies
have been carried out to supplement the densification data.
KEYWORDS:
Titanium, Titanium Nitride, Nanocomposite, Sintering, Frequency factor,
Activation energy, Diffusion coefficient.
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1. INTRODUCTION:
Titanium is the design choice for many aerospace, automotive, medical,
marine, chemical processing and biomedical applications because it offers
low density, outstanding corrosion resistance and good mechanical properties
at room and moderately elevated temperatures [1-3]. Despite the fact that
titanium is the best choice for many systems from the stand point of
performance durability, less titanium is used in the final production because of
the high cost of the components which includes the initial cost of metal, the
cost of processing and forging and the cost of machining. As a result, net
shape or near-net shape technologies are one of the major avenues for
reducing the cost of titanium components. These processes include
isothermal forging, casting, superplastic forming and powder metallurgy [3].
Titanium powder metallurgy offers the potential for true net shape capability,
an efficient material utilization combined with mechanical properties that are
equal to or exceed cast and wrought products [4,3]. It also allows a four to
five fold increase in metal utilization and a one to two fold decrease in labor
consumption [5].
Titanium matrix composites (TMC's) are processed by the incorporation of
high modulus and high strength reinforcements into titanium. Titanium itself
possesses a high specific strength at room and moderately elevated
temperature and due to the incorporation of these reinforcements there is a
significant improvement in its specific modulus, specific strength and creep
resistance [6]. Titanium nitride (TiN) is an important reinforcement candidate
material for TMC's. Titanium nitride possesses unique properties like high
hardness, stability at high temperatures, and electrical and optical properties
that are highly desirable for a variety of applications. Titanium nitride is used
for cutting tools, tool coatings, solar-control films, and microelectronics
applications. It is harder than alumina, thermally stable to about 3300K,
chemically stable with respect to most etching solutions and provides an
excellent diffusion barrier against metals [7].
Particulate reinforced TMC's have been mainly processed by
solidification/casting process and powder metallurgy. The high melting point
of titanium (1933 K) and its high reactivity in the liquid state are the major
limitations in processing particulate TMC's by the solidification/casting
process [6]. Powder metallurgy provides an excellent route for the processing
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of particulate TMC's provided homogeneous distribution of the reinforcing
phase takes place [8].
A nano-composite is a composite consisting of two or more phases where
atleast one of the phases is in the nano range (< 100 nm). Because of the
extremely small dimensions of the particles a large volume fraction of the
atoms are located at the grain boundaries, and this confers special attributes
to these materials. The properties of titanium nano-composites are very often
superior to those of conventional coarse-grained TMC's. Titanium nanocomposites exhibit higher strength/hardness, enhanced diffusivity, improved
ductility/toughness when compared with conventional coarse-grained TMC's
[9], Several novel processing methods have been developed to synthesis
nanosized powders from which nano-composites are processed. These
processes can be classified broadly as mechanical synthesis [2,10],
thermochemical synthesis [11] and chemical synthesis [12]. Titanium nanocomposites can be synthesized from these powders by consolidation
techniques like pressureless sintering, sinter-forging, hot pressing and hot
isostatic pressing [13].
In the present investigation, attempts have been made to study the effect of
nano sized TiN reinforcement loading, sintering temperature and atmosphere
on the densification behavior of Ti-TiN nano-composites, processed by the
powder metallurgy route.
2. EXPERIMENTAL:
Elemental titanium powder (99.8% purity) of average particle size of 2 ^m and
nano sized titanium nitride powder of average particle size of 50 nm were
used in the present investigation. The particle size was measured using TEM.
Three sets of powders were prepared. First set of elemental titanium, second
set of powder mixture of elemental titanium with 8-wt % of titanium nitride and
third set of powder mixture of elemental titanium with 15-wt % of titanium
nitride. The powder mixtures were prepared by manual mixing in a mortar and
pestle followed by ultrasonic mixing, while the same treatment was also given
to the set of elemental titanium powder. The powder sets were then
compacted uniaxially in a rigid die of 12 mm diameter at a pressure of 435
MPa. The compacts were then sintered in a rapid heating tubular furnace at
five different temperatures in the range of 900-1100°C for 30 min. Sintering
experiments were repeated in two different sintering atmospheres of argon
and nitrogen.
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3. RESULTS AND DISCUSSION:
3.1 Characterization of Powders
Figures 1(a) and 1(b) show the TEM photographs of pure titanium and
titanium nitride powders respectively. The reported values of the particle size
of titanium and titanium nitride powders measured by TEM are the average of
at least 25 readings. The powders were also subjected to X-ray diffraction
(XRD) analysis and they revealed that titanium was in a form and both
titanium and titanium nitride were single-phase structures (no peaks
corresponding to any other TixN phase were observed). TEM photographs of
the starting powders clearly reveal that Ti powder is micron-sized and TiN
powder is of nanometric size though both the powders do show a tendency to
form clusters and agglomerates.

4
(a)
Figure 1: TEM photographs of (a) pure Ti powder and (b) TiN powder.
3.2 Sintering of elemental titanium compacts
Figure 2(a) indicates the variation of sintered density as a function of sintering
temperature for pure titanium samples sintered in argon and nitrogen
atmospheres. It can be seen that the sintered density increases in both the
atmospheres. Within the narrow temperature range studied, the sintered
densities seem to increase linearly as a function of sintering temperature. The
rate of sintering seems to be higher in argon than in nitrogen atmosphere.
3.3 Sintering of Ti-TiN nano-composites
Figures 2(b) to 2(c) show the variation in sintered density as a function of
sintering temperature for compacts of Ti-8wt%TiN and Ti-15 wt%TiN sintered
in argon and nitrogen atmospheres. The presence of denser TiN (p = 5.5
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gm/cm3 for TiN as compared to p = 4.5 gm/cm3 for Ti) tend to exhibit a higher
sintered density.
Figure 3. shows the XRD pattern of elemental Ti sample, Ti-8wt%TiN and Ti15wt %TiN nano-composites sintered in nitrogen atmosphere at 1000°C. The
XRD shows that the nitrogen dissolution/reaction at the sintering temperature
leads to precipitation/formation of not only the equilibrium TiN and Ti2N
phases but also various metastable phases. Due to the uncertainty of
quantitative contribution of each of these phases to the overall increase in the
density, it has not been possible to find the contribution of heat of reaction to
the sintering rates of titanium nor is it possible to ascertain the exact level of
densification of these samples.
Samples sintered in nitrogen atmosphere exhibited a golden yellow color and
considerable weight increase. The X-ray diffraction analysis (Figure.3)
indicated the weight increase of the samples sintered in nitrogen atmosphere
could be attributed to the formation of various nitrides. A weight increase of
the order of 13% -17% for samples sintered at 1000°C, according to the Ti-N
equilibrium diagram [14] should result in the formation of TiN and Ti2N
equilibrium phases, but XRD revealed the formation of other non-equilibrium
phases like TiN 03 and Ti 3 N 129 along with the equilibrium ones. These phases
may have formed due to the non-equilibrium cooling from the sintering
temperature.
Samples sintered in argon atmosphere showed an overall decrease in
volume and considerable densification. Densities of the order of 85% could
be reached at 1100°C which could be attributed to the fine particle size of the
starting powders.

Table 1: Percentage change in radius values (AR/RO x 100) as a function
of sintering temperature for samples sintered in argon as well as in
nitrogen atmosphere (negative indicates shrinkage while positive
indicates expansion of the sintered samples).
Sr.
no
1.
2.
3.

900°C
Ar
Ti
-0.5
Ti-8wt%TiN -0.8
Ti-15wt%TiN -1.2
Sample

N?
1.6
1.5
1.3

950°C
Ar
-1.2
-2.6
-2.1

N2
1.9
1.7
1.8

100C °C
N2
Ar
-1.2 2.3
-2.0 2.1
-2.1 2.3

1050 °C
Ar
N2
-2.3 2.7
-2.8 2.8
-2.9 2.4

1100°C
Ar
N2
-3.3 3.1
-4.3 3.1
-3.8 3.2
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Figure 2(a): Variation of sintered density as a function of sintering
temperature for pure titanium samples sintered in argon and nitrogen
atmosphere.
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Figure 2(b): Variation of sintered density as a function of sintering
temperature for Ti-8wt%TiN samples sintered in argon and nitrogen
atmosphere.
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Figure 2©: Variation of sintered density as a function of sintering
temperature forTi-15wt%TiN samples sintered in argon and nitrogen
atmosphere.
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Figure 3: XRD pattern of pure Ti, Ti-8wt%TiN and Ti-15wt%TiN
samples sintered at 1000°C in nitrogen atmosphere.

44

RM 57

V.V. Dabhade et al.

15* International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

Table. 1 gives the percentage change in radius values as a function of
sintering temperature for samples sintered in argon and nitrogen atmosphere.
The shrinkage values from table. 1 show a maximum shrinkage below 4%
thus indicating that the sintering is confined to the initial stages of sintering.
Taking into consideration the most general expression for volume diffusion in
order to study the sintering kinetics,
y2 = 5.23yQDvt / KTa3

(1)

Where: y = AL/LQs 1/2(AR/R0) = fractional radial shrinkage,
Y = surface energy (J/m2),
Q = volume of Ti vacancy (m3),
Dv = volume diffusion coefficient = Dvoe"QV/RT (m2/sec),
K = boltzmans constant,
T = temperature (°K),
a = particle radius (m),
t = time (sec).

Since all the experiments have been performed with a rate of 1° / 2 sec, T / 1
= C is taken as 0.5 °K / sec. Substituting the latter, eqn. (1) can now be
modified as:
y = (5.23yQ / CKa3)a5exp-(0.5Q / RT)

(2)

Figure 4(a) and 4(b) show the typical Arrhenius plots i.e. Iny Vs 1/T for pure Ti
samples sintered in argon and nitrogen atmospheres respectively.
The slope of the plot gives 0.5QD / KT while the intercept on the y-axis gives
0.5ln(5.25yfiDo / CKa3). The computed values of Do and Q are given in table.
2 for all the specimens.
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Figure 4(a): Arrhenius plot of pure Ti sintered in argon atmosphere.
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Figure 4(b): Arrhenius plot of pure Ti sintered in nitrogen atmosphere.
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Table 2: Frequency factor (Do), activation energy (Q) and diffusion
coefficients (D) for samples sintered in Ar and N2 atmospheres.
Ti

Sr
no

Ar

N2

1.

D„
(m2/s)

7.9 x 10"8

1.7 xlO"13

2.

Q
(KJ/mol)

237.4

89.7

D

1.3 x 1 0 "

2.4 x 10"'7

3.

Ti-8wt%TiN
Ar
N2
3.4 xlO"8

Ti-15wt%TiN
Ar
N2

6.1 x 10"13

2.2 x 10""

1.2 xlO"12

221.83

104

140.82

112.12

3.4 x 10 17

3.4 x 10"17

3.1 x 10 17

3.0 x 10"17

2

(m /sec)

Sintering of Ti in argon atmosphere required an activation energy of 237.4
KJ/mol while the Do value obtained is 7.9 x 10"8m2/sec. The reported value in
literature [15] of Do varies from 1.09 x 10"2 to 4.54 x 10"6 m2 / sec and Q
values for self-diffusion of Ti vary from 131-251.2 KJ / mol. The present
values obtained are in this range although both Do and Q values are lower
than the reported values.
Change in the sintering atmosphere from Ar to N2 had decreased the
sintering activation energy drastically to 89.7 KJ/mol. Similar trend was noted
in Ti-8wt%TiN and Ti-15wt%TiN samples.
The lower values of activation energy in general were observed in systems
where the thickness of the defective interparticle region is likely to be larger
than the neck dimensions [16], in such a case it is difficult to distinguish
between volume diffusion and grain boundary diffusion mechanisms as both
these are taking place through a defective interparticle region and hence can
be classified as boundary enhanced diffusion.
Addition of TiN to samples that are sintered in Ar in general decreased the
activation energy of sintering. This could be due to the active nano sized TiN
particles (may be even metastable in composition) in contact with Ti causing
diffusion of nitrogen along the surfaces.
Sintering of samples in N2 atmosphere is likely to be dominated more by the
in situ nitride formation which is exothermic in nature. Almost all the samples
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have expanded during sintering possibly due to formation of several nitrides
as confirmed by XRD. Thus the observed activation energy is a combination
of energy required by the system for sintering and energy given out during
nitridation. At this stage it is difficult to determine the separate contribution of
each of these mechanisms.
Using the Do and Q values the diffusion coefficient D at 1000°C was
computed, the values of which are shown in table.2. It is evident from the
table that although the Do and Q values are varying, D remained more or less
constant at 3.0 - 3.4 x 1CT17 m2/sec for all the systems excepting in the case of
Ti sintered in pure Ar where it is 1.3 x 10~17rn2/sec.
The observed D values at 1000°C are smaller than those reported for selfdiffusion of titanium in ß-titanium [15]. Further the magnitude of D suggests
that it is more likely to be related to the self diffusion of nitrogen in titanium
nitrides (this is perhaps the reason that the computed D values for systems
sintered both in N2 as well as in Ar are nearly the same). During the early
stages of sintering the nitrogen in the pores is likely to react with the titanium
particles to form titanium nitrides. Further growth of this layer depends on the
self diffusion of N2/Ti through the layer either way. Over a period of time
sufficient amounts of nitrides will be formed. The lower value of activation
energy were observed in systems where the thickness of the defective
interparticle region is likely to be larger than the neck dimension (as
mentioned earlier). In the present case the micron sized titanium particles are
associated with a large free surface which is likely to contain adsorbed
species such as O2 and N2 from the atmosphere and also surface defects.
When such particles are brought into contact, the defective region at the point
of contact is much larger in thickness than the interparticle neck width. In
such a case the large sized nitrogen ion diffuses through the grain boundary
to the neck surface while the smaller titanium ion is transported to the neck
surface by lattice diffusion. However, since the neck width is much smaller
than the width of the interparticle defective region both the diffusion
processes take place through this defective region. In fact this process can
now be called boundary enhanced diffusion [16].
The lack in variation in D values suggests that the contribution of diffusion
process towards sintering of Ti-TiN mixtures and Ti in nitrogen atmosphere is
minimal as compared to formation of titanium nitride by chemical reaction.
Since the latter is an exothermic reaction the decrease in observed activation
energies can also be justified by the same reason.
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Figures 5(a) to 5(c) shows the SEM micrographs of the Ti sample, Ti-8
wt%TiN and Ti-15wt% TiN nano-composites sintered in argon atmosphere at
1000°C while figures 5(d) to 5(f) show the SEM micrographs of the Ti sample,
Ti-8wt%TiN and Ti-15wt%TiN nano-composites sintered in nitrogen
atmosphere at 1000°C. The SEM micrographs of samples sintered in N2 and
Ar atmospheres reveal distinct features. The Ar sintered samples show
increasingly well dispersed TiN particles among the micron sized Ti particles.
Since the sintering process is in the initial stages considerable amount of
porosity can be seen. The N2 sintered samples on the other hand showed the
entire sample surface to be covered by TiN filling where this film has got
ruptured the inside structure is seen consisting of coarse TiN particles and
porosity.
4. CONCLUSION:
1. Initial stage of sintering of pure Ti as well as of Ti-TiN nano-composites has
been studied by using constant rate of heating technique. The frequency
factor evaluated varied between 7.9 x 10"8 to 2.2 x 10"11rn2/s in Ar
atmosphere and between 1.7 x 10~13 to 1.2 x 10~12 m2/s in N2 atmosphere.
The values are in the same range as those reported in literature.
2. The activation energy for sintering of Ti specimens in N2 atmosphere
is somewhat lower than the reported values and varied between 89.7 112.12 KJ / mol. It is believed that this is most likely due to grain boundary
enhanced diffusion predominating in such fine particulate system.
3. Sintering of Ti and Ti-TiN nanocomposite samples in N2 atmosphere is
affected by two competing mechanisms such as endothermic energy
requirement for mass transport and an exothermic in situ nitridation
reaction. More work is required to evaluate the individual contribution for
each of these mechanisms.
4. The lack of variation in the D values suggest that the sintering of Ti in
nitrogen atmosphere and Ti-TiN nanocomposites in argon atmopshere as
well as in nitrogen atmosphere is most likely controlled by the nitridation
reaction rather than by the diffusion process.
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Figure 5: SEM micrograph of (a) pure Ti, (b) Ti-8wt%TiN, (c) Ti15wt%TiN samples sintered at 1000°C in argon atmosphere and
SEM micrographs of (d) pure Ti, (e) Ti-8wt%TiN, (f) Ti-15wt%TiN
samples sintered at 1000°C in nitrogen atmosphere.
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Diamond powders UDA have mentioned below physico-chemical
propeerties:
- light-grey colour
- grain size 0,02-0,004 mkm (biggest grain size is 20nm, smallest 4nm), it is permitted the presence of the lumps. It is found the separate microcrystals with size 60-90nm.
- density - 2.97 - 3.0 g/cub.sm.
- specific surface - 250-350 sq.m/g.
- moisture - 3.00% mass.
- admixtures (incombustible residue) - less than 2.0% mass.
- admixture mass, less then: iron - 0.025% mass., manganese - 0.01%
mass., molybdenum - 0.01% mass., lead - 0.04% mass., sulphur - 0.38%
mass., chlorine - 0.33% mass.
- temperature of beginning of intensive gas emission under heating in
air - 753K
- crystal structure of the UDA - cubic add hexagon (hexagular)
- element composition of UDA: carbon - 86.91% mass., nitrogen 1.92% mass., hydrogen -0.78%o mass., oxygen - 9.2% mass., organic and inorganic functional groups, water.
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According results of emissive spectrum analysis the admixtures content does not exceed 2%. Ni and Mn are the active catalyst of grafitization,
but their content is two degrees lower then in the diamonds of stationary
synthesis.
Specific surface of nanodiamond powders is ten times more than shecific surface of diamond micropowders of stationary synthesis. That's why it
is possible to consider that UDA contains the less quanlity of the admixtures
than the diamonds of stationary synthesis.
It was studied the surfaces of ten types of diamond powders of dynamic synthesis and natural diamond powders. Method of the thermoprogrammed desorption and mass-spectrometric analysis of desorption products were used for this study of the surfaces. Fig. 1-4 show the kinetic curves
of H?O and CO2 desorption. It was found that the composition and the state
of the surface of the powders UDA and BDA differ essentially. The massspectrums corresponding to temperature 400°C witness this. It was found
that mainly the water and carbon dioxid are on the surface of UDA powders, but besides of the water and carbon dioxid the hydrocarbons with
M=58 a.w. are on the surface of BDA powders.
It has been studied kinetics of desorption of H2O and CO2 under linear heating of the powders to 400°C. The characteristic curves of H2O and
CO2 desorption are shown at fig. 1. It may be seen that the surfaces of studied types of powders have the strong sorption activity to H2O. Desorption
curves pass through two or three maximums of desorption rate. It depends
on the types of powders and witnesses of presence of few active adsorption
centers on the surface. Physically adsorbed water has poor bond with the
surface and is moved away under low temperature.
We have studied the surfaces of natural diamond powders too. The
characteristic features of the last ones are the biggest content of CO with ac-
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tivation energy of 7.9 kJ/mol and nearly absolute lack of CO2 sorption on
the surface.
Superhard materials of different sorts of detonation diamond powders
have been made at the press-device DO-137A in the high-pressure chamber
"toroid" - type. The same eqwipment was used for making of the composite
diamond-content materials of£.DA and UDA mixes with static synthesis
diamonds and impregnating material.
Sinters density rises with increase of pressure. This fact was established
in the course of sintering of the different marks of acto nation diamond
powders.
The maximum density that was obtained under the pressure of 90 kbar
in the AVD "toroid" - type is different for tested marks. It is: for BDA - 24
g/sq. sm.; LDA - 2.4 g/sq. sm.; UDA - 2.35 g/sq. sm.
Density of the sinters that were obtained in polypuncheon apparatus
under the pressure 80 kbar over 18 hours is 3.1 for LDA and 2.9 for BDA. It
is higher than density of the sinters that were obtained in AVD"toroid" type, but it is somewhat lower than density of the sinters natural submicron
powders.
Density decreases in the row: LDA-BDA-UDA. It corresponds with
density volume of the tested powders ( ,
corresponds with available data of

3,23; 3,0; 2,9) g/cub. sm. and

0ES. It was determined that density

rises with increase of the lonsdeylite content. So rise of the sample density
depends of pressure and percentage content of the lonsdeylite. It was explained not only by the porosity decrease with the pressure rise but by increase of the share of diamond bonds in the sample. It corresponds with
available data of

0ES (fig. 5) and with results of ratio-phase analysis of the

sinters.
It was studied the carbon states in the experimental samples (Fig.5).
Quantitative measuring has shown that carbon state, corresponding to SP3 -
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hybridization, is less expressed for the samples of UDA type than for the
samples of LDA type.
Influence of the pressure on transformation of the graphite to diamond was studied too. It was found out that the pressure increase from 75
to 115 atm leads to displacement of CIS maximum the direction of the
maximum in the natural diamond spectrum (fig.6). We think that this fact is
conditioned by increase of the portion of carbon that has turned into diamond. Displacement of CIS maximum for sinter of the powder UDA
(Pi=75 atm; U=3,5 V) is 0,8 mV and for the same sinter under P=115 atm
and U=3,5 V the displacement is 0,5 mV.
It was studied the temperature influence on the sinters properties. It
was determined that the density rises with the temperature increase under
sintering in the area of the diamond stability. Density decrease under the
temperature corresponding to the area of the diamond metastability (fig.7).
The impregnation increases the density to a greater degree than the mixture
sintering (up to 3.2 g/cub. sm.), and temperature does not influence on the
density

.

It witness about high thermal stability of the samples. Den-

sity of the sinters, that were obtained of the original diamond powders of
detonation synthesis, decreases at the temperature higher than 1800°C. But
density of the sinters, that were obtained of diamond powders of detonation
synthesis with silicon impregnation does not decrease up to the temperature
2400°C.
Thus, it was determined that PCD samples of LDA with the density
more than 3.2 g/cub. sm. may be obtained by means of impregnation with
liquid metals in Russian apparatus AVD "to'roid" - type. Made PCD are
characterized by thermal stability more than 1200°C. Their hardness is more
than 6000kg/mm2, cracking resistivity - 10 MPa/m°>5.
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Experimental sintering of LDA, UDA, BDA has determined the correlation between quality of the sinter and quality of original diamonds of
detonation synthesis.
The same correlation has been obtained for diamonds of statical synthetics in comparison with natural diamonds. In shot, the more perfect is the
structure of original raw materials, the higher are the physico-mechanical
properties of obtained sinters.
The strength of diamond powder of 60/70 mesh obtained from crushed sinter
samples was measured to estimate the quality of the diamonds. After the test was
complated it was found that the strength of the powders obtained from the
nanodiamond sinters corresponds with the strength of the analogous fraction of
the polycrystalline powders obtained from the diamonds made under static
synthesis conditions.
In the conclusion we consider sintering of nanodiamonds as the good option to
use them in the wearproof tools and composites
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400

T°C

Fig. 1 Kinetic of H2O and CO2 desoprtion from the surface of power UDA.
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Fig. 2 Kinetic of H2O and CO2 desorption from the surlace of the UDA (a)
and mass - spectrograms of destruction under 400°C (b).
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Fig. 3 Kinetic of H2O and CO2 desorption from the surface of the BDA (a)
and mass - spectrograms of destruction under 400°C (b).
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Investigation of Porous Metallic Substrates for Plasma
Sprayed Thin-Film SOFC
Thomas Franco, Rudolf Henne, Michael Lang, Robert Ruckdäschel
and Günter Schiller
Deutsches Zentrum für Luft- und Raumfahrt (DLR)
Institut für Technische Thermodynamik
Pfaffenwaldring 38 - 40, D - 70569 Stuttgart, Germany

Summary:
For plasma sprayed thin-film SOFCs porous metallic substrates were investigated regarding the required properties. The main essential properties are a
sufficient electrical conductivity, a high temperature corrosion resistance and
an adapted thermal expansion coefficient with respect to the other SOFC
components. Proceeding from these requirements metallic materials such as
a porous Cr-ODS alloy (Cr-5Fe-1Y2O3), a stainless steel plate (Fe-18Cr-12Ni2Mo) and a Ni felt were tested. Additionally, to investigate the metallic substrates and their interaction with the layers of the cells completely plasma
sprayed SOFCs were fabricated and electrochemically characterised.

Keywords:
Porous metallic substrates, SOFC, VPS, porosity, corrosion resistance, electrical conductivity, thermal expansion

1. Introduction
Solid Oxide Fuel Cells (SOFCs) convert electrochemically the chemical energy of fuel gases (H2, CO, CH4 and other hydrocarbons) with oxygen or air
directly into electrical power. In comparison to the power generation by
means of combustion processes, the electrochemical oxidation of the fuel
gases in a SOFC leads to higher overall efficiencies with very low harmful
emissions.
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The central unit of a SOFC is consisting of two electrodes (a porous
(La,Sr)MnO3 cathode, and a porous ZrO2/Ni anode) separated by a gastight
solid ZrO2 electrolyte (Fig. 1). This combination is also called "PEN" (positive
electrode, electrolyte, negative electrode) or "MEA" (membrane electrodes
assembly).
Cathode

o,

4
o 2 -!

•»

o2 p

Solid
"
electrolyte

H2O
H2O
Anode

Fig. 1: Principle of a Solid Oxide Fuel Cell
An oxidant (in this case oxygen) is fed to the porous cathode, where it accepts electrons from the external circuit, and undergoes a reduction reaction:

2_

(Eq. 1.1)

The electrolyte conducts the oxygen ions due to the difference of concentration. Fuel (in this case H2) is fed to the Anode, where it undergoes an oxidation reaction with the oxygen ions, and releases electrons to the external circuit:
(Eq. 1.2)
The overall reaction can be written as:
(Eq. 1.3)
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This is a strong exothermal reaction. The Gibbs free enthalpy is AG°= -228,7
kJ/mol.
In the first generation of planar SOFCs, an approximately 150 urn thick solid
electrolyte has been necessary in order to support the cell mechanically (1,2).
Because of this high thickness and the strong dependence of the ionic conductivity of the ZrO2 with temperature, the cells are usually operated between
900-1000 °C. The high thermal load of the materials can result in detrimental
diffusion and evaporation processes with a strong reduction of the cell performance and of long-term stability. Another disadvantage of the electrolyte
supported cells is the low fracture toughness of zirconia, the danger of crack
formation and hence the very limited size of the cells which can be fabricated
and operated reliably.
In order to increase stability, life time and economy, the operating temperature of the cells has to be reduced to about 700-800 °C. For this purpose it is
necessary to decrease the overall thickness of the SOFC and particularly of
the electrolyte. This means that no longer a relatively thick electrolyte serves
as "backbone" of a cell. With this second-generation SOFC characterised by
a thin-film electrolyte either one of the electrodes (3-5) or an additional component - a porous metallic substrate - has the function to mechanically stabilise the cell.

2. The DLR Plasma Spray SOFC Concept
A novel concept for a metallic substrate supported thin-film SOFC has been
developed at DLR Stuttgart (6,7). In the DLR concept, the entire cell is deposited onto a porous metallic substrate by an integrated multistep vacuum
plasma spray process (see chapter 3). Its characteristic properties such as
short process time, high material deposition rate and the ability to be transferred to an automated production line promise a fast and cost-effective fabrication of cells with large active cell areas. Because of this substrate support,
the electrolyte layer may have a significantly reduced thickness of only 20-30
urn, resulting in a thin-film cell with a total thickness of less than 100-120 urn.
The principle and design of the substrate supported DLR spray concept is
schematically shown in Fig. 2. In this concept the substrate supported MEA is
fitted into a recess within the bipolar plate and sealed by a glass sealant
layer.
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Bipolar Plate
Contact Layer,
Cathode
Electrolyte
Anode

Oxidant Gas

Supply

Porous
Substrate

Protective
Layer
Sealant
Layer

Fuel Gas Supply

Fig. 2: Principle of SOFC design according to the DLR spray concept

Fig. 3: Vacuum plasma sprayed SOFCs on porous metallic substrates with
active cell areas between 5 and 320 cm2
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For practical reasons the porous substrate is fixed within the bipolar plate
prior to the deposition process and the sealing procedure is performed after
the manufacture of the entire MEA structure. The fuel gas is fed to the porous
substrate (gas distributor) through gas channels within the bipolar plate in
counter flow to the air on the cathode side. In general, for the assembling of
SOFC stacks square-shaped cells with 10 cm x 10 cm and 20 cm x 20 cm
with active areas up to 320 cm2 were produced (Fig. 3).

3. The Plasma Spray Process (VPS)
The plasma spray process is based on the generation of a plasma jet consisting of argon or argon with admixtures of H2 and He which are ionised by a
high current arc discharge in a plasma torch. Fig. 4 shows schematically the
principle of the DLR plasma torch with a Laval-like nozzle contour.

Plasmagases

Electrical High
Current Arc

Water

Cathode

Cooling
(•A"* 1

L

?uval;Nozz'e,J
with integrated
powder injection

Substrate
|_ayer

Anode
Plasma Jet

•

i

Fig. 4: Principle of the DLR plasma torch
Powders to be sprayed are injected into the plasma where they are accelerated, melted and finally projected onto a substrate. The coating is formed by
solidification and flattening of the particles at impact on the substrate. Carrying out the spray process in a vacuum chamber with reduced pressure a long
and laminar plasma jet with high velocity and reduced interaction with the surrounding cold gas is formed resulting in improved spray conditions. The
plasma torch is moved by means of a robot system to cover the whole surface of the component to be coated in a reproducible way.
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4. Experimental
A material to be used as a porous metallic substrate for SOFC applications
has to fulfil a variety of required properties. Beside high mechanical strength
and a sufficient gas permeability some further requirements have to be met.
Those are an excellent electrical conductivity, an adequate corrosion stability
at SOFC operating conditions and an adapted thermal expansion behaviour
with respect to the MEA layers. Proceeding from these requirements the following substrate materials have been investigated and tested:
Thickness Porosity
[mm]
[vol. %]

Substrate

Material composition

Cr-ODS plate

Cr-5%Fe-1%Y2O3

-1.0

-35

Stainless steel
plate

Fe-18%Cr-12% Ni2%Mo

-2.0

-45

Ni felt

Ni

-2.0

-80

Supplier
Plansee,
Austria
GKN,
Germany
Medicoat,
Switzerland

Table 1 : Substrates studied for the plasma sprayed SOFC
In a second step, to investigate the porous metallic substrates and their interaction with the MEA layers, SOFCs have been fabricated and subsequently
electrochemically characterised. For this purpose cells with active areas of 12
cm2 were completely plasma sprayed onto different metallic substrates under
same producing conditions. The selection of the substrates depended on the
results of the previous material investigations. The powder materials, which
have been used for the spray process are listed in table 2.
Powder

NiO

ZrO27 mol% Y2O3

(Lao.8Sr0.2)o.98

Short name
Particle size

NiO
<28 urn
Medicoat, Switzerland

YSZ
<22 urn
Medicoat,
Switzerland

LSM
20 - 50 urn
EMPA,
Switzerland

Supplier

MnO3

Table 2: Powders used for spraying of SOFC layers
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5. Results and Discussion
5.1 Electrical Conductivity
For the use of porous metallic materials as SOFC substrates, the ohmic resistance should be as low as possible. Therefore, a high electronic conductivity
of the substrates is required. To investigate the conductivity, a 4-point measurement which offers the possibility to measure in SOFC relevant atmospheres was used. Fig. 5 shows the electrical conductivity of the porous metallic substrates as a function of temperature, measured in Ar-5% H2-2% H2O
atmosphere.
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Fig. 5: Electrical conductivity of different porous metallic substrates as a function of temperature, measured in Ar-5% H2-2% H2O
The conductivity of the Cr-ODS substrate is nearly one order of magnitude
higher than the conductivity of the stainless steel plate and about half an order of magnitude higher than the conductivity of the Ni felt. According to reference (8) the value of bulk nickel should be higher compared to the electrical
conductivity of the Cr-ODS and the stainless steel plate. But, due to the high
porosity (Table 1) the electrical conductivity of the Ni felt is significantly re-
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duced. In accordance with reference (8) the stainless steel plate shows the
lowest conductivity in the measured temperature range.
As expected for metals, the electronic conductivity decreases when the temperature is rising. The Cr-ODS alloy shows the highest and the stainless steel
plate the lowest temperature dependency. In the case of the Ni felt a bend in
the conductivity curve can be observed at about 360 °C (Curie Point), which
is caused by the ferromagnetic to paramagnetic transition. The same phenomenon can be observed with a smaller extent in the stainless steel curve
because of 12 wt. % of Nickel in the alloy (Table 1).

5.2 High Temperature Corrosion Resistance
In general, metallic substrates to be used for SOFC application have to possess an excellent high temperature corrosion resistance in humid and reducing atmospheres. To investigate the corrosion behaviour of the metallic substrates they have been annealed under SOFC relevant conditions and subsequently characterised by optical microscopy and X-ray diffraction. Fig. 6
shows the cross sections and the corresponding X-ray diffraction patterns of
the investigated substrates after annealing at 900 °C for 50 hours in Ar-5%
H2-2% H2O atmosphere.
The Cr-ODS and the stainless steel plate show a significant formation of oxide (bulk material: white, oxide: grey). The Cr-ODS plate has formed an 5 -10
urn thick Cr2O3 layer on the surface of its Cr particles, whereas the stainless
steel plate shows a significant formation of FeCr2O4 inside its bulk material.
The reasons of these relatively strong oxide formations are given on the one
hand in an oxygen pollution of the gas atmosphere where substrates have
been annealed. On the other hand, according to literature (9), an adsorptive
dissociation of water molecules of the 2% H2O steam on the surface of the
metallic substrates is possible in the given atmosphere. In this case the oxygen of the water steam (dissociation product) reacts directly to oxide with the
substrate material.
However, the Ni felt (Fig. 6b) shows an excellent oxidation stability in the
used atmosphere. According to reference (10) a reversible oxidation reaction
in atmospheres with hydrogen partial pressures > 10~6 bar is possible. In the
annealing atmosphere a hydrogen partial pressure of about 50 x
10"3 bar was existing.
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Fig. 6: Cross sections and corresponding X-ray diffraction patterns of the investigated substrates after annealing at 900 °C in Ar-5% H2-2% H2O
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In general, the formation of oxide on porous metals is essentially higher compared with bulk materials because of its larger surface. Such oxide formation
as observed in the case of the Cr-ODS and the stainless steel plate during
SOFC operation can considerably reduce the electrical conductivity, especially when the sintered contacts between the bulk particles were oxidised
(Fig. 6a).

5.3 Thermal Expansion Behaviour
For crack-free deposition of MEA layers onto large substrates ( 1 0 x 1 0 cm2)
and for using them in a SOFC stack, a mismatch of the thermal expansion
coefficients between the substrate and the MEA layers has to be kept as low
as possible. The ideal expansion coefficient of metallic SOFC components
with respect to the MEA layers is about 11 x 10~6 K"1 in the temperature range
30 - 1000 °C. To investigate the thermal expansion coefficients of the substrates a dilatometer (Netzsch, Selb) was used. Fig. 7 shows the temperature
dependence of the thermal expansion coefficient of different porous metallic
substrates in Ar-5% H2 atmosphere.
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Fig. 7: Temperature dependence of thermal expansion coefficient of the different porous metallic substrates in Ar-5% H2-atmosphere
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The stainless steel plate shows a thermal expansion coefficient of 19 x 10"6
K"1 in the SOFC operating temperature range (700 - 900 °C), which is about 8
x 10"6 K"1 higher than the required expansion coefficient. For SOFC application such a thermal mismatch is not acceptable.
In the case of the Ni felt, a measurement with the dilatometer was not possible. Because of its structure (thin nickel wires) a deflection of the felt at about
400 °C occured during the measurement. Thus, for a rough estimation of the
thermal expansion behaviour correlative values of bulk nickel from literature
(8) were used. The curve of the bulk nickel shows an expansion coefficient of
about 16 - 17x 10"6 K"1 in the relevant temperature range. On the one hand,
this expansion coefficient is significantly too high and problems could arise
especially with large cell areas (10x10 cm2 or 20 x 20 cm2). But on the other
hand, in the case of the Ni felt the inherent flexibility of its structure is able to
compensate this mismatch to a certain extent (11).
However, the Cr-ODS alloy (here a porous plate compared with a dense
plate) shows an excellent adapted thermal expansion coefficient of about 10 11 x 10~6 K"1 between 700 - 900 °C. The reason for that is the content of 5 wt.
% iron in the Cr based alloy (Table 1), which shifts the thermal expansion coefficient close to YSZ (yttria stabilised zirconia) (12). The porous Cr-ODS
plate shows in spite of its porosity of 35 vol. % (Table 1) the same expansion
characteristics than the dense alloy. This means, that the thermal expansion
behaviour of this substrate material is not dependent of its porosity.

5.4 Electrochemical Performance of Substrate Supported Cells
Because of the high thermal expansion coefficient and the relatively bad oxidation resistance of the stainless steel plate the plasma sprayed cells have
been produced using Ni felts and Cr-ODS plates. Fig. 8 shows the cross section of a completely plasma sprayed SOFC, consisting of a NiO + YSZ (ZrO27 mol % Y2O3) anode, a YSZ electrolyte and a double layered LSM
((Lao.8Sr0.2)o.98Mn03) + YSZ / LSM cathode, which were consecutively
sprayed onto a porous Cr-ODS plate. The plasma sprayed YSZ electrolyte
exhibits a dense lamellar microstructure, whereas the anode has a fine open
porosity of 21 vol. % after the reduction of the NiO with H2 to pure Ni. The
overall porosity of the cathode reaches only about 10 vol. % with relatively
coarse pores.
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Recent developments aim at improving the cathode's microstructure and at
optimisation of the thicknesses of the layers (13).

Fig. 8: Metallographic cross section of an entirely plasma sprayed cell on a
porous Cr-ODS plate
The electrochemical performance of the substrate supported cells was mainly
determined by performing I-V characteristics and impedance spectroscopy
measurements. For a direct comparison of the electrochemical behaviour of
the substrate supported cells it was important that the MEA layers were fabricated under identical conditions. This means, that the plasma sprayed MEA
layers had nearly the same composition, the same thickness and especially
the same structure.
Fig. 9 shows a comparison of the l-V-characteristics of different substrate
supported cells with identical MEA layers (A: YSZ/NiO, E: YSZ, C: LSM/YSZ).
SOFC test equipment which was developed at DLR-Stuttgart was used for
the characterisation. The operating gases used were 0.5 SLPM H2 and 0.5
SLPM O2, the temperature was 900 °C and the active cell area 12 cm2.
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Fig. 9: Comparison of the l-V-characteristics of different substrate supported
cells, fabricated with identical MEA layers (900°C, 0.5 SLPM H2,
0.5 SLPM O2 as operating gases)
The OCV ("open circuit voltage") of the Cr-ODS cell is 900 mV, whereas the
Ni felt cell exhibits an OCV of about 980 mV. In the case of the Ni felt cell a
power density of about 420 mW/cm2 at a cell voltage of 0.7 V and a current
density of 600 mA/cm2 was obtained. In contrast, the Cr-ODS cell has
reached a power density of only 260 mW/cm2 at a current density of 380
mA/cm2 and the same cell voltage.
In general, the decrease of the OCV is mainly caused by a decrease of the
activities of the operating gases on the electrodes. For that reason, two
causes seem to be responsible. On the one hand, the lower porosity of the
Cr-ODS substrate (Table 1) can cause an inhibition of diffusion processes, in
which H2 is fed to the anode and H2O (as reaction product) is released from
the anode (14). On the other hand, a volume extension can arise through the
higher oxidation of the CR-ODS plate (see chapter 5.2) which causes cracks
in the MEA. In this case, a strong diffusion of the process gases H2 and O2
through the MEA can occur and hence decrease the concentration of operating gases on the electrodes.
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6. Conclusion
The presented work has shown the results of material investigations on porous metallic substrates for plasma sprayed thin-film SOFCs. The investigated Cr-ODS alloy possesses a high conductivity and an excellent adapted
thermal expansion coefficient to the SOFC layers. But in the SOFC relevant
atmosphere it shows a relatively low oxidation resistance. In contrast, the Ni
felt exhibits an adequate oxidation stability, but a relatively high thermal expansion behaviour. In general, it is difficult to find a material, which fulfils the
required properties for this high temperature process. In the further development a combination of the excellent adapted thermal expansion coefficient of
the Cr-ODS alloy and the adequate corrosion resistance of the Ni felt is currently investigated.
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TEMPERATURE TENSILE PROPERTIES OF A NOVEL
P/M Mo-Hf-Zr-Ta-C ALLOY AND TZM
J. Warren® and G. Reznikov*
GE Medical Systems
Coolidge Laboratory, 4855 W. Electric Avenue, W. Milwaukee, Wl 53219
*X-Ray Tube Target Plant, 18683 South Miles Road, Warrensville Heights, OH 44128

Abstract
The microstructure and elevated temperature quasi-static tensile yield and
ultimate strength observed in a novel, forged Mo-based alloy (Mo-0.25Hf0.25Zr-0.25Ta-0.025C) has been analyzed and compared to a standard
forged TZM composition (Mo-0.50Ti-0.08Zr-0.02C). The novel material
exhibits the desirable forging characteristics typical of the widely used TZM
composition yet possess a higher ultimate strength and 0.2% offset yield
strength in both the stress-relieved and recrystallized conditions over a 400°1200°C temperature range. The greater strength measured in the novel
composition has been attributed to the combined effects of precipitation of
Hf, Zr and Mo-(carbide) precipitates that strengthen the matrix in the classical
Orowan fashion and improved resistance to recrystallization after high
temperature exposure. Elevated temperature creep behavior, not addressed
in the study presented here, will be reported on in a subsequent analysis.
Introduction
The development of precipitation strengthened molybdenum alloys such as
MHC (Mo-1.0Hf-0.10C), TZC (Mo-1.25Ti-0.15Zr-0.02C) and TZM (Mo-0.5Ti0.08Zr-0.025C) have resulted in alloys that exhibit outstanding high
temperature tensile strength and creep resistance. These alloy derive high
temperature strength from a combination of mechanisms which include (1)
the precipitation and dispersion of discrete carbide and oxide particles, (2)
the retention of a heavily worked molybdenum matrix and (3) solid solution
strengthening. Of the three alloy systems described above, TZM has gained
the widest commercial acceptance due principally to this alloys relative ease
of manufacture into wrought product forms. For ease of fabrication however,
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a compromise in both elevated temperature strength and resistance to
recrystallization at temperature extremes are realized.
This paper describes a novel powder metallurgical alloy system designated
Alloy-2 with a nominal composition of Mo-0.25Hf-0.25Zr-0.25Ta-0.03C [1].
This particular composition was down-selected from a larger group of alloys
fabricated within the constraints of an experimental design matrix; the goal of
which was the development of an alloy that both possessed the favorable hot
fabrication characteristics associated with the TZM composition and
simultaneously exhibited a significant improvement in elevated temperature
strength when compared to the TZM composition processed under identical
conditions. Concentrations of the alloying agents hafnium and zirconium
(carbide and oxide formers, respectively), tantalum (solid solution
strengthened and carbon where systematically adjusted within the master
mix, blended with pure molybdenum powder, pressed and forged into flat
disks for subsequent mechanical analysis. Based on the hot yield and
ultimate tensile strength data accumulated for all of the compositional
variations investigated in the experimental matrix, the material analyzed in
this report, Alloy-2, was selected as a promising candidate for continued
evaluation.
Manufacturing cost is a significant consideration in the industrial setting and
improvements in elevated temperature mechanical behavior must be
assessed against both an alloys ease of fabrication and the potential
advances in components manufactured from the alloy, especially with the
added expenses associated with alloying agents rich in hafnium and
tantalum. For example, in the manufacture of high power TZM rotating
anode x-ray tube targets, the elevated temperature yield and creep
resistance of TZM restricts the size and rotational speed of the hot target
thus limiting useful x-ray output power. Higher hot strength target alloys that
incur greater fabrication costs enable greater x-ray power output which, from
the customers perspective, adds value that justifies the premium paid.
In this report, the elevated temperature yield and ultimate strength
comparisons between Alloy-2 and TZM are made. Each alloy system was
tested in two heat-treated conditions; a partially recrystallized condition
denoted in this report as stress relieved and fully recrystallized.
Recrystallization is especially of interest since the thermal processing
normally associated with x-ray tube target manufacture (i.e. brazing and
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vacuum degassing) usually results in a target alloy that is placed in service in
a condition that has undergone recrystallization and grain growth.
Materials
Rectangular tensile test specimen blanks of both the TZM (Mo-0.5Ti-0.08Zr0.03C) and Alloy-2 (Mo-0.25Hf-0.25Zr-0.25Ta-0.03C) compositions were wire
EDM cut from forged target disks 185mm in diameter and 18mm thick as
shown in Fig. 1. The disks for this study were manufactured at the GE X-ray
Tube Target Plant (Warrensville Heights, OH) and processed using
parameters suited for the fabrication of molybdenum based x-ray tube target
assemblies.
Unlike monolithic wrought molybdenum alloys, x-ray tube
targets are pressed and forged with an integral tungsten-rhenium (W-Re)
outer annulus (i.e. track) about 1mm thick which serves as the focal spot for
electron beam impingement and subsequent x-ray generation. Thus, the
presence of the track in contact with the substrate, must be accounted for
during processing. Theoretically, to achieve the highest possible strength, a
solution heat treatment that effectively dissolves preexisting carbide
inclusions and homogenizes the alloying elements within the matrix for
subsequent controlled precipitation by aging is necessary. For example,
solution treatment temperatures greater than 2300°C followed by rapid
furnace cooling favor the kinetics of complete dissolution of the (Zr, Ti)C and
Mo2C carbides in TZM. This heat treatment would then be followed by
controlled aging, elevated temperature forging and final stress relieving at
temperatures typically between 1100°-1200°C.
However, to avoid the
deleterious diffusion affects (Kirkendall porosity) associated with the W-Re
track in contact with the molybdenum substrate at temperatures greater than
2300°C, sintering temperatures are limited in this production program to
2000°-2100°C; a temperature range where the kinetics of grain boundary
Mo2C formation is favored [2].
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Figure 1. Method of specimen removal from a test forging.

The standard processing route used at GE for the production of TZM x-ray
targets was used for the fabrication of the samples manufactured from the
Alloy-2 material. The process begins by first cold pressing blended powder
compositions of each alloy to a green density of approximately 0.65
theoretical. The density is further increased to nearly 0.95 theoretical by
vacuum or hydrogen sintering between 2000° and 2100°. Using the same
die and identical forging parameters, the sintered targets are preheated to
1500°-1550°C and subsequently hot forged. A moderate reduction in the
through thickness of about 20% is achieved during forging resulting in a final
density of about 0.99 theoretical for both the TZM and the Alloy-2 substrates.
As discussed previously, stress relieving is accomplished at a relatively high
temperature; 1500°-1550°C for 30 minutes in a dry hydrogen batch furnace.
The forgings exit the hot-zone and are immediately cooled by convection in a
hydrogen purged cold-zone outfitted with water-cooled muffles. In addition to
having cooling rates faster than those obtained by air cooling, hydrogen
cooling results in part surfaces that are oxide free. After deformation
processing, the carbon content in each alloy was measured to be
approximately 300-600 ppm by wt. Residual oxygen content is typically less
than 30 ppm by weight for both alloy compositions.
Two separate heat treatments of each alloy were tensile tested between 400°
and 1200°C. First, tensile specimens were extracted from forgings in the
stress relieved condition. Second, in order to investigate and compare the
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effect of heat treatment on the structure and properties, the target disks were
exposed to an extensive recrystallization vacuum heat treatment at 1900°C
for 3h. Tensile specimens were then machined (EDM) from these target
disks, tensile tested and compared. Specimens were removed from the
target disk centers (see Fig. 1) far removed from the influence of the W-Re
track located at the outer edge.
The microstructures of each alloy composition were studied using optical,
SEM and TEM methods. EDS was used to acquire chemical composition
data for the precipitates observed (both the SEM and TEM used in this
investigation had this capability). In Fig. 2a and b, SEM photomicrographs of
the TZM and Alloy-2 compositions respectively, exposed to the stress
relieving heat treatment, are shown and compared. The microstructures
shown are views which are normal to the through-thickness of the disk.
Average grain sizes, measured using the Hilliard circle technique, were found
to be similar at 22|um for the TZM alloy and 27|im for Alloy-2. Conventional,
stress relieved TZM wrought product, subjected to extensive forging or hot
extrusion processing will have grain sizes finer than the ones measured here.
Also, the relatively high temperature stress relieving temperature used in this
study results in recovery and partial recrystallization of the matrix.
In the stress relieved TZM composition two distinct precipitates were
observed. SEM analysis revealed large Mo and Ti carbide precipitates,
Mo2(Ti)C, located both in grain interiors and along grain boundaries while
TEM analysis revealed an extremely fine (<50nm) Zr oxide, ZrO2, precipitate
array located within the grain interiors. Based on the size and large
separation distances of the carbide precipitates revealed in the TZM
microstructure it is reasonable to assume that they do not contribute to
strengthening in the classical fashion. An example of the two precipitate
morphologies can be seen in the TEM micrograph shown in Fig. 3 where the
small arrows highlight the extremely fine ZrO2 precipitate array and the large
arrows locate a typical grain boundary carbide.
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Figure 2. Microstructure of A) TZM and B) Alloy-2 in stress-relieved condition.

By comparison, the stress relieved Alloy-2 composition possessed two
precipitate types. Large oxide precipitates of Hf and Zr located within the
grains and a much finer distribution of Hf, Zr and Mo-rich precipitates inside
the grains with a size distribution ranging from approximately 30nm to about
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1[im with a separation distance which appears to be significantly smaller than
the corresponding ZrO2 precipitate spacing observed in the TZM alloy. EDS
spectra taken from these particles over the range of sizes observed were
nearly identical suggesting that the extremely small precipitates are nuclei of
the larger precipitates.
Diffraction patterns were taken from these
precipitates but, at the time of this writing, the analysis could not accurately
determine their structure. Diffraction patterns typical of the MC structure
were not observed. EDS spectra did not reveal the presence of oxygen
hence the form is likely that of a carbide. A TEM micrograph of the material,
Fig. 4, shows how these (carbide) precipitates, especially the extremely fine
ones, are arranged in the matrix. The (carbide) precipitates are highlighted
by the arrows. Also, the grain boundary shown in Fig. 4 is free of large
precipitates and typifies the grain boundaries in this composition. Grain
boundary precipitates were not observed in this composition. The (carbide)
precipitates can be seen in the SEM photomicrograph shown in Fig. 2b (see
arrows). As is evident from the figure, the precipitate density appears to vary
significantly from grain to grain.
Higher magnification TEM micrographs are shown in Figures 5 and 6 and
illustrate the extent of retained hot work in the TZM and Alloy-2 matrices due
to forging and subsequent stress relieving, respectively. Both figures show a
typical dislocation arrangement. Close examination of Fig. 5 also shows
clearly that the extremely fine ZrO2 precipitates interact and impede
dislocation slip generated during forging. The comparison (Fig. 6A and B)
also reveals that Alloy-2 appears to contain a significantly higher number of
dislocations than the TZM composition with many of the Alloy-2 grains
containing a refined cell structure (6B) with some grains possessing a
roughly equiaxed cell morphology.
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1 micron
Figure 3. Large arrow indicates typical grain boundary carbide in stress-relieved TZM and
the small arrows show typical matrix precipitate morphology.
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1 micron
Figure 4. Arrows highlight precipitates in stress-relieved Alloy-2.

Recrystallizing each alloy results in significant changes in the microstructure.
As expected the average grain sizes increased. For example, the TZM alloy
increased to 48|um while for the Alloy-2 composition a value of 44^m was
measured which indicates that the grain growth kinetics are similar between
the two alloy systems. TEM analysis of each alloy also indicated that the
ZrO2 in the stress relieved TZM and the Hf, Zr, and Mo-(carbide) precipitates
in the stress relieved Alloy-2 coarsened to some extent as a result of the heat
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treatment with a corresponding decrease in the separation distance between
particles.

\

0.5 microns
Figure 5. Arrow highlights dislocation interactions with matrix precipitates.
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B

0.5 micron
Figure 6. Alloy 2: A) dislocation density B) refined cell structure
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Tensile Testing Procedure
Pin-loaded tensile specimens per ASTM E21-92 were cut from both the
stress relieved and the recrystallized TZM and Alloy-2 forgings as shown in
Fig. 7. Gage extension was measured using a direct contact extensometer.
To maintain a constant tensile strain-rate in the gage, the output signal from
the extensometer was used to control the cross-head velocity using a PC
interface. All tests were conducted with a constant gage strain-rate of
8.3x10"5/sec. After reaching approximately 1% strain, the test was switched
to a constant cross-head velocity test of 0.02mm/sec (8.3x10"4in./sec). All
tensile tests were conducted to rupture.

Figure 7. A typical tensile rupture.

Tensile tests were conducted in a two-zone furnace "clam-shell" type furnace
purged with a constant flow of high pressure nitrogen gas for all test
temperatures up to and including 1000°C. Argon gas flow was then used at
the highest test temperature, 1200°C. Tension tests were conducted at 400°,
600°, 800°, 1000° and 1200°C. Prior to load application, specimens were
soaked for 30 minutes at each temperature. Outputs from the extensometer
and load cell were sent to a data logging PC. Engineering stress-strain
curves were then determined from the recorded data. Three tensile tests
(replicates) were conducted at each test temperature listed above. From the
stress-strain plots the 0.002 offset yield strength was established for each
alloy and associated heat treatment. The average strength is reported.
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Results and Discussion
The tensile testing results of the two compositions exposed to the stress
relieving heat treatment are shown in Fig. 8 where the average offset yield
strength at 0.002 (0.2%) engineering strain is plotted against the test
temperature range of 400 -1200°C. As is evident in the Fig. 8, the yield
strength of Alloy-2 is approximately 100MPa higher than the values
measured in the TZM material over the entire test temperature range. From
a qualitative standpoint, a higher yield strength in Alloy-2 is expected based
on the observation of the refined dislocation substructure retained after
stress relieving as shown in Fig. 5. A comparison of average ultimate tensile
strength (UTS) data, Fig. 9, clearly indicates a higher strain hardening
coefficient associated with Alloy-2 resulting in a greater dislocation density
and corresponding flow stress for a given strain increment. Based on this
observation, it is reasonable to assume that the precipitate density in Alloy-2
is higher than TZM. Examination of Fig. 8 also shows that the yielding is
somewhat insensitive to the test temperature and explanations in terms of
precipitation strengthening and dynamic strain aging (DSA) are considered.
For example, each alloy system relies primarily on the dispersion of hard
incoherent precipitates to strengthen the matrix by both stabilizing a finer
substructure during the forging operation and by blocking dislocations during
plastic deformation in the classical Orowan fashion. In the case of the TZM
composition fabricated for this study, the precipitates consist primarily of the
very large grain boundary Mo2(Ti)C type and extremely fine ZrO2 precipitates
observed in the molybdenum matrix. In this analysis it is assumed that the
principle strengthening of the TZM matrix is associated with the Zr oxide
precipitate array. By comparison, particle strengthening in Alloy-2 is derived
from the Hf, Zr, and Mo-(carbide) precipitates.
Hence the observed
differences in 0.2% offset tensile yield strength observed between the two
alloy compositions can be analyzed based on the incremental tensile
strength increase, Aa, associated with the presence (or absence) of matrix
precipitates and the associated dislocation blocking mechanism.
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Figure 8. Yield strength of TZM and Alloy 2 after 1550°C heat treatment.

Both long-range and short-range interactions contribute to strengthening.
The long range interactions arise from the internal elastic strain fields
associated with the presence of the precipitates and the resultant interaction
of dislocations with the distorted matrix. Short range interactions however,
contribute to the majority of the strengthening seen in these alloys [3]. The
tensile yield stress increment associated with short range strengthening has
been calculated by Orowan and is approximately equal to:
ACT ~ 4 Gb/L
where G is the temperature dependent shear modulus of the Mo-matrix, b is
the Burgers vector of the Mo-matrix (2.73X10"10 m) and L is the particle to
particle separation distance. A quantitative analysis of the density of
extremely fine precipitates present in each alloy composition was not made
for this study. If however, the assumption is made that the extremely fine
precipitates in each alloy strengthen the Mo-matrix in a similar fashion the
higher strength associated with Alloy-2 can, in part, be attributed to the
presence of the dispersion of the somewhat coarser Hf, Zr, and Mo-(carbide)
precipitates observed under the SEM (see arrows in Fig. 2b). For example,
the estimated particle to particle separation distance of these precipitates in
Alloy-2 is about 4j.im which, based on the Orowan relationship, corresponds
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to an incremental strength increase of about 34MPa at 400°C. Hence,
Orowan strengthening, in conjunction with higher resistance to
recrystallization, likely accounts for the greater offset yield strength observed
with the stress-relieved Alloy-2 composition.
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Figure 9. Ultimate strength after 1550°C heat treatment
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The shear modulus of Mo at 400°C is about 94% of the value at 25°C while
at 1200°C it reduces to approximately 83%. With the exception of the matrix
shear modulus, the remaining physical parameters of the Orowan
relationship are independent of temperature. Based on this analysis, if the
Orowan mechanism was the only mechanism active in each alloy, a relatively
small (-12%) reduction in strength would be observed between the two test
temperature extremes. Counteracting the reduction in strength associated
with increasing temperature is the anomalous hardening behavior observed
in dispersion strengthened BCC alloys due to the interaction of dislocations
with solutes (i.e. DSA) [2]. The DSA strengthening mechanism is likely active
in the stress relieved compositions and clearly apparent in the recrystaiiized
alloy compositions, Fig. 10, where the average 0.2% yield stress is plotted
over the test temperature range. As is shown in Fig. 10, the yield stress of
both alloys increases gradually above about 1000°C. Based on the classical
interpretation of DSA, the drag stress imposed on mobile dislocations
increases as the mobility of solutes within the lattice increases resulting in a
gradual increase in strength. A number of investigations have shown that the
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activation enthalpy of DSA is the same as interstitial diffusion [2]. The
temperature range where DSA is active in Mo-based alloys is between about
800° and 1200°C and is readily observed in Mo-based alloys that retain a
significant fraction of alloying elements in solution, i.e. quenched from a
recrystallization heat treatment. DSA is also observed in recrystallized TZM
that is furnace cooled which suggests that the precipitation kinetics
associated with TZM are sufficiently slow enough to retain a reasonable
fraction of solutes in the matrix. Hence, it is reasonable to assume that DSA
is active in both recrystallized alloy compositions and can explain the
increase in strength shown in Fig. 10 above 1000°C.
As expected, comparison of Fig. 10 to Fig. 8 shows that recrystallizing the
stress relieved alloys reduces the yield strength of each composition
dramatically. TZM exhibits approximately a 70MPa average reduction while
the Alloy-2 composition drops nearly 150MPa; a difference of 80MPa. Grain
growth, particle coarsening and a reduction in the dislocation density
associated with hot working are the principle factors that contribute to the
drop in strength. Of particular interest is the larger drop in strength observed
in Alloy-2 likely a result of a significantly greater reduction in the dislocation
density than that which occurs in the TZM composition.
The role of the tantalum addition and its contribution to strengthening, if any,
was not investigated in this report. No precipitates containing tantalum were
observed and, based on EDS analysis of the matrix, it appears to be present
entirely in solution
Conclusions
In summary, the strength observed in the Alloy-2 material has been attributed
to the
presence of a fine distribution of Hf, Zr, and Mo-(carbide) precipitates that
strengthen
the material in the classical Orowan fashion. The strength of this alloy is
significantly higher than TZM after thermal exposures to temperatures as
high as 1550°C yet possess similar forging and machining characteristics.
Modifications to this novel alloy are planned and include an analysis
designed to study the effect varying the weight fraction of tantalum has on
strength.
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Nanolaminate - bulk multilayered Nb-Cu composite:
Technology, Structure, Properties
M.I. Karpov*, V.I.Vnukov*, N.V. Medved*, K.G.Volkov*, I.I.Khodoss**
*Solid State Physics Institute, Chernogolovka Moscow distr., 142432 Russia
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Summary:
The Cu-Nb multilayered composite as a ribbon 50 mm in width and 0,35 mm
in thickness was produced by the following procedures constituting a
technological cycle: integration of a packet of specific number of layers (16
layers 0,35 mm in thickness both for Cu and Nb), rolling of the packet in
vacuum at a temperature of 750-800 °C, cold rolling in air down to the
thickness equal to that of one initial layer constituting the composite. The
structure of the composites was examined by optical and electron
microscopy, X-ray diffraction at all the stages. The hardness was measured in
the course of cold rolling for each of 3 technological cycles.
Upon completion of 3 cycles a nanolaminate was produced consisting of
32768 layers of 11 nm in thickness, the ribbon thickness being 0,35 mm. A
change in the hardness as a function of true deformation has an ordinary
parabolic behaviour in the first and second cycles. A significant growth of
hardness and the change over from the parabolic to the linear behaviour of
the dependence is observable at a thickness of the layers less than 200 nm in
the 3-rd cycle. The hardness amounting to 350 HB was observed at layers
thickness of 11 nm.
Noticeable changes of the hardness and halfwidth of X-ray peaks of Nb and
Cu occur after annealing at temperatures above 400 °C. After annealing at
1000 °C copper grains of about 200 - 600 nm in size form which comprise
niobium inclusions of about 1-10 nm in size. The hardness drops down to 135
HB.

Keywords:
Nb-Cu, composite, layer, technology, rolling, structure, hardness
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1.

Introduction:

An interest in nanokrystalline materials has been growing in recent years not
only in connection with an essential difference between their fundamental
physicochemical properties and those of materials of the ordinary structure
(1). Still greater number of researchers attempt to produce on the base of
nanocrystalline materials novel materials of specific mechanical, magnetic, or
electrical properties. So, the authors of ref. (2) examined a possibility of
producing a high-strength multilayered Mo-W nanolaminate using the CVD
technique. The material produced by them was 50 |um thick and was
composed of 4 nm thick molybdenum and tungsten layers. The hardness and
ultimate strength of that material were 15 times as high as the analogous
characteristics of an alloy of the corresponding composition. The authors of
(3-5) produced Fe-Ag and Fe-Cu nanolaminates, the layers being 20 nm in
thickness, through the cycle: diffusion welding-pressing-rolling repeated 2-3
times. Their aim was to study magnetoresistance on them. They observed the
magnetoresistive effect analogous to that on a CVD-produced Fe-Cu
nanolaminate. The result suggests that purely metallurgic procedures are quit
prospective for producing bulk nanolaminates. Their efficiency is far beyond
that of the CVD technology.
The aim of this work is to study a possibility of producing a metal
nanolaminate by an alternative metallurgic method based on compacting by
hot rolling in vacuum. This method is still more efficient, compared to (3-5).
Moreover, the packet being compacted stays at an elevated temperature
much shorter time period. This offers ample scope for producing
nanolaminates of pure metals whose mutual solubility is quite big. We took a
Cu-Nb composite for the object of our investigation as it possesses
interesting electric properties. From the standpoint of materials science it is
the case of complete mutual insolubility of copper and niobium.

2.

Experimental technique:

The nanolaminate was produced by the following procedure, constituting a
technological cycle, repeated three times: integration of a packet of 32 layers
(16 both for Cu and Nb in the first cycle), hot rolling of the packet in vacuum,
cold rolling in air down to the thickness equal to that of the initial layer.
The initial layers measuring 50x100 mm in area, 0,35 mm in thickness were
integrated to a 11,2 mm thick packet and fixed at the angles with rivets.
Before the integration the layers surfaces were worked with sandpaper
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in order to remove oxides and produce roughness. The samples were rolled
in vacuum at 750-800 °C (heating time being 15 min) in two passes, the sum
reduction being 40 %. After that the samples were rolled in vacuum in air at
room temperature, the final thickness of the rolled packet was 0,35 mm. In
the second and third cycle the packets were made up of the layers rolled in
the previous cycle.
The produced nanolaminates were annealed in vacuum at temperatures of
400, 600, 750, and 1000 °Cfor 1 hour.
The structure of the composites was examined at all the production stages
and after the anneals. The plane of the section for metallographic tests and
the plane of the foils for transmission electron microscopy were taken normal
to the rolling direction. The structure of the sections was examined in a
metallographic microscope Neophot and scanning electron microscope Jeol
JSM-25S. The foils were examined in an electron microscope Jeol JEM2000FX. The X-ray spectra were taken from the surface of metallographic
sections prior to their etching in a diffractometr Siemens B-500 using a Cu Ka
radiation in the reflection mode from an 1x1 mm of section. The obtained
spectra were processed by a specific Siemens program packet and JCP file.
The samples were measured for hardness in the process of cold rolling in all
the cycles and after the anneals. Down to a thickens of 1 mm the
measurement was performed in a Rockwell instrument on HRB scale (100 kg
load, 1,588mm dia ball). With smaller thickness the Vickers hardness was
measured (5 kg load). The obtained data were adjusted to the Brinnel
hardness - HB.

3.

Results:

The results of the structural studies of the composite after rolling are
illustrated in fig.1. The quantitative data on the layers thickness and their
nonuniformity at different production stages are listed in table 1. It can be
seen that the layers nonuniformity in thickness grows with number of layers
and with the degree of deformation. So, after the rolling in the first cycle down
to a thickness of 1 mm, a mean layers thickness being 0,0311 mm, ultimate
changes come to 0,02 mm on either side (64 % of a mean value). After the
rolling down to 0,7 mm (second cycle) at a mean layers thickness of about
680 nm the ultimate change towards an increasing reaches 1400 nm (206 %)
and 600 nm (88 %) towards its decrease. Upon completion of rolling in the
third cycle, a mean layers thickness being 11 nm, the corresponding changes
come to 24 nm (218 %) and 7 nm (64 %). The layers become wavy herewith.
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But the layers retain their laminarity even at a mean thickness of 11 nm (fig.
1c), they have fine clear boundaries and not intermix. The hardness
measurement data are illustrated in fig. 2. A change in the composite
hardness as a

100

Fig.1
The structure of composite after rolling: 7
a - first cycle, thickness of the composite - 1 mm;
b - second cycle, thickness of the composite - 0,7 mm;
c - third cycle, thickness of the composite - 0,35 mm.
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Table 1.
Layers thickness at different nanolaminate production stages. Ultimate
changes are given for some values.

Cu-Nb

Initial

After
rolling in
vacuum

Cold
rolling
down to
1 mm
thickness

Cold
rolling
down to
0,7 mm
thickness

Cold
rolling
down to
0,35 mm
thickness

1 -st cycle

0,35 mm

0,21 mm

0,0311 mm
+ 0,02 mm
-0,02 mm

0,0218 mm

0,0109 mm

2-nd cycle

10900 nm

6540 nm

971 nm

680 nm
+1400 nm
- 600 nm

340 nm

3-rd cycle

340 nm

204 nm

31 nm

22 nm

11 nm
+24 nm
-7 nm

function of true (logarithmic) deformation at rolling has a near-parabolic
behavior in the first and second cycles. Late in the second cycle,
however, when the layers
thickness changes from 680 nm to 340 nm, a change from parabolic to the
linear behavior of the dependence is observed. It becomes near-linear in the
third cycle, the hardness coming up to 350 HB late in the cycle, which is
characteristic of heat treated medium-carbon steel. It should also be
mentioned that the hardness grows appreciably (from 55 to 135 HB) after
sample rolling in vacuum in the 3-rd cycle (a mean layers thickness being 204
nm), compared to the corresponding value in the second cycle (6540 nm).
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Fig. 3 illustrated the data on hardness measurement
annealing
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The hardness as a function of true (logarithmic) deformation - e by rolling in
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Fig. 3
The hardness of the Cu-Nb nanolaminate as a function of annealing
temperature.
It is seen that 400 °C annealing decreases the nanolaminate hardness
only insignificantly. At higher temperatures the hardness drops nearly-linear
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with the temperature, and after annealing at 1000 °C its value comes to 135
HRB.
A change in the halfwidth of X-ray (211) Nb and (220) Cu peaks as a function
of the annealing temperature is illustrated in fig. 4. The both curves are nearparallel throughout the temperature ranges. The halfwidth changes most
significantly within 400-600 °C.
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Fig. 4
The halfwidth of X-ray (211) Nb and (220) Cu peaks as a function of
annealing temperature.
Fig. 5 illustrated the results of the electron-microscope study of the
nanolaminate after annealing at 600 and 1000 °C. Laminarity is seen to be
disturbed already after the 600 °C anneal (fig 5a, b). A greatest number of the
survived layers are 50 - 60 nm in thickness but there are layers less than 2
nm thick. The boundaries between the layers are diffuse. The are also
structural regions comprising newly-formed grains of 60-70 nm in size. Inside
these grains finely divided inclusions of the second phase are seen, the
particle size ranging from 1 to 10 nm. After the 1000 °C anneal the structure
is no longer laminar (fig.5c, d). It constitutes extended copper grains
measuring 200 - 600 nm across. Some grains scarcely contain second-phase
inclusions, the others contain a large number of particles from 1 to 10 nm in
size.
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Fig. 5
The structure of the nanolaminate after annealing at 600 °C (a, b) and 1000
°C

(c, d).
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4.

Discussion

The data of table 1 and figure 1 suggest that the goal sought in this work is
accomplished: nanolaminate has been produced consisting 32768 layers of
copper and niobium, a mean layer thickness being 11 nm. The occurrence of
a layer thickness nonuniformity can, possibly, be remedied or decreased by
changing the laminate production process parameters.
Noteworthy is a change in the hardness upon rolling. Ordinary materials
exhibit parabolic behavior of hardness as a function of deformation, when
hardness growth slows down with the increasing deformation. This is e result
of dynamic recovery in the process of deformation: dislocations climb to other
glade planes under the action of growing internal stresses as a result of which
dislocation density growth slows down and the internal stresses relax. The
deviation of this curve towards the linear hardness growth with the
deformation signifies the absence of the dynamic recovery: the relationship
between the dislocations which passed the sample and those stuck in it
remains constant. The change to this new composite quality occurs at a layer
thickness of 680 - 340 nm. This finding is also supported by the fact that even
before rolling in the third cycle the hardness was 135 HB that is nearly twice
as high as the corresponding values in the first and second cycles. Also, the
hardness of the nanolaminate drops to the same level upon annealing at
1000 °C following which the grain size also ranges from 200 to 600 nm.
Quite unusual come about changes in the hardness, halfwidth of X-ray peaks
of Nb and Cu and in the composite structure upon annealing. A temperature
of 400 °C corresponds to the onset of recristallisation in copper. After the 600
°C anneal copper will be completely recristallized. In this temperature range
Nb layers demonstrate only the occurrence of dislocation recovery, niobium
starts recrystallizing at 1100 °C. The date on change in the hardness and
halfwidth of the X-ray peaks upon annealing indicate that the dynamics of
structure and internal-stress alterations both in Nb and Cu layers is governed
by the changes occurring in Cu layers. These and the electron microscopic
data, illustrated in fig. 5, will allow an understanding of how structure
alterations proceed in nanolaminate upon annealing. Within RT - 400 °C all
the structure alterations in nanolaminate are related to the processes of
dislocation restructurization in copper and niobium layers. Within 400 -600 °C
the diffusive mobility of copper atoms suffices for recrystallization to develop
in copper layers. New copper grins form in the structure regions where
copper layers were thick. The other process is progressing concurrently:
copper atoms penetrate into niobium layers diffusing across
the
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boundaries of old grains, dislocation boundaries, and other structural
imperfections in niobium.
As a result, niobium layers "swell", their thickness grows while that of copper
layers decreases. The result of this process is clearly seen in fig 5a. Niobium
layers do not represent niobium any longer, they constitute a copper matrix
with inclusions of Nb particles (fig. 5b). The size of niobium particles is
dictated by the structural elements of niobium layers in the post-annealing
state: dislocation cells, subgrains (if at all one can speak about such elements
in 11 nm thick layers) or they analogs. Judging from the fact that the particles
size is 1-10 nm, these structural elements were of the same sizes. The
copper layers formed at their boundaries established the conditions for stress
relaxation in them so that the internal stresses in niobium relax the same as
in copper.
On further increase in the annealing temperature due to development of
recrystallization in the copper matrix there forms a structure involving copper
grains relatively free of niobium inclusions and copper grains comprising a
large number of niobium inclusions (fig 5c, d). The size of these particles
remains constant, i. e. 1-10 nm, as they cannot coagulate in the copper
matrix because niobium atoms are incapable of diffusion in copper once it is
defectless.
It should be mentioned that even after annealing at 1000 °C the grain size in
the composite is 200-600 nm, and it is still a nanometrical material.

5.

Conclusion

Nb-Cu nanolaminate has been produced as a 0,35 mm thick ribbon. The
nanolaminate consists of 32768 layers of a mean thickness 11 nm.
Hardening upon rolling the composite becomes anomalously strong at layers
thickness less than 340 nm due to the absence of dynamic recovery in the
process of deformation.
The restructurization of nanolaminate upon annealing is associated with the
occurrence of two basic processes: recrystallization in the copper layers and
diffusive penetration of copper into the niobium layers. As a result there forms
a structure, consisting of copper grains relatively free of niobium inclusions
and those comprising a significant number of niobium particles measuring 1 10 nm .
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Summary:
A novel technique has been developed for monitoring shape and size of
microscopic pores, bubbles, second phase particles in deformed PM
materials. The anisotropic small angle neutron scattering (ASANS)
measurement provides direct visualisation of the shape of second phase
objects after rolling, swaging, wire drawing. Also in case of mixture of different
objects e. g. uniformly elongated bubbles and spherical ones they can be
separated and their morphological parameters like relative number density,
diameter, aspect ratio can be obtained from the quantitative analysis of
ASANS data. Rods and wires from K-AI-Si doped tungsten containing
residual porosity and K filled bubbles were studied from 6 mm to 0.2 mm in
diameter. The increase of the average aspect ratio (~1/d) was found to be
much slower than expected from the usual theory (~1/d3). Instead of
"constant volume" assumption, the "constant length" seems to be reliable.
The ASANS investigation revealed also the occurrence of a small amount of
spherical bubbles after several steps of wire drawing.
Keywords:
doped tungsten, bubbles, deformation, wire drawing, small angle scattering
1. Introduction
Single phase materials subjected to sintering contains powder particles or
agglomerates of the solid material (metal, oxide) surrounded by gas or
vacuum. The sintered body after sintering is usually close to the theoretical
density and the residual porosity consists of gas filled bubbles or empty
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pores. From the point of view of small angle neutron scattering (SANS), both
the initial single phase solid material (powder) and the sintered body should
be regarded as two-phase systems having sharp interfaces between the solid
material and vacuum [1].
2. The method
SANS method can also be applied to determine the shape or size of pores
during several steps of thermomechanical processing after sintering, like
rolling, swaging and wire drawing. In case of wire drawing the definitely
oriented macroscopic strain being parallel to the wire axis results in a uniform
orientation of deformed pores in the body. In consequence of this, a
significant anisotropy in the two dimensional scattering distribution of SANS
intensity can be observed.

Fig. 1 Schematic plot of SANS intensity arising from a large set of equally
elongated ellipsoids with identical orientation. The aspect ratio of ellipsis
contour corresponds to the average aspect ratio of elongated ellipsoids.
The application of anisotropic SANS (ASANS) is relevant in investigation of
the elongation of pores and bubbles. The scattering distribution on the
detector plane can be derived from the basic theory of small angle scattering
[2]. We have concluded that in case of an ellipsoid shaped particle the
isointensity contours of the map representation of the 2D scattering intensity
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are ellipsis and they have the same aspect ratio as the particle itself. In our
wire samples, the bubbles have always elongation parallel to wire axis. Due
to identical orientation of bubbles the superposition of scattering intensities of
individual bubbles reserves this anisotropy. Applying neutron beam
perpendicular to the wire axis, the whole ensemble of elongated bubbles
reveals this anisotropy and the aspect ratio of ellipsis contour corresponds to
the average aspect ratio of elongated ellipsoids.
3. Material and experiments
We investigated K-AI-Si doped tungsten alloy produced for incandescent
filament in conventional light sources produced by sintering. Only small (50500 nm) K filled bubbles and larger (1000-5000 nm) empty pores remain in
the bulk after sintering.
Theory of Moon and Koo (1971):
2) Morphological changes after wire
drawing due to annealing:

1) Deformation during wire drawing:
- identical deformation rate for wire and bubbles
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Fig. 2 Summary of the usual theory made by Moon and Koo [4].
The subsequent steps of mechanical working at 900-1300 K result in more
and more elongated bubbles [3]. It is assumed by Moon and Koo [4] that
during the mechanical working, the amount of deformation of microscopic
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bubbles and pores is identical to that of the rod/wire and these elongated
ellipsoid shaped bubbles return to their spherical shape or break up into
smaller spherical pieces by spheroidization during annealing. The statistical
study of SEM and TEM micrographs led to the conclusion that the average
number of bubbles in a single row after heat treatment is essentially smaller
than expected [5].
n A ~*~~ * annealed
04mm
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Fig. 3 Processing map of ASANS intensity maps measured on samples of
doped tungsten from selected stages of thermomechanical processing.
One step to right corresponds to an annealing, while one step upwards
corresponds to a uniaxial mechanical working. The measurement was
made in LLB CEA Saclay, France using neutrons with wave length of
12 A and detector sample distance of 4.8 m.
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The whole process of fabrication between 6 mm down to 0.4 mm in rod/wire
diameter has been monitored on selected samples. At this smallest size,
extra samples (partly annealed and fully annealed) was prepared for
comparison. Each individual two dimensional scattering distribution maps are
arranged into a processing map.
The first sample of 6 mm diameter rod underwent swaging process, its
ASANS map shows a slight anisotropy. The second one with the same
diameter was annealed, it shows a very small anisotropy. The further
samples were subjected to the subsequent cumulative deformation process
by swaging and wire drawing, they show an increasing anisotropy which
corresponds to more and more elongated ellipsoids. The 0.4 mm diameter
sample was then annealed at 1650 K for 10 s, its 2D map shows a large
anisotropy decrease. The anisotropy vanishes completely after full annealing
of the sample at 2700 K for 300 s.
4. Quantitative analysis of ASANS intensities
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Fig 4a and 4b Results of model parametric fitting ofASANS data on Fig. 3.
Parameters of elongated ellipsoids are plotted on Fig 4a and that of
nearly spheres on Fig 4b. The length and diameter data from fitting are
absolute values in nm. The dimensionless aspect ratio increases from 1
to 14. Average bubbles volumes are calculated from the length and
diameter data and plotted in arbitrary units.

The analysis of scattering maps reveals further details. The circular shape in
the central region at samples with 1 mm in diameter and below suggested us
that among the majority of very elongated ellipsoids, spheres are also present
in the sample and the scattering distribution corresponds to their overall
superposition. The reduced anisotropy of 0.4 mm sample after 1650 K
annealing shows that the number density of ellipsoids decreases because
many ellipsoids undergo breaking up during the incomplete annealing. The
perfect vanishing of the anisotropy on 0.4 mm sample after 2700 K annealing
reveals that all the ellipsoids disappeared by the break-up process.
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Fig. 5 Simulated processing map of ASANS intensity maps. Results from
parametric fitting on Fig 4 were used to simulate ASANS intensities for
each calculated 2D maps.
A simple quantitative model has been developed to describe the observed
behavior. We supposed that there are two populations of bubbles in the wire:
the elongated ellipsoids with uniform aspect ratio and the sphere-like
ellipsoids with an aspect ratio slightly greater than or equal to 1. The shape of
overall superposition of scattering intensity depends on the relative number
densities and sizes of these two populations. We used G. Pepy's PXY
program (CEA Saclay, France, [6]). Figure 4 shows the result of parametric
fitting to the elongated ellipsoids and the spheres with moderate elongation.
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Data from this fitting can be used for simulation of scattering intensities. Fig 5
shows such a totally simulated processing map having a good similarity with
that on Fig 3.
5. Discussion
Wire diameter [mm]

3

2

1

0.6 0.4

0.1
1
Reciprocal of wire diameter [mm 1 ]
Fig. 6 Theoretical and experimental dependence of the ellipsoids' aspect
ratio on the reciprocal of wire/rod diameter. The slope of fitting to
experimental data is essentially different from the theoretically expected
value. Also the aspect ratio of the population of almost spherical
bubbles is plotted showing a tendency of increase.
The aspect ratio values are plotted in function of reciprocal sample diameter.
The almost linear dependence (A ~ 1/d) is drastically different from the value
calculated from the theoretical expectation (A~1/d 3 ). Even the moderate
enhancement of the aspect ratio of almost spherical bubbles can be
evaluated. They seem to be produced as perfect spheres during wire drawing
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but they become also more and more elongated during the subsequent
processing.

Theory of Moon and Koo (1971):

A~d

-3

VOLUME of bubbles remains constant
Identical elongation rate for wire and bubbles

Fast elongation rate

From SANS experiments (2000):

A-d

-1

LENGTH of bubbles remains constant
Volume of bubbles decreases
(constant ratio of wire & bubble diameter)

Slower elongation rate

Fig. 7 Schematic comparison of results from our SANS measurement with
the usual theory.
The huge decrease of the average volume of the elongated ellipsoids
indicates that one of the assumptions in the theoretical description for the
deformation is missing: the constant volume of bubbles during wire drawing is
not valid. A constant average length of the elongated bubbles seems to be a
better assumption.
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ABSTRACT

Residual stresses in TiN coatings deposited by a reactive ion process on Ti-6A1-4V sheet were
determined over the temperature range from 20-700 °C, using the sin2\]/ X-ray diffraction method.
Calculations based on the relative thermal expansion coefficients of the coating and substrate showed
that the magnitude of the thermal stress at room temperature was only -0.04 GPa, so that the observed
compressive stress of the order of -2 GPa could be attributed almost entirely to microstresses generated
during the deposition of the TiN coating. The observed stress remained approximately constant after
heating for 1 h periods at temperatures up to 500 °C and then reduced irreversibly to -0.6 GPa over the
temperature range from 500 to 700 °C. The reduction in compressive stress was accompanied by a
decrease in peak breadth and an increase the perfection of the [111] texture of the TiN coating,
confirming that the stress relief was associated with recovery processes involving point defects and
dislocations. A simultaneous decrease in the d-spacings of planes parallel to the surface of the coating
over the temperature range from 500 - 700°C is attributed to the relief of the 833 Poisson generated
strain, rather than a loss of nitrogen from the TiN structure.
INTRODUCTION

The effectiveness of TiN coatings for improving the erosion and corrosion resistance of
compressor blades, and the wear resistance of cutting tools, is strongly dependent on the magnitude and
nature of residual elastic stresses generated within the coating. While a moderate compressive stress is
beneficial for increasing coating adhesion, a tensile stress can cause coating failure by crack formation
and loss of adhesion (1-4). Two types of residual stress are observed in deposited coatings:
1. Macroscopic thermal stresses that originate from the thermal expansion coefficients of the
coating and substrate. These stresses, which are uniform within the grains of the coating, can be
either tensile or compressive in nature and are fully reversible on thermal cycling.
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2. Microscopic growth stresses originate from defects in the coating caused by the impact of
randomly arriving particles and hence are not uniform throughout the coating. These stresses are
usually compressive in nature, which is favourable for coating integrity, but they can be partially
relieved, if not completely eliminated, by heating to a sufficiently high temperature.
The temperature dependence of residual stresses can be determined by high temperature X-ray
diffraction, while room temperature stresses can also be monitored after thermal treatments, to provide
a reference for the evaluation of non-reversible effects. The incidence and relief of the non-uniform
growth microstresses in coatings can be determined from measurements of the breadth of X-ray
diffraction profiles (4,5), while the intensity ratios of diffraction peaks can provide information on
textured microstructures (5,6). As the thermal component of residual stress is expected to be
insignificant in TiN coatings deposited on Ti-6A1-4V, due to the close similarity between the thermal
expansion coefficients of the coating and substrate (2,7), this system provides a unique opportunity for
investigating the relief of the growth stress in PVD coatings as a function of controlled thermal
treatments.
EXPERIMENTAL

The sin2\]/ X-ray diffraction method for determining residual stresses is based on measurements of
elastic strain in terms of the variation of the interplanar spacings, d^, of a selected diffraction plane
inclined at an angle i|/ with respect to the sample surface. Using the interplanar spacings, dn, of planes
that lie parallel to the sample surface as a reference, the strains s v in planes inclined to the surface can
be expressed in terms of Ad/dn, where Ad = d n -d v . The biaxial residual stress, cs^, in a plane parallel to
the surface of a coating can then be determined from linear slopes fitted to plots of Ad/dn versus sin2i|/,
in accordance with the relationship (2,8):
sv = Ad/dn = V2S2 a<j, • sin 2 \|/ + Sj (o"i j + c?22)

equation 1

where S\ and S2 are the X-ray elastic constants, and crj 1 and 022 a r e t n e principal stresses of the biaxial
system. The constant term containing the elastic constant Si (= -v/E) is the strain S33 normal to the
surface of the coating, which is generated by the Poisson effect of the residual stress. In an elastically
isotropic solid, the elastic constant S2 = 2(1 + v)/E, where E and v refer to the Young's modulus and
Poisson's ratio of the material. However, since elastic coefficients are 4th order tensors, it is the
exception rather than the rule for the Young's modulus to have the same value in all directions in a
crystal, even when the symmetry is cubic. A particular value of S2 related to the Miller index of the
specific diffraction plane must thus be used when determining residual stresses by the sin2\|/ method. In
the present experiments, the Poisson's ratio of 0.2 (10) and the Young's modulus of 640 GPa (10) were
weighted by the analysis of Perry based on the model proposed by Reuss (11) to obtain SI and S2 for
the particular Bragg reflection used for the sin2ij/ determination of residual stress.
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A 10 |am TiN coating was deposited on to both sides of a 1 mm thick Ti-6A1-4V sheet at a
temperature of 475 °C, using the Liburdi Engineering reactive ion coating method, which is described
elsewhere (12,13). X-ray specimens 6 mm wide and —30 mm long were cut from the coated sheet with
a slow cut diamond saw. High temperature X-ray measurements were made in air using a Buehler HDK
2.3 high temperature furnace mounted on a Scintag XDS 2000 X-ray diffractometer, operated in the
8:6 configuration. The coated specimens were clamped firmly to the current electrodes of the furnace
by a pair of stainless steel clips, and were heated by the passage of a dc current through the Ti-6A1-4V
substrate, as described in a previous publication (14). The temperature of the coating was measured
with a Pt/Pt-10%Rh (type S) thermocouple welded to the under surface of the specimen and was
controlled to ± 1 °C using a Micristar PID controller.
The X-ray source was operated at 45 kV and 40 mA, using a Cu target X-ray tube. Since
resolution was not an important factor for recording the broadened diffraction peaks, the intensity of the
diffracted beam was maximized by using a 3 mm receiving slit with no Soller slits. The selected
diffraction peak was step scanned over an angular range of at least 10 °28, using a step width of 0.3°
and a dwell time of 20 s, which gave a minimum of 30 data points per diffraction profile. The peak
positions of the broadened profiles were determined with a profile fitting program based on a Pearson
VII function. To investigate the temperature dependence of residual stress, the peaks were first scanned
at room temperature (20 °C), using tilt angles of 0-40° in increments of 10°, and these scans were then
repeated at temperatures of 100, 200, 300, 400, 500, 600 and 700 °C. Allowing 10 minutes to
equilibrate at each temperature, and 10 minutes to perform the scan at each \.\J angle, the sample was
held for approximately one hour at each temperature. The step scan data obtained at each temperature
were also used to determine the breadth of the selected diffraction profile in terms of the full width at
half maximum (FWHM), to investigate the relief of microstresses. After each high temperature scan,
the sample was returned to room temperature and re-scanned over the range of tilt angles, \\i, to detect
any permanent changes in residual stress or changes in the dn-spacings of planes parallel to the surface,
i.e. for \\) = 0. The relative intensities of the low angle 111 and 200 TiN peaks were also measured after
each thermal treatment, to monitor the state of the texture of the coating.
RESULTS AND DISCUSSION

The low angle section of the room temperature diffraction pattern of the TiN/Ti-6Al-4V sample is
shown in Figure 1. The intensity ratio (I111/I200) of the 111 and 200 diffraction peaks was found to be
12.6, which is significantly greater than the intensity ratio of 0.72 observed for randomly oriented
powder samples of TiN (15), indicating that the present PVD coating exhibits a strong [111] texture.
The high angle section of the diffraction pattern in the insert in Figure 1 shows that the highest
angle 511 peak at 141.3 °29 cannot be used for determining residual stress, because it is overlapped by
a diffraction peak from the underlying Ti-6A1-4V substrate. The next highest angle peak, i.e. the 422
peak at 125.7 °26 was thus selected for the sin2i|/ determination of residual stress, because it is not
overlapped by any of the peaks of the substrate pattern.
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Figure I. Diffraction pattern of the TiN coating on Ti-6A1-4V.
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Figure 2. Temperature dependence of the strain Ad/dn versus sin2v|/.
The strain Ad/dn determined at various tilt angles \\i is plotted against sin^y in Figure 2, for the
temperatures between room temperature and 700 °C. There is significant overlap between the plots at
temperatures up to 500 °C, but the compressive strains at 600 and 700 °C are distinctly smaller, in
contrast to previous observations on TiN coatings on 316 stainless steel where the sign of the measured
strain changed from negative to positive at the deposition temperature (16,17). The strain plots in
Figure 2 exhibit the "serpent's tail" effect, which is suggested to be the result of anisotropic X-ray
elastic constants (18). The consequent error in the determination of residual stress by fitting linear
slopes to the observed strain vs. sin2\]/ plots in Figure 2 was estimated to be ± 0.2 GPa.
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Figure 3. Temperature dependence of residual stress (o^,) and
peak breadth (FWHM) in the TiN coating.
The residual stresses calculated from linear slopes fitted to the plots of Ad/dn versus sin2v|' plots
are shown as functions of the experimental temperatures in Figure 3. The dashed line at the centre of
the figure represents the thermal stress ax in the TiN coating calculated using the relationship (1):
O"T

=

-VTiN)] («TiN " O-Ti-6-4) ( T D - T)

equation (2)

where the Poisson's ratio VXJN of TiN is taken as 0.2 (10), axiN is thermal expansion coefficient of TiN
= 8.5 x 10"6 K"1 (2), axi-6-4 is the thermal expansion of the substrate = 8.6 x 10"6 K"1 (7) and Tp is the
deposition temperature. Due to the close values of the expansion coefficients, the room temperature
thermal stress is very small (-0.04 Gpa) which means that, in the absence of significant compressive
growth stresses, the TiN coating on Ti-6A1-4V would be mechanically unstable. Further, since all
values of the thermal residual stress are very much smaller than the experimental error of ±0.2 GPa for
the sin-\\i determinations of the total residual stress, the observed trends in residual stress can thus be
attributed to the growth stresses in the TiN coating. The magnitude of the total room temperature stress,
at -2 MPa, is much smaller than the values of 4-8 GPa reported for TiN coatings on austenitic stainless
steel (1,2,16-18). One reason for this difference is that while the stress observed in the present system is
composed almost entirely of the growth stress, the stress observed in the TiN/stainless steel system has
a significant thermal component of -3 GPa (17). The results in Figure 3 show that the growth stress
remains approximately constant at -2 GPa on heating for one hour at temperatures up to 500 °C and
then decreases sharply to -0.6 GPa over the temperature range from 500-700 °C. Room temperature
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scans after thermal treatments showed that the decrease in stress observed on heating above 500 °C was
not reversible on cooling to room temperature.
The breadths of the 422 diffraction peak at different treatment temperatures, expressed in terms of
the full width at half the maximum intensity (FWHM) of profiles recorded at \\i = 0, are also included in
Figure 3. These results show that the FWHM remained approximately constant at just below 3.0 at
temperatures up to 500 °C and then decreased to just less than 2.0 when the temperature was raised
from 500 to 700 °C. The reduction in peak breadth is specifically associated with the recovery of
microstresses due to the removal of point defects and dislocations (1-3,5). It is also significant to note
that the temperature at which this process is initiated coincides precisely with the temperature at which
the residual stress is reduced, confirming that both processes are associated with the relief of the growth
microstresses in the TiN coating.

200

400
Temperature (Celsius)

Figure 4. Changes in texture coefficient and dn-spacings after thermal treatments.
The texture in the TiN coating was estimated from the relative intensities of the low angle 111
and 200 diffraction peaks using the coefficient ( I m / P m ) I (l/2( Ini/I°lll + I20o/I°200)) suggested by
Rickerby et al. (5), where the 1° values refer to the respective peak intensities in the ICDD powder
diffraction file for a randomly oriented powder sample of TiN (15). As shown in Figure 4, the texture
coefficient determined at room temperature after each thermal treatment fluctuates about 1.875 after
treatments at temperatures up to 600 °C and then showed a distinct increase up to 1.935 when the
treatment temperature was raised to 700°C. This observation is consistent with the observed relief of
growth microstresses by the removal of point defects and dislocations, which would also cause an
increase in the crystalline perfection of the texture. Since the [111] texture in TiN coatings is columnar
in nature (6), a reduction of the dislocation density in the grain boundaries by thermally stimulated
dislocation climb will also contribute to an enhanced texture.
The results presented in Figure 4 show that there is no significant change in the dn-spacings after
thermal treatments up to 400 °C, but a distinct decrease in dn is observed after the higher temperature
treatments at 500 to 700°C. Decreases in dn observed after heating at temperatures of 800-900 °C have
been associated with a loss of nitrogen from the TiN structure (4,17), but this effect is not considered to
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be the cause of the reduction in dn observed at lower temperatures. Since the decrease in dn occurs over
the same temperature range as the recovery of the compressive growth stress, as shown by the results in
Figure 2, it is thus attributed to an associated relief of the tensile £33 stress generated normal to the
coating surface by the Poisson effect, as indicated by the second term in equation 1. The possibility of
nitrogen loss from TiN coatings on Ti-6A1-4V substrates at higher treatment temperatures will be
investigated in a further extension of this work.
SUMMARY OF OBSERVATIONS AND CONCLUSIONS
1. The TiN films on Ti-6A1-4V have a pronounced [111] texture, which is known to encourage
columnar growth.
2. The room temperature thermal stress in TiN coatings on Ti-6A1-4V (at -0.04 GPa) is an
insignificant component of the total compressive stress of-2 GPa, so that all observed trends in
total stress can be attributed to changes in growth stress.
3. On heating for periods of lh between 500 and 700 °C the growth stress is irreversibly reduced to a
lower level of-0.06 GPa, due to the removal of point defects and dislocations generated during the
deposition of the coating. As this stress is little more than 10 x the magnitude of the detrimental
tensile thermal stress generated at temperatures above the deposition temperature, it is concluded
that TiN coatings on the Ti-6A1-4V substrate should not be used at temperatures above 500 °C for
extended periods of time.
4. The [111] columnar texture of the coating is enhanced after the thermal treatments at 600-700 °C,
in association with the recovery of microstresses by the removal of dislocations. This observation
confirms that there is no breakdown of the TiN crystal structure at temperatures up to 700 °C.
5. A reduction in the dn-spacings of planes parallel to the coating surface after thermal treatments
above 500 °C is attributed to the relief of the Poisson generated S33 normal strain, rather than a loss
of nitrogen from the TiN structure.

ACKNOWLEDGEMENTS

This work was supported in part by an individual operating grant from the Natural Sciences and
Engineering Research Council of Canada.
REFERENCES

1. H. Oettel and R. Wiedemann, Surf. Coat. Techno!., 76/77, (1995), 265.
2. D.S. Rickerby, SJ. Bull, A.M. Jones, F.L. Cullen and B.A. Bellamy, Surf. Coat. Technol., 39/40,
(1989), 397.

H.W. King et al.

RM 89

125_

15" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

3. A.J. Perry, M. Jagner, P.F. Woerner, W.D. Sproul and P.J. Rudnik, Surf. Coat. Techno!., 43/44,
(1990), 234.
4. K. Xu and J. He, Surf. Coat. Technol, 70, (1994), 115.
5. D.S. Rickerby, A.M. Jones and B.A. Bellamy, Surf. Coat. Techno!., 37, (1989), 111.
6. A.S. Korhonen, Vacuum, 45 (10/11), (1994), 1031.
7. American Society for Metals, Metals Handbook -10'1' edition, (1990) Vol. 2, p.620.
8. H. Fujiwara, T. Abe and K. Tanaka, Eds., "Residual Stresses - III Science and Technology",
Elsevier Applied Science, (1992), p.12.
9. A.J. Perry, Thin Solid Films, 193/194, (1990), 463.
10. A.J. Perry, J. Vac. Sei. Techno!., A8 (3), (1990), 1351-1358.
H . A . Reuss, Z ang. Math. Mech., 9, (1929), 49.
12. V.R. Parameswaran, J.P. Imarigeon andD. Nagy, Surf. Coat. Technol., 52, (1992), 251.
13. D.R. Nagy, V.R. Parameswaran, J.D. McLeod and J.P. Imarigeon, in Proc. Propulsion and
Energetics Panel (PEP) Symposium, Rotterdam, Netherlands, April, 1994, p.27-1.
14. H.W. King, J.D. Brown, T.A. Caughlin and D.R. Nagy, Adv. X-RayAnal, 40, CD-ROM
International Center for Diffraction Data (ICDD), (1997/98), p.509.
15. W. Wong-Ng, H. McMurdie, B. Paretzkin, C. Hubbard, A. Dragoo, NBS, ICDD PDF crystal data
for TIN, Gaitherburg, MD, USA
16. H.W. King, T.A. Caughlin and D.R. Nagy, Proc. 13th. International Plansee Seminar, Vol. 3, G.
Kneringer, P. Rodhammer and P. Wilhartitz, Eds., (1997), p.270.
17. H.W. King, T.A. Caughlin and D.R. Nagy, J. Adv. Materials, 33(1), (2001), 63.
18. L. Chollet and A.J. Perry, Thin Solid Films, 123, (1985), 223.

126

RM98

EP. Schalunov et al.

:h

15 International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

Anwendung der hocheffizienten dispersionsgehärteten Werkstoffe auf
Pulverkupferbasis in den Teilen von Motoren und Kraftanlagen der
Transportmittel
E.P. Schalunov, V.A. Dovydenkov*, V.S. Simonov*
Wissenschaftlich-technische Firma TECHMA G.m.b.H., P.O.Box 27, 428015 Tscheboksary, Russland
* Werk der Komposit- und Metallkeramik-Werkstoffe KERMET AG, 424003 Joschkar-Ola, Russland

Summary:
Three types (CO/94: Cu-AI-C-O; C3/04: Cu-AI-Ti-C-0 and CO/97: Cu-AI-C-O)
of Oxide and Carbide Dispersion Strengthened Materials based on copper
powder (QCDS-Copper) of DISCOM® logo accordingly for guiding sleeves
and valve seats for modern petrol and diesel engines and also for currentremoving plates of pantographs of high-speed electric locomotives,
developed by Scientific and Technological Company TECHMA Ltd. and
produced by mechanical alloying in attritors by Composite and Ceramic
Materials Works KERMET JSC are considered.
It is significant that materials CO/94 and CO/97 with the same system and the
same technology of producing but with different compounds are situated on
opposite poles of gamma of materials with Cu-AI-C-O system and they
indicate the range of physical and mechanical properties of the gamma. For
example, materials' hardness changes from 92 to 15% of values of pure
copper's analogous characteristics.
Above-mentioned and other types of OCDS-Copper have their temperature of
recrystallization from 830 to 1000°C, great high-temperature strength and
excellent wear-resistance coefficient under conditions of sliding electric
contact which provides products of them working under extreme conditions
with the resource substantially higher than the resource of products from
traditional materials.
All three mentioned types of OCDS-Copper and also more than 10 other
types have been producing and delivering in the form of semi-finished OCDSCopper items (round bars, plates, pipes etc.) and ready-made articles both
Russian and foreign customers for more than 10 years.
Keywords:
Dispersion Strengthened Copper, Oxide and Carbide Dispersion
Strengthened Copper, Mechanical Alloying, Guiding Sleeve of Engine, Valve
Seat of Engine, Current-Removing Plate of Pantograph.
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1. Einleitung:
Die Entwicklung der Kommunikationssysteme auf dem neuen Niveau ist eine
der Hauptbedingungen für die Sicherung des stabilen Funktionierens und des
Wachstums von der Wirtschaft der Länder im 21. Jahrhundert.
Der wichtigste Bestandteil der Kommunikationssysteme ist und wird das
Verkehressystem sein.
Die Grundforderungen an dieses System im 21. Jahrhundert werden noch
strenger, weil von diesem System noch höhere Geschwindigkeiten des
Fahrgast- und Güterumschlages, noch höhere Zuverlässigkeit und Sicherheit
der Benutzung von Verkehrsmitteln, noch höhere Wirtschaftlichkeit der
Transporte bei der gleichzeitigen Senkung der negativen Folgen des
Verkehrsmittelbetriebes auf die Umwelt verlangt wird.
Diese Forderungen bedingen die Notwendigkeit der Schaffung auch der
Verkehrsmittel der neuen Generation selbst. Schon jetzt gibt es ziemlich
große Zahl der Muster von Kraftfahrzeugen, Eisenbahnzügen, Schiffen und
Flugapparaten, die den obenangegebenen Forderungen in gewissem Grade
gerecht werden.
Es sei aber sicher zu betonen, daß Oberflächen- und Wasserverkehrsmittel
schneller geworden sind, und Flugmaschienen zudem größere Steighöhe
haben.
Wachsende taktisch-technische Daten der Verkehrsmittel bedürfen der
Anwendung in ihnen der vor allem dynamischeren Motoren und Antriebe.
Die Steigerung der Leistungs- und Geschwindigkeitsdaten der Motoren und
Antriebe wird unvermeidlich mit der Erhöhung der Betriebstemperaturen in
ihren Arbeitsorganen begleitet.
Daher tritt in den Vordergrund die Aufgabe der Suche oder Entwicklung der
Werkstoffe, die fähig sind, die Betriebstemperaturen im Laufe von ganzer
Nutzungsdauer der Motoren und Antriebe auszuhalten.
Es handelt sich also vor allem um hitzebeständige und warmfeste Werkstoffe.
Diese Werkstoffe müssen auch verschleißfest und korrosionsbeständig unter
Bedingungen der hohen Temperaturen und aggressiven Medien sein. Die
Werkstoffe für elektrische Antriebe müssen auch verschleißfest unter
Bedingungen des elektrischen Gleitkontaktes und des Lichtbogenbrennens.
Für Wärmeabfuhr und Vorbeugung der Überhitzung der Motoren und
Antriebe müssen die Werkstoffe für sie über gute Wärmeleitfähigkeit, und
folglich, über gute elektrische Leitfähigkeit (was besonders wichtig für
elektrische Antriebe ist) verfügen.
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Neben dieser sowie anderen technischen Sonderforderungen müssen die
Werkstoffe für Motoren und Antriebe, unter Berücksichtigung deren Serienproduktion im großen Umfang, gute Fertigungsgerechtheit und annehmbare
Kosten haben.
Unter Berücksichtigung der immer höheren Anforderungen an den
Umweltschutz dürfen diese Materialien in ihrer Zusammensetzung chemische
Elemente und Verbindungen, deren Anwendung aus ökologischen Gründen
verboten ist, nicht enthalten.
Bereits bei der flüchtigen Gegenüberstellung von erforderlichen Eigenschaften der Werkstoffe stellt sich ihre offensichtliche Widersprüchlichkeit
heraus. Beispielsweise haben die Werkstoffe mit hoher elektrischer- und
Wärmeleitfähigkeit, in der Regel, nicht hohe Festigkeitswerte, besonders bei
erhöhten Temperaturen, und ungenügende Verschleißfestigkeit, besondes
unter Bedingungen des elektrischen Gleitkontaktes.
Wie bekannt, gibt es in der Natur kein solches chemisches Element, das alle
obenangeführten Eigenschaften hätte.
In meisten Fällen ist es unmöglich, alle erforderlichen Eigenschaften in einem
Material, das durch Verfahren der herkömmlichen Metallurgie gewonnen wird,
zu vereinen. Zugleich ermöglichen Errungenschaften und Erfolge letzter
Jahrzehnte auf dem Gebiet der Festkörperphysik und der Metallkunde ganz
bewußt innerhalb bestimmter Schranken in einem Material verschiedene
widersprüchliche Eigenschaften zu synthetisieren.
Besonders erfolgreich wird dieses Problem mit Verwendung der
Pulvermetallurgieverfahren gelöst. Pulvermetallurgische Verfahren ermöglichen es, in einem Material unterschiedliche chemische Elemente und Verbindungen zu verwenden, wobei jedes von ihnen bestimmte Gesamtheit der
Eigenschaten hat und das synthetisierende Material additiv beeinflußt. Dabei
kann man Ausgangs-komponenten verwenden, indem man ihren Einfluß
aufeinander, d.h. chemische Wechselwirkung zwischen ihnen ausschließt.
Als solche Komponenten können Metalle auftreten, die sich miteinander
weder in festem noch in flüssigem Zustand vermischen sowie Metalle und
Nichtmetalle, die über begrenzte gegenseitige Löslichkeit verfügen (Karbide,
Oxide, Nitride, Boride und andere Verbindungen).
Für Gewinnung wärmeleitender Werkstoffe, die bei erhöhten Temperaturen
arbeiten, wurden in der Regel schwerschmelzbare Materialien (W, Ni, Ti, Cr
u.a.) oder deren Verbindungen (Karbide, Oxide u.a.) verwendet, die porige
Grundlage bildeten (Skelettkörper), deren Poren mit dem reinen chemischen
Element (z.B. Cu u.a.) gefüllt wurden [1].
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Aber bei großen Belastungen und erhöhten Temperaturen erweichte sich der
Tränkestoff, und die Basis, indem sie Belastungen nicht aushielt, wurde
deformiert oder gebrochen.
Es wurden auch Versuche gemacht, ein chemisches Element, z.B. Kupfer
oder seine Legierungen als die Basis und darin einführende schwerschmelzbare keramische Teilchen (Karbide, Oxide, Boride, Nitride u.a.) als
härtende Phasen zu verwenden. Dabei war die Abmessung dieser Teilchen
(Pulver) nicht weniger als 0,5... 1,0 (im. Die Erweichungstemperatur solcher
Kompositwerkstoffe wurde wirklich höher als bei herkömmlichen Legierungen
auf Basis dieses chemischen Elementes. Aber diese Erhöhung war doch
ungenügend, damit diese Werkstoffe bei Temperaturen über 800°C betrieben
werden könnten.
Zugleich ist aus der Theorie der Dispersionshärtung bekannt, daß die
Betriebstemperaturen bei Abmessungen der härtenden Phase 0,01...0,05 |im
und der Entfernung zweischen Teilchen dieser Phase 0,1...0,5 um bis zu
0,90...0,95 der Schmelztemperatur von der Werkstoffmatrix erhöht werden
können [2].
Die Teilchen der härtenden Phase solcher Abmessungen zu schaffen,
ermöglicht das Verfahren der „inneren Oxidation" sowie das Verfahren des
„Reaktionsmahlens", das in Hochenergie-Kugelmühlen, z.B., in Attritoren
verwirklicht wird.
Davon ausgehend, kann man die Erweichungstemperatur der dispersionsgehärteten Werkstoffe auf Kupferbasis bis zu 1000°C erhöhen, was völlig
ausreichend für Anwendung solcher Werkstoffe in vielen Organen der
Motoren und Antriebe verschiedener Transportmittel ist.
Letzte Jahrzehnte haben bestätigt, daß solche Werkstoffe wirklich geschaffen
sind und in der Wirtschaft sogar angewendet werden. Es handelt sich in
erster Linie um dispersionsgehärtete Werkstoffe Cu + AI2O3, die sowohl durch
„innere Oxidation" (z.B. GlidCop® AL-15, AL-25 und AL-60) als auch durch
„Reaktionsmahlen" gewonnen werden [3, 4, 5].
Aber wegen der Notwendigkeit der Verwendung bei der Fertigung dieser
Werkstoffe von mehrstufigen Redoxoperationen im Medium der Spezialgase,
darunter im Wasserstoffmedium, ist der technologische Prozess der
Fertigung von solchen Werkstoffen ziemlich arbeitsaufwendig und ihe Kosten
übersteigen wesentlich die Kosten der herkömmlichen Legierungen ähnlicher
Anwendung.
In diesem Zusammenhang haben die angegebenen Werkstoffe bis jetzt fest
jene Stellung nicht eingenommen, die sie in der Wirtschaft von ihren
einzigartigen
Charakteristiken ausgehend hätten einnehmen müssen.
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Außerdem wird dieses metallische System nicht in allen Fällen den
Betriebsforderungen der Erzeugnisse aus ihnen gerecht.
Unten wird gezeigt sein, daß die Senkung der Kosten von Werkstoffen
solcher Klasse mit gleichzeitiger Modernisierung ihrer chemischen
Zusammensetzung für konkrete Betriebsbedingungen erlaubt, doch, diesen
Werkstoffen eine breitere Anwendung in verschiedenen Technikbereichen,
darunter in Motoren und Antrieben der Transportmittel zu sichern.
2. Durch Oxide und Karbide dispersionsgehärtete Werkstoffe auf
Pulverkupferbasis der Handelsmarke DISCOM®:
DISCOM® ist die Handelsmarke neuer Klasse der speziell von der
Wissenschaftlich-technischen Firma TECHMA G.m.b.H. (Tscheboksary,
Russland) für Maschinen- und Motorenbau, Elektrotechnik und anderen
Gebieten der Technik entwickelten durch Oxide und Karbide dispersiondgehärteten Werkstoffe auf Pulverkupferbasis (Oxide und Carbide Dispersion
Strenthened Copper: OCDS-Copper).
OCDS-Copper wird durch Bearbeitung der Rohpulverkomposition im Attritor,
Kompaktrieren der im Attritor gewonnenen Granulate in Bolzen und durch
nachfolgendes Heißstrangpressen dieser Bolzen in Stangen, Rohre und
andere Profile hergestellt [6,7,8].
Die absolute Abwesenheit irgendwelcher Schutz- und Redoxatmosphären
bei der Herstellung von OCDS-Copper ist die Hauptbesonderheit der
ausgearbeiteten Technologie: der ganze Fertigungsprozess wird in der Luft
ausgeführt. Der Luftsauerstoff oxydiert im Laufe des Fertigungsprozesses
Legierungselemente bis zur Bildung der Uitradispersionsteilchen (0,02...0,03
jam) von Oxiden (AI2O3, TiO2, Cr2O3 u.a.) dieser Elemente.
Der in der Rohpulverkomposition vorhandene Kohlenstoff bildet mit
Legierungselementen Karbide (AI4C3, TiC, Cr3C2, Cr7C3, VC u.a.), deren
Größe mit der von obenerwähnten Oxiden vergleichbar ist. Darüber hinaus
reduziert der Kohlenstoff das Kupfer aus seinen Oxiden, was der Matrix der
Werkstoffe gute elektrische und thermische Leitfähigkeit verleiht. Diese in der
Matrix gleichmäßig verteilen Oxide und Karbide gewährleisten für OCDSCopper hohe Festigkeit, besonders bei hohen Temperaturen.
Dadurch, daß im OCDS-Copper härtende Phasen (Oxide und Karbide)
verschiedenartig sind, ist deren Koagulation bei hohen Temperaturen fast
unbemerklich. Das, wie bekannt, verleiht solchen Werkstoffen hohe
Glühbeständigkeit und Warmfestigkeit.
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Oxide und Karbide mit dem Restkohlenstoff, der in der Matrix in der
Ultradispersionsform vorhanden ist, gewährleisten für OCDS-Copper hohe
Verschleißfestigkeit.
Gemäß dem obenangeführten Verfahren der Gewinnung kann man diese
Werkstoffe auch als „innen-oxidierte und innen-reduzierte" nennen. Als
oxide-und karbidebildende Elemente können Metalle von III, IV, V und VI
Gruppen des Periodensystems von D. Mendeleev verwendet werden. Aber
die breiteste ATwendung haben Zusätze von Aluminium, Titan, Chrom,
Vanadium gefunden, indem folgende Systeme gebildet wurden: Cu-Al-C-O,
Cu-Ti-C-O, Cu-Cr-C-O, Cu-V-C-O, Cu-Al-Ti-C-O, Cu-AI-Cr-C-0 und andere.
Ausführlicher kann man sich mit chemischen Zusammensetzungen der von
der Firma TECHMA entwickelten Werkstoffe und Technologie ihrer
Gewinnung in russischen (Nr. Nr. 2103103, 2103134, 21031135, 2104139,
2113529, 2116370, 2117063, 2118393 u.a.) sowie ausländischen, z.B.
österreichischem (Nr. 400580) Patenten der Firma bekannt machen.
Dank relativ einfacher Technologie und nicht hohem Arbeitsaufwand haben
diese Werkstoffe die Kosten, die 1,5...2 Mal niedriger als der bei Werkstoffen
GlidCop® sind.
Verschiedene Typen von OCDS-Copper als heißstranggepresste oder durch
Ziehen kalibrierte Halbzeuge mit verschiedenem Profil des Querschnittes
werden von der Firma TECHMA selbst sowie nach ihrer Lizenz in einigen
spezialisierten, nach den Projekten der Firma in verschiedenen Städten
Russlands gegründeten Betrieben hergestellt. Unter ihnen sei vor allem das
Werk der Komposit- und Metallkeramik-Werkstoffe KERMET AG in der Stadt
Joschkar-Ola hervorzuheben.
In meisten Fällen wird OCDS-Copper als bereits Fertigerzeugnisse geliefert.
Für ihre Fertigung werden alle nötigen Verfahren der mechanischen
Bearbeitung (Drehen, Fräsen, Bohren, Gewindewalzen, Schleifen u.a.) und
des Gesenkschmiedens verwendet.
3. Anwendung von OCDS-Copper der Handelsmarke D1SCOM® in
Ventilführungshülsen
und Ventilsitzringen der Benzin- und
Dieselmotoren:
Der Mechanismus der Ladungswechselsteuerung ist einer der besonders
verantwortlichen Organe des Motores, da er bestimmte Reihenfolge und
Solldauer des Verlaufs von Prozessen des Einlaßes vom Treibsstoff und des
Auslaßes der Produkte seiner Verbrennung (Gase) im Arbeitszyklus des
Motores genau sichert.
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Auf der Abb.1 ist die typische
Konstruktion
vom
Mechanismus der Ladungswechselsteuerung mit dem Einlaßventil 1 und dem Auslaßventil
2, die in Automobil-, Traktoren-und anderen Typen der
Motoren angewendet werden,
dargestellt.
Der Ventil ist der heißeste Teil
des Motores. So kann die
Temperatur im Zentrum des
Auslaßventilkopfes der Motoren
mit
Zwangszündung
927...1002°C, und der Dieselmotoren 7O2...9O2°C erreichen.
Bei Ventilen ohne inneren
Abb.1. Antrieb von zwei Ventilreihen
Kühlungshohlraum
werden
durch zwei Nockenwellen:
70...80% der Wärme durch
1-Einlaßventil; 2-Auslaßventil;
Tragfläche des Kopfes zum
3-Ventilführungshülse;
Ventilschaft und von ihm zur
4-Ventilsitzringe; 5-Nockenwellen;
Führungs-hülse abgeleitet.
6-Fedem.
Auf solche Weise kann die
Temperatur des Sitzringes in der Zone des Kontaktes mit dem Ventilkopf in
leistunsfähigen Hochgeschwindigkeits-motoren über 900°C betragen.
Die Temperatur sinkt nach der Höhe der Ventilführunghülse in Richtung der
Entfernung vom Ventilkopf, aber deren maximale Wert kann fast 700°C
erreichen. Bei der hin- und hergehenden Bewegung des Ventils wird die
Hülse dem mechanischen Verschleiß ausgesetzt und der Sitzring ist zudem
unter hoher Stoßbelastung der Quetschung. Zudem ist hinzuzufügen, daß alle
drei Teile unter Bedingungen eines aggressiven Mediums (der sich mit
Geschwindigkeit von 400...600 m/s bewegenden, bis zu 727...1202°C
erhitzten Gase) arbeiten. Ventile werden aus speziellen warmfesten Stählen
hergestellt und für deren Verschleißverhütung, in der Regel, verschiedenen
Verfahren der thermischen und thermochemischen Bearbeitung ausgesetzt.
Ventilführungshülsen und Ventilsitzringe werden je nach Leistungs- und
Geschwindigkeitschakteristiken der Motoren aus grauem Perlit- und
gefeintem Roheisen, austenitischen Ventilstählen und Sinternwerstoffen auf
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Eisenbasis, metallurgischen Materialien und Sintern Werkstoff en auf
Kupferbasis sowie Verbundwerkstoffen hergestellt.
Die früher mit Erfolg angewendeten graues Roheisen Gh 1051 (3,65% C;
2,65%Si; 0,55%Mn; 0,45...0,75%P; S<0,15%; Fe-Rest) für Ventilführungshülsen in Motoren, z.B. der Kraftfahrzeuge FIAT und das Spezialroheisen mit
Härte 207...255 HB (3,0...3,5%C; 1,8...2,5%Si; 0,6...1,2%Ni; 0,5...0,9%Mn;
0,25...0,55%Cr; Fe-Rest) für Einlaß- und Auslaßsitzringe der Ventil in Motoren, z.B. der russischen leistungsfähigen Motorräder URAL, werden zur Zeit
immer
weniger
angewendet.
An
ihre
Stelle
treten
härtere
Spezialroheisensorten mit Trostit-Gefüge und Karbid-Einschiüßen.
Aber sie zeichnen sich durch komplizierte chemische Zusammensetzung und
niedrigere Fertigungsgerechtheit
aus. Zum Beispiel, in Einlaß- und
Auslaßven-tilsitzringen der Motoren russischer leistungsfähiger LKWs
KAMAZ wird Spezialroheisen mit Härte von 420...490 HB angewendet, das
folgende chemische Zusammensetzung hat: 2,4...2,9%C; 3,0...3,5%Cr;
1,5...2,0%Si; 0,5...1,5%V; 0,8...1,5%Mo; 1,2...2,0%Cu; 0,5...0,7%Ni;
0,5...1,0%Mn; 0,18...0,35%P; S<0,1%; Ca<0,02%; Fe-Rest.
Einfache und billige Sintern-Stähle für Ventilführungshülsen (z.B. 1,5%C;
3,0%Cu; 0,3...0,6%S; Fe-Rest) mit Härte von 60...110HB (porige mit
Tränken mit Maschienenöl) und Härte von 60...130HB (mit Sulfidierung) sind
wegen der Erhöhung der Leistungs- und Geschwindigkeitscharakteristiken
der Motoren praktisch bereits in die Vergangenheit weggegangen.
Gut haben sich Sintern-Stähle der Firma BLEISTAHL für Sitzringe des
Einlaßventils (FSN 335: 0,5...1,0%C; 2,5...3,5%Ni; 2,0...3,5%Pb; Fe-Rest)
mit Härte 280...320HB und für Sitzringe des Auslaßventils (Como 7SH:
0,3...0,8%C; 1,0...2,0%Mo; 0,5...1,5Pb; 6,0...7,0%Co; 1,0...2,0%Ni; FeRest) mit Härte von 320...360HB gezeigt.
Aber diese Werkstoffe enthalten wesentliche Menge von Blei, dessen
Anwendung wegen seiner Umweltunfreundlichkeit verboten ist. Aus
demgleichen Grund wird der Sinternwerkstoff (0,5...2,0%C; 2...4%Cr;
0,2...0,4%Mo; 0,2...0,4%V; 0,2...3,0%CaF2 oder BaF2, oder MnS, oder
0,1...0,4%S; Fe-Rest, Tränken mit 1,0...2,0%Pb) ausgewechselt, der von
der Fa. TOYOTA für Ventilsitzringe entwickelt wurde. An seine Stelle traten
auf den japanischen Automobilmarkt verschiedene verwickeltlegierte
Sinternstähle (z.B. 0,3...1,5%C; 4,0...8,0%Co; 0,5...1,5%Cr; 4,0...8,0%Mo;
1,0...3,0%Ni; 0,2...0,6%Ca; Fe-Rest).
Der Bedarf des japanischen Automobilmarktes an Ventilführungshülsen
beträgt ca. 10Mio Stck. jährlich. Bereits jetzt wird 30% dieses Bedarfes mit
Ventilführungshülsen aus dem Verbundwerkstoff auf Eisenbasis Fe+C+
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Zusätze keramischer Teilchen gedeckt. Wenn der Verschleiß der
Roheisenhülsen ungefähr 50 \xm beträgt, so macht der Verschleiß der Hülsen
aus diesem Werkstoff 10...20 jj.m aus.
Gut hat sich in Ventilführungshülsen der Hochgeschwindigkeitsmotoren
LADA-SAMARA
das
verwickeltlegierte
Messing
bewährt,
das
56,5...59,5%Cu; 0,002...0,05%Ca; 1,0...2,0%Si; 2,0...4,0%Mn; 0,5...2,5%Ni;
0,25...1,75%Pb; 0,01...0,5%AI; Fe<0,35%; Einschüße < 1,0%; Zn-Rest (sein
ausländisches Analogon ist CuZn 40 AI2 PTL 2101) enthält.
Seine Härte beträgt 150... 190 HB. Aber dieses Messing darf man als
Werkstoff der Zukunft wegen seiner beschränkten Warmfestigkeit nicht
nennen. Zadum enthält es Blei.
Moralisch veralten ebenso andere, früher mit Erfolg in Ventilführungshülsen
angewendeten Legierungen auf Kupferbasis. Dazu gehört z.B. die von den
Firmen Motoren- und Turbinen Union Friedrichshafen G.m.b.H. und
PORSCHE AG angewendete Legierung CuNi2SiF65 (1,6...2,5%Ni;
0,5...0,8%Si; Mn<0,8%; Cr<0,04%; Cu-Rest) mit Härte von 180...220HB
sowie Legierungen Thermo-Hedul FS-15 (10,0...12,0%Zn; 0,12...0,25%Si;
0,30...0,50%Mn; 0,60..0,90%Te; S<0,03%; Fe<0,10%; Ni<0,20%; Cu-Rest)
mit Härte von 130... 170 HB und Aeterna VL 22 (Zn<0,5%; Si<2,0%; Al<1,4%;
Pb<0,7%; Cu<58%) mit Härte von 160...190HB.
Aus dem Obenangeführten ist ersehen, daß Bronzen und Messinge
niedrigere Härte als spezielle Roheisen und spezielle Sinternstähle haben.
Dafür aber ist niedriger der Verschleiß des Reibungspaares in
Führungshülsen aus Bronze und Messing. Aber das betrifft nur den Betrieb
dieser Kupferlegierungen in Motoren mit niedriger Leistung und/oder niedriger
Geschwindigkeit.
In leistungsfähigen- und Hochgeschwindigkeitsmotoren bei Forcierensbetriebsweisen, wenn die Arbeitstemperatur in ihnen große Werte erreicht, ist
der Betrieb dieser Legierungen wegen ihrer niedringen Erweichungstemperatur (nicht mehr als 400...550°C) unmöglich.
Trotztdem verläßt die Konstrukteure moderner Benzin- und Dieselmotoren die
Idee
nicht,
Kupferwerkstoffe
anzuwenden,
die
über
hohe
Erweichungstemperatur (über 800°C), hohe Härte und Festigkeit bei diesen
Temperaturen, bessere als bei Roheisen und Stählen Wärmeleitfähigkeit und
Verschleißfestigkeit des Reibenspaares unter Bedingungen aggressiver
Medien verfügen. In wissenschaftlich-technischer Firma TECHMA G.m.b.H.
ist die ganze Palette dispersionsgehärteter Werkstoffe auf Kupferpulverbasis
(OCDS-Copper) der Handelsmarke DISCOM® speziell für Ventilführungshülsen und Ventilsitzringe der Benzin- und Dieselmotoren entwickelt (Tab.1).
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Tabelle 1: Grundeingeschaften der heißstranggepreßten Haizeuge aus den
dispersionsgehärteten Werkstoffen auf Pulverkupferbasis (OCDSCopper) der Handelsmarke DISCOM® für Motorenbau.
Nr.

Technische Charakteristiken

1.
2.
3.
4.
5.

Anteil der Dispersoiden, Gew.%
Dichte, g/snr3
Schmelztemperatur, °C
Erweichungstemperatur, °C
Spezifische
Wärmeaufnahmefähigkeit,
J/kg -°C:
- bei 25 °C
- bei 100 °C
- bei 200 °C
- bei 300 °C
- bei 400 °C
Wärmeleitfähigkeit in Preßrichtung,
W/m-°C:
- bei25°C
- bei 100 °C
- bei 200 °C
- bei 300 °C
- bei 400 °C
Wärmeleitfähigkeit in Querpreßrichtung,
W/m-°C:
- bei 25 °C
- bei 100 °C
- bei 200 °C
- bei 300 °C
- bei 400 °C

6.

7.

Typ von OCDS-Copper
CO/94
C3/03
C3/04
-6,5
-6,9
-10,0
8,10
8,22
8,00
1080
1080
1078
1000
1000
950
411
421
422
443
466

411
423
428
446
469

420
437
445
463
488

65,0
64,3
63,6
60,8
56,4

55,0
54,7
54,3
51,6
47,5

50,0
49,7
47,9
46,7
43,2

53,4
53,0
51,7
48,0
43,0

41,8
41,3
40,3
37,8
33,9

36,8
36,4
35,4
33,3
29,7
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Fortsetzung der Tab.1
8.

9.
10.

11.

12.

13.
14.

Linearer termischer Ausdehnungskoeffizient,
x10 6 1/°C:
- bei 20...100
- bei 100...200
- bei 200...300
- bei 300...400
- bei 400...500
- bei 500...600
- bei 600...700
- bei20...300°C
Brinellhärte HB 5/750/30
Zugfestigkeit, MPa:
- bei25°C
- bei 200 °C
- bei 400 °C
- bei 500 °C
- bei 600 °C
Relative Dehnung, %:
- bei25°C
- bei 200 °C
- bei 400 °C
- bei 500 °C
- bei 600 °C
Relative Einschnürung, %:
- bei25°C
- bei 200 °C
- bei 400 °C
- bei 500 °C
- bei 600°C
Druckfestigkeit in Preßrichtung, MPa
Druckfestigkeit in Querpreßrichtung, MPa

17,0
18,8
22,5
24,7
23,8
22,4
22,6
19,6

15,0
19,1
22,6
25,4
21,7
22,6
23,7
19,3

17,0
18,7
20,3
20,1
21,0
22,1
23,3
19,1

230

258

270

770
328
212
—
131

931
562
320
—
196

966
616
327
—
204

2,0
2,5
1,1
—
1,0

2,3
7,3
3,4
—
2,8

1,5
1,6
1,9
—
1,7

4,3
7,2
4,5
—
3,3

20,9
38,5
25,4
—
18,2

3,0
4,4
6,9
—
7,3

1022
1062

1092
1117

890
1065
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15. Relatives Stauchen in Preßrichtung, %
16. Relatives Stauchen in Querpreßrichtung,
%
17. E-Modul, MPa
18. Schubmodul, MPa
19. Schubfestigkeit, MPa
20. RAD. Bruchfestigkeit, MPa

30

Fortsetzung der Tab.1
24
15

28

15

10

110000
39600
529
—

92000
43000
563
690

—
43500
478
590

Aus der Tab.1 ist zu ersehen, daß alle drei Typen von OCDS-Copper die
Erweichungstemperatur von 950...1000°C und hohe Werte der Härte bei
hohen Temperaturen haben, was sie für hitzefeste Werstoffe zu halten
ermöglicht.
Auf der Abb.2 sind Diagramme der Abhängigkeit der Härte von der
Prüfungstemperatur („heiße" Härte) für OCDS-Copper und herkömmliche
warmfeste Aluminiumbronzen angeführt.
240
200
160
120

OCDS-Copper DISCOM ®:
1
1 r n«w

JM

N
—

Standa rtbronv.en :
(:UAHO Fe3Mn 2

\

C:UAIIO
\

40
0

A
100 200 300 400 500 600 700 800
Prüfungstemperatur, °C

Abb. 2. Vickershärte verschiedener Kupferwerkstoffe je nach der Temperatur
ihrer Prüfungen.
Aus der Abb.2 ist zu ersehen, daß beide Typen von OCDS-Copper im ganzen
Temperaturbereich der Prüfungen höhere „heiße" Härte als die der warmfesten Bronzen hat. Im Zusammenhang damit kann man die Werkstoffe C 0/94
und C 3/04 für warmfeste halten. Die Warmfestigkeit und die
Hitzebeständigkeit der angegebenen Werkstoffe sind auf das Gefüge des
Werkstoffes (Abb.3) zurückzuführen, das, wie entsprechende Prüfungen
gezeigt haben, aus Kupfer, a-Ti, ultradispersen Teilchen y-AI2O3 (für C 0/94)
oder TiC und y-AI2O3 (für C 3/04) sowie restlichem Kohlenstoff besteht.
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b)
Abb.3. Gefüge von OCDS-Copper C 0/94: bei der 400- facher Vergrößerung
(a) und bei der 20.000-facher Vergrößerung (Abdruck) (b).
Stereologische Analyse des Abdruckes hat gezeigt, daß die Durchschnittsgroße von Teilchen der härtenden Phasen bei C 0/94 ca. 0,034 |um und bei
C 3/04 - ca. 0,026 jim beträgt.
Durchstrahlungsaufnahme einer Folie (Abb.4,a) demonstriert, daß der
Werkstoff C 0/94 die subkörnige Struktur hat, was von der Abwesenheit der
Erweichung vom legierten Kupfer beim Heißstrangpressen (870...900°C)
seiner Granulien in die Stange zeugt.
Das Elektronenbeugungsdiagramm (Abb.4,b) das von dieser Folie aufgenommen wurde, zeugt davon, daß die Subkörnige Struktur hohen Grad der
Polykristallisierbarkeit (Ringe auf dem Elektronenbeugungsdiagramm) hat.
Dritter vom Zentrum, dünner, ganzer Ring bestätigt, daß in der Struktur von
C 0/94 ultradisperse Phase AI2O3 tatsächlich vorhanden ist.
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Abb. 4. Durchstrahlungsaufnahme (a) von OCDS-Copper C 0/94 bei der
57.000-facher Vergrößerung und das Elektronenbeugungsdiagramm
(b), das von ihm aufgenommen wurde.
Obenbeschriebene Besonderheiten der Werkstoffstruktur sowie Vorhandensein in diesem Werkstoff des feindispersen freien Kohlenstoffes in Menge von
0,69...0,73 Gew.% zusammen mit obenangeführten physikalisch-mechanischen Eigenschaften mußten dem Werkstoff auch gute Betriebseigenschaften sichern.
In der Tab.2 sind Ergebnisse der Verschleißprüfungen vom Reibungspaar
„Führungshülse-Ventil" angeführt, die auf dem Automobilwerk Auto-VAZ
(LADA) AG durchgeführt worden sind.

140

RM98

E.P. Schalunov et al.

15" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

Tabelle 2: Gewichtsverschleiß der Ventilführungshülsen aus dem OCDSCopper C 0/94 und grauem Roheisen Gh 1051 bei deren Arbeit
im Satz mit dem ionitrierten Ventil
Nr. des
Reibungspaares
1
2
OCDS-Copper
3
CO/94
4
Durchschnittswert:
1
graues
2
Roheisen
Gh1051
3
Durchschnittswert:
Werkstoff
der Ventilführungshülse

Gewichtsverschleiß, mg
Der Ventilführungshülse

Des Ventils

0,30
0,15
2,65
0,15
0,81
4,8
0,65
0,95
2,13

0,10
0,15
0,85
0
0,28
1,2
0,75
0,35
0,77

Ventilführungshülsen wurden aus dem OCDS-Copper C 0/94 und grauem
Roheisen Gh 1051 gefertigt, das in Motoren FIAT angewendet worden war.
Als Gegenkörper wurden Auslaßventile mit dem ionitrierten Ventilischaft und
der Ausgangsrauhigkeit von Ra = 0,92... 1,25
|im verwendet.
Schmiermitteldosierung erfolgte wie in einem realen Motor durch
serienmäßige Ölabstreifkappe. Die Temperatur des Schmiermittels wurde auf
dem Niveau von 121+0,5°C gehalten. Der Ventilshub war 11 mm. Die
Freguenz der hin- und hergehenden Bewegung des Ventils betrag 1500
Arbeitsspiele in der Minute. Die Prüfung eines Reibungspaares dauerte 4
Stunden.
Aus der Tab. 2 ist zu ersehen, daß der Gewichtsverschleiß der Ventilführungshülsen aus dem OCDS-Copper C 0/94 2,63-fach niedriger als deren
aus grauem Roheisen ist. Der Verschleiß des Ventils selbst wurde 2,75-fach
niedriger.
Weitere vergleichende Prüfstanderprobungen wurden im Allrussischen Forschungsinstitut des Motorenbaus (Sankt-Petersburg) durchgeführt. Geprüft
wurden Ventilführungshülsen, die aus dem OCDS-Copper C 0/94, C 3/04 und
C 3/03 sowie aus der Bronze CuNi2Si F65 DIN 17666, die die Anwendung in
Motoren der Fa. Motoren- und Turbienen Union G.m.b.H. und PORSCHE AG
gefungen hatte, gefertigt wurden. Die Ventile wurden aus dem Verchromten
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Ventilstahl gefertigt. Die Ergebnisse dieser Prüfstanderprobungen sind in der
Tab.3 angeführt.
Tabelle 3: Die Vergleichsdaten der Verschleißfestigkeit und Gratbestendigkeit
und Zerreißfestigkeit der Ventilführungshülsen aus OCDS-Copper
und
der
Bronze
CuNi2Si
F65
und
der
Kopplung
„Ventilführungshülse-Ventilschaft"

Mittelkennziffer

Bezeichnung

Härte, MPa
Spezifischer Verschleiß:
- der Hülse, mm3/km
- des Ventils, mg/km
Koeffizient der
Verschleißfestigkeit:
- der Hülse
- der Kopplung
Reibungswert
Kritische Belastung, kg
Spezifische Einklemmungsbelastung,
kg/sm2
Koeffizient der Gratbeständigkeit
Koeffizient der
Lebensdauer

HV

Material
OCDS-Copper
CO/94 C3/04 C3/03
2540
2650
2600

Bronze
CuNi2SiF65
2250

0,024
0,028

0,036
0,073

0,057
0,057

0,403
0,036

PKR

17
21
0,020
145

11
5
0,018
134

7
3
0,030
110

1
1
0,008
88

PF

663

468

368

169

KF

2,54

2,09

1,65

1,00

KL

7,3

3,2

2,2

1,0

JH

Jv

KH
KH-V

fr

Die in der Tab.3 angeführten Parametern und Charakteristiken sind nach
folgenden Formeln berechnet.
Koeffizient
der
Verschleißfestigkeit
für
den
Werkstoff
der
Ventilführungsshülse
K„
und Kopplung "Ventilführungshülse-Ventil"
K„_V entschprechend:
KH

= - ^

JH

wo

Jfr

und

KH_y

=KHX.

—

,

Jv

spezifischer Verschleiß der Ventilführungshülse aus der Bronze
(Etalon);
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jy-

spezifischer Verschleiß des Ventils, der
Ventilführungshülse aus der Bronze arbeitet.
Koeffizient der Gratbeständigkeit:

in

Kopplung

mit

wo P^K,Py- entsprechend kritische Belastung und spezifische Einklemmungsbelastung für Kopplung des Ventils mit Ventilführungshülsen aus
der Bronze.
Koeffizient der Lebensdauer bei der Annahme des gleichen Einflußes von
Verschleißfestigkeit und Gratbeständigkeit auf Lebensdauer:
Aus der Tab.3 folgt, daß alle drei Typen von OCDS-Copper
nach
tribotechnischen Charakteristiken wesentlich die Bronze CuNi2SiF65
übersteigen, wobei die besten Ergebnisse der Werlstoff CO/94 hat, der den
niedrigsten Verschleiß nicht nur der Ventilführungshülse sondern auch dem
Ventil, d.h. ganzen Kopplung sichert.
Aufgrund durchgeführter obenangegebener und anderer Prüfstanderprobungen sowie Naturerprobungen auf über 10 Automobilwerken in verschiedenen
Typen der Benzin- und Dieselmotoren als der Werkstoff für Ventilführungshülsen wurde OCDS-Copper CO/94 und für Ventilsitzringe-OCDS-Copper
C 3/04 empfohlen.
Obenangegebene Typen von OCDS-Copper, und zwar C 0/94 und
C 3/04 werden für Fertigung aus ihnen entsprechend der Ventilführungshülsen und Sitzringe der Benzin- und Dieselmotoren angewendet.
Diese Werkstoffe werden hergestellt nach der Lizenz der Firma TECHMA im
Werk KERMET als Stangen und Rohre, aus denen dann durch Verfahren der
mechanischen Bearbeitung in der Firma TECHMA Ventilführungshülsen und
Sitzringe gefertigt werden.
Sie werden auf den Montagefließband des russischen MOTOREN WERKes
Zavolshje AG zur Komplettierung mit ihnen der 16-Ventil Benzin- und
Dieselmotoren für LKWs und PKWs geliefert.
Diese Erzeugnisse aus OCDS-Copper der Typen C 0/94 und C 3/03 werden
schon seit langem in allen Rennwagen (LKWs und PKWs) der führenden
russischen Automobilwerke (LADA-SAMARA, UAZ, GAZ, KAMAZ u.a.)
angewendet.
Mit Ventilführungshülsen aus dem Werkstoff C 0/94 werden im Dieselwerk
DIESELPROM AG in der Stadt Tscheboksary die Motoren MTU 8V396TC4
des deutschen Konzernes
Motoren- und Turbinen Union G.m.b.H.
Friedrichshafen während ihrer Reparatur komplettiert.
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Ventilführungshülsen und Sitzringe aus den obenangegebenen Typen von
OCDS-Copper werden von einigen russischen Kfz-Reparaturwerkstätten bei
der Reparatur der Motoren ausländischer Autos angewendet.
Obenangegebene Werkstoffe wurden von einigen deutschen, österreichischen und koreanischen Firmen untersucht, die das Interesse an
Durchführung der Prüfstand- und Naturerprobungen der Erzeugnisse aus
diesen Werkstoffen ausgesprochen haben.
Heißstranggepreßte Halbfabrikate werden gemäß Technischen Forderungen
(TF 7960-001-13092819-99) der Fa. TECHMA, die vom Staatskomitee der
Standartisierung der Russischen Föderation (GOST RU) verabschiedet und
registriert wurden.
4. Anwendung von OCDS-Copper der Handelsmarke DISCOM® in stromabnehmenden Leisten der Scherenstromabnehmer der Hochgeschwindigkeitszüge:
Die Stromabnahme von Kontaktleitungen für den Antrieb des
Elektrotransports (Eisenbahnzüge, U-Bahnzüge, Obuse, Straßenbahnen u.a.)
erfolgt immer unter Bedingungen des elektrischen Gleitkontaktes.
Wegen der Bewegung zeichnet sich dieser Kontakt durch Unbeständigkeit
aus, die die Möglichkeit der Erscheinung von Funken und Lichtbogen bedingt.
Das Funken vergrößert den Verschleiß des Kontaktpaares „stromabnehmende Leiste - Kontaktleitung" und der Lichtbogen ruft Verdampfung des
Werkstoffes hervor, was die Rauhigkeit der Kontakte erhöht.
Das Eis auf Kontaktleitungen ruft unstetige Bewegung hervor und vergrößert
Funken. Der Regen erhöht auch den Verschleiß des Kontaktpaares.
Unter diesen Bedingungen erhöhen sich die Forderungen an den Werkstoff
des stromabnehmenden Bauelementes vom Stromabnehmer des Elektrotransports, das die ununterbrochene Stromabnahme bei jeder Wetterlage
sichern muß.
Funken und Lichtbogen, dessen Leistung sich mit der Erhöhung des
abnehmenden Stromes erhöht, sowie mechanisches Reiben im Kontaktpaar
bedingen wesentliche Erhöhung der Temperatur des stromabnehmenden
Bauelementes im Vergleich zur Umwelttemperatur, wobei die Temperaturerhöhnung größer je nach der Vergrößerung von der Stärke des abnehmenden
Stromes sowie der Bewegungsgeschwindigkeit des Transportmittels wird. Im
Zusammenhang damit ist es nötig, daß die stromabnehmenden Bauelemente
erhöhte Lichtbogenfestigkeit, Verschleißfestigkeit, hohe Festigkeitseigenschaften bei erhöhten Temperaturen sowie hohe Antifriktionseigenschaften
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haben. Für Vorbeugung der Stromverluste muß der Werkstoff dieser
Bauelemente auch gute elektrische Leitfähigkeit haben.
In elektrischen Transportmitteln, die sich mit niedrigen Geschwindigkeiten
(30...80 km/h) bewegen und elektrischen Strom der Stärke von 70...150 A
verbrauchen (Straßenbahnen, Obuse) fanden und finden bis jetzt Anwendung
in vielen Ländern (Russland, USA, Deutschland, Schweden u.a.) Kohlen- und
Graphitstromabnehmer (Gleitschune). Ihre Härte ist nicht sehr hoch, trotzdem
macht ihr Verschleiß nur 2,0...2,5 sm3/1000km beim Verschleiß der
Kontaktleitung bis zu 1,5 sm3/1000 km aus.
Obusstromabnehmer, die aus Graphitkompositionen gefertigt werden, haben
bei der optimalen Wetterlage den Lauf bis zu 250 km. Beim Regen oder
Schneefall erniedrigt sich ihre Lebensdauer.
In einigen Fällen fanden Anwendung in stromabnehmenden Bauelementen
der Obuse Kompositionen aus Eisengraphit Fe-3...5%C, die mit
Metallpolymeren (Cu+Kapron, Cu-Cd+Kapron) gatränkt sind.
Die Lebensdauer der Stromabnehmer aus solchen Kompositionen erhöhte
sich bis zu 2700...3600 km.
Die Werkstoffe auf Kupfergraphitbasis, z.B. 82%Cu-5%C-5%Ni-8%Sn,
dessen Härte 48...49 HB und IACS = 50% ist und 70% Cu-5%C-15%Fe 5%Pb, dessen Härte 54...55 HB und IACS = 39% beträgt, fanden breite
Anwendung in stromabnehmenden Leisten der Scherenstromabnehmer von
elektrischen Zügen, die sich mit der Geschwindigkeit bis zu 90 km/h beim
Speisestrom bis zu 400A bewegen. Dabei betrug die Lebensdauer der Arbeit
solcher Leisten bis zum Wechsel nicht mehr als 10.000 km.
Mit der Erhöhung der Bewegungsgeschwindigkeiten der elektrischen Züge
bis über 100 km/h und Erhöhung der Erhitzugstemperatur von der
Kontaktzone des Stromabnehmers bis zu 400°C hat man begonnen in
Eisenbahnen vieler Länder die härtere (150...160 HB)und die mit höheren
elektrischen Leitfähigkeit (IACS = 72...75%) Bronze CuCriZr anzuwenden.
Die Leisten aus dieser Bronze ordnet man an den Rändern von der aus dem
Graphit hergestellten Leiste an. Die Graphitleiste dient als Quelle der
Trockenschmierung für Bronzeleisten beim Gleiten auf ihnen der elektrischen
Kontaktleitung.
Als die Geschwindigkeit der Elektrozüge sich bis über 160 km/h und die
Temperatur in der Kontaktzone des Stromabnehmers bis zu 500-600°C
erhöhte, wurde die Anwendung von CuCriZr wegen ihrer Erweichung bei
solchen Temperatuten verboten.
In vielen Fällen hat man begonnen, Werkstoffe auf Eisenbasis anzuwenden.
Es wurde z.B. ein Werkstoff angeboten, der aus der im voraus
zusammengesetzten Pulvermischung (2... 14% Cr, 2...7% MeS, 1% P, Fe -
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Rest) und dann aus dem festen Sintem-Gerippe besteht. Das gewonnene
Gerippe wird im Vakuumofen durch Blei oder Bleilegierung getränkt.
Dank solcher komplizierten Struktur hält dieser Werkstoff tatsächlich
Temperaturen von 500...600°C aus. Aber er verfügt über sehr niedrige
elektrische Leitfähigkeit (IACS<10%), was große Stromverluste und das
zusätzliche Selbsterhitzen der stromabnehmenden Leiste bedeutet. Das führt
seinerseits zum erhöhten Verschleiß dieser Leiste.
Die angegebene Aufgabe wurde mit Hilfe des speziell von der
wissenschaftlich-technischen Firma TECHMA G.m.b.H. entwickelten dispersionsgehärteten Werkstoffes auf Kupferpulverbasis Cu-AI-C-0 (OCDSCopper) C 0/97 der Handelsmarke DISCOM® gelöst.
Die physikalisch-technischen Grundeigenschaften dieses Werkstoffes sind in
derTab.4 angeführt.
Tabelle

4:

Vorläufiges Produktblatt
Handelsmarke DISCOM®

für

OCDS-Copper

C

0/97

Kriterien
1. Bezeichnung

Daten
OCDS-Copper (Cu AI2O3 C) DISCOM® C 0/97
TF 1479-002-13092819-01

2. Matrix des
Werkstoffes
3. Härtendene
Phasen im
Werkstoff
4. Eigenschaften

a-Cu(AI)
AI2O3> C
Spezifisches Gewicht bei 20 °C
Schmelzpunkt
Erweichungstemperatur
Wärmeleitfähigkeit bei 20 °C
Ausdehnungskoeffizient (20150 °C)
Elektrische Leitfähigkeit bei 20
°C

8,69±0,09 g/snr
ca. 1083°C
min. 830 °C
335±5 W/mx°K
16,6±0,1 um/mx°C
90:23% IACS

der
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Zugfestigkeit bei
bei
0,2-Dehngrenze
bei
Bruchdehnung A5
bei

5. Anwendungsbereich

20 °C
500 °C
bei 20 °C
500 °C
bei 20 °C
500 °C

Fortsetzung der Tab. 4
ca. 425 N/mm2
ca. 120 N/mm2
ca. 365 N/mm2
ca. 105 N/mm2
22±2%
20±2%

Zugfestigkeit nach 1h Glühen
bei 800°C
in N2
ca. 385 N/mm2
ca. 390 N/mm2
in H2
0,2-Dehngrenze nach 1h
Glühen
ca. 330 N/mm2
bei 800°C
in N2
ca. 350 N/mm2
in H2
Bruchdehnung A5 nach 1h
Glühen
bei 800°C
in N2
20,8±2%
19,6±2%
in H2
ca. 71,5 HRB
Rockwellhärte
bei 20 °C
Rockwellhärte nach 1h Glühen
ca. 63,2 HRB
bei 800°C
in N2
in H2
ca. 65,2 HRB
Brinellhärte
bei 20 °C
ca. HB 125
bei 500 °C
ca. HB 70
Brinellhärte nach 1h Glühen
bei 800°C
ca. HB 115
Vickershärte bei 20 °C
ca. 135HV30
Druckfestigkeit bei 20 °C
ca. 1900 N/mm2
Stauchung zur Zerstörung bei
65±2%
20 °C
Anlaßbeständiger Kupferwerkstoff mit hoher
elektrischer Leitfähigkeit für elektrotechnische
Anwendungen (z.B. Stromgleitkontakte, Instrument für
Schweißen u.s.w.)

Anmerkung: In der Tabelle sind Ergebnisse der von wissenschaftlichtechnischen Firma TECHMA G.m.b.H., Max-Planck Institut und
IFAM durchgeführten Prüfungen verallgemeinert.
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Wie aus der Analyse der Tab.4 hervorgeht, verfügt der entwickelte Werkstoff
über gute elektrische Leitfägigkeit (IACS=86...92%), hohe Erweichungstemperatur (über 830°C), ausreichende Härte (ca. 125HB) und Prastizität (A 5 =
20...24%). Die Endgefüge dieses Werkstoffes stellt an sich die Kupfermatrix
mit gleichmäßig verteilten in ihr ultradispersnen Teilchen (0,024...0,036 (am)
von schwerschmelzbaren Verbindungen Aluminiums (y-AI 2 O 3 ) sowie Teilchen
v o m restlichen Kohlenstoff dar.
Die Produktion dieses Werkstoffes und fertiger mechanischbearbeiteter
stromabnehmender Leisten aus ihm mit verschiedenem Profil des
Querschnittes und verschiedener Länge ist nach der Lizenz der Firma
T E C H M A auf dem Werk KERMET A G organisiert.
Beim Zusammenbau der Abnehmer-Vorrichtung des Elektrozuges wird
zweischen zwei Leisten aus OCDS-Copper eine Leiste aus Graphit
aufgestellt (Abb. 5).
,10»
t i i l l u - Stromabnehmende Leisten der
~
Scherenstromabnehmer
der
Elektrozüge
von
drei
Typenmaßen, die aus d e m
obenangegebenen
Werkstoff
gefertig sind, werden auf
Hochgeschwindigkeitseisenbah
nstrecken (über 160 km/h) der
italienischen
Eisenbahn
angewendet.
Der Werkstoff OCDS-Copper
CO/97
der
Handelsmarke
DISCOM®
wird
gemäß
Technischen Forderungen (TF
1479-002-13092819-01)
der
Fa.
TECHMA,
die vom
Abb.5. Stromabnehmer der
Staatskomitte
der StandarElektrozüge mit hoher (>160
tisierung
der
Russischen
km/h) BewegungsFöderation
(GOST
RU)
geschwindigkeit:
verabschiedet sind, hergestellt.
1-stromabnehmende Leisten;
2-Graphitleiste.
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5. Schlußfolgerungen:
Zwei obenangeführte Beispiele effektiver Anwendung der dispersionsgehärteten Werkstoffe auf Kupferpulverbasis (OCDS-Copper) der Handelsmarke DISCOM® schöpfen alle Anwendungsgebiete von diesen Werkstoffen
nicht aus.
Die Werkstoffe, die in vorliegender Arbeit präsentiert sind, befinden sich auf
entgegengesetzten Polen aller möglichen Palette von Werkstoffen dieser
Klasse. Wahrlich, wenn die Werkstoffe für Ventilführungshülsen und der
Motoren (C 0/94 und C 3/04) Härte von 230...270HB und entsprechend
elektrische Leitfähigkeit und entsprechend Wärmleitfähigkeit) von ca.
15...19% von analoger Charakteristiken des Kupfers haben, so hat der
Werkstoff für Stromabnehmende Leisten der Scherenstromabnehmer von
Hochgeschwindigkeitszügen die Härte von ca. 125HB bei der elektrischenund Wärmeleitfähigkeit von 86...92% von analoger Charakteristiken des
Kupfers.
Zwieschen diesen Werkstoffen liegt breite Palette der Werkstoffe (C 0/70, C
0/77, C 0/98, C 0/99, C 1/15, C 1/20, C 1/24, C 1/54, C 1/56, C 2/05, C 3/06,
C 3/07, C 4/01, C 4/12 u.a.), die in Schweißtechnik, Maschienenbau,
Gerätebau und anderen Technikbereichen weit verbreitet sind.
Unter ihnen gibt es auch Werkstoffe, die aufgrund durchgeführter
Untersuchungen und Prüfungen auch für Anwendung in modernen Benzinund Dieselmotoren empfohlen werden können.
Es geht z.B. um die Möglichkeit des Wechsels vom Werkstoff GLYCO-40 in
der Lagerbuchse für Ölpumpe, von der Bronze CuSu8F46 in der Buchse der
Kipphebelachse u.a.
Gemeinsames, was verschiedene Typen von OCDS-Copper vereinigt, sind
ihre hohen Warmfestigkeit, Hitzebeständigkeit und Verschleißfestigkeit, hohe
Fertigungsgerechtheit und nicht hohe Produktionskosten im Vergleich zu
nicht nur Produktionskosten anderer dispersionsgehärteter Werkstoffe auf
Kupferbasis (z.B. Glidcop®) sondern auch sogar im Vergleich zu
herkömmlichen Bronzen der Systeme Cu-Cr-Zr, Cu-Ni-Ti-Be, Cu-Co-Be und
anderen.

Danksagung:
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Dr.G. Jangg (TU Wien) für wertvolle Ratschläge bei der Entwicklung der
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einiger Untersuchungen und Prüfungen der Werkstoffe C 0/94, C 3/03 und
C 3/04, der Abteilung EGL2 (Herr Stenzel) der Firma PORSCHE AG für
Untersuchung chemischer Endzusammensetzung und der Härte von
Ventilführungshülsen aus dem Werkstoffe 0/94 des Rennwagens VAZ-LADA
Gamma 2 nach einer langwieriger Autorallye sowie der Firma RÖTECH
G.m.b.H. (Herr S. Wendland) für Einsatz der stromabnehmenden Leisten aus
OCDS-Copper C 0/97 in Elektrozügen
mit höher (> 160 km/h)
Bewegungsgeschwindigkeit.
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Abstract
The ESA INTErnational Gamma Ray Astrophysical Laboratory (INTEGRAL)
satellite is the largest Gamma-Ray Astrophysics mission foreseen for this
decade. Since its selection in 1994, three very innovative technologies were
identified to achieve the INTEGRAL scientific goals: new generation Solid
State Detectors, Active Veto Systems and Spatial Signal Multiplexing
Systems. The high energy instruments of the mission, IBIS, SPI and JEM-X,
have been developed by using the above referred technologies.
The Grupo de Astronomia y Ciencias del Espacio (GACE) of the University of
Valencia was chosen as the responsible to design and develop the Spatial
Signal Multiplexing Systems (Coded Masks) for the three instruments,
appointing the Spanish company SENER as the Prime Industrial Contractor.
During the early design phase (1994-96) different materials were considered
to modulate the high energy signals. Tungsten was selected as the optimum
material for implementing the codes due to both its high density and large
atomic number that provide the required stopping power. Codes follow HURA
and MURA patterns, being the total mass of W used of around 280 kg.
The scope of this paper is to summarise the milestones of the development
programme carried out from 1994 until now, once the Flight Models have
been manufactured, tested, delivered and mounted on the INTEGRAL
satellite at Alenia and CNES (Oct/Nov 2000). We pay special attention to
describing the complex Masks Themoelastic Designs, involving W coupled to
composites and Ti. Mask Assemblies stability was tested in a wide range of
temperatures (-80°C +40°C) and mechanical stress (12g) at INTA facilities for
Flight Qualification.
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1. Introduction.
1.1. INTEGRAL Mission
The ESA INTErnational Gamma Ray Astrophysical Laboratory (INTEGRAL)
was selected in 1994 as a medium size scientific mission in ESA Horizon
2000 Programme. INTEGRAL main scientific goal is to perform fine
spectroscopy and imaging of celestial gamma-ray sources in the energy
range from 15 keV to 10 MeV. Launch foreseen date is April 2002.
The instrumentation on board INTEGRAL was designed to use three very
innovative technologies: Massive Active Shielding (Veto Systems), Solid
State Position Sensitive Detector Planes and Spatial Signal Multiplexing
Systems.
INTEGRAL payload consists of two main gamma-ray instruments, the
Spectrometer (SPI) and the Imager (IBIS). Each of them has spectral and
angular resolution capabilities, but they have been optimised in order to
complement each other and to achieve overall excellent performances:
AE/E=500 at 1MeV and point source location accuracy 1 arc min. The two
main instruments are complemented with two monitors: the X-Ray Monitor
(JEM-X), in the 3 to 35keV energy range and the Optical Monitor (OMC)
between 500nm and 850nm. See Figure 1. The three high energy
instruments (SPI, IBIS and JEM-X) share a common principle of operation:
they are all Coded Mask Telescopes.
All the instruments have benefited from a wide collaboration encompassing
scientific institutes in the ESA member states, as well as USA, Russia, Czech
Republic and Poland.
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Figure 1. Instrumentation on board INTEGRAL

1.2. Coded Masks
Imaging gamma rays is a difficult task. Photons can not be focussed by
conventional mirrors or lenses. The solution is to use a pinhole camera, one
of the less sophisticated optical devices. The radiation passes through a hole
in an opaque plate and the image is formed in the detector. It is the oldest
photograph camera from Daguerre in the XIX century. See Figure 2a.
However, gamma-ray photons from distant objects are rare (few per hour),
and many holes, following an identifiable pattern (code), are needed in the
opaque plate in order to get enough number of photons to produce images,
this is the principle of the Spatial Signal Multiplexing. See Figure 2b. The
image on the detector is thus the convolution product of the source (sky) and
the code pattern. Hundreds/thousands of images coming through the holes
are then superimposed. The original source sky picture must be
reconstructed (deconvolved) by software techniques.

Figure 2a. Pinhole Camera

Figure 2b. Signal Multiplexing
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2. Coded Masks on INTEGRAL
The Astronomy and Space Science Group (GACE) of the University of
Valencia have been the responsible group for the design, manufacturing,
qualification, scientific calibration and delivery of the Coded Masks on board
INTEGRAL since the instruments selection in 1995. Main contractor for the
Masks activities was the Spanish company SENER.
The coded aperture geometry of each Mask was chosen according to the
geometrical properties of the detector plane, instrument focal length and
scientific requirements. Their development has been accomplished in close
connection with the detector plane designers of each instrument. For further
explanations see (1).
Tungsten was the baseline material selected for implementing the codes of
the masks, due to both its high density and large atomic number which
provide the required stopping power (opacity) at the different energy ranges.
Main drivers for the design of the INTEGRAL Coded Masks have been the
use of large amounts of Tungsten of different thickness together with both
composites and Ti elements providing support and interfaces for the W
Codes with the Satellite Payload Module.

2.1. SPI Coded Mask.
The SPI Coded Mask is a circular array of 127 hexagon pixels 60mm side to
side, 63 opaque and 64 transparent to gamma ray within the operational
energy range (20 keV to 8 MeV). The HURA pattern is inscribed into a
780mm diameter circle. The code has been selected according to the
detector geometry (19 hexagonal Germanium detectors), instrument focal
length (1.7m) and field of view (35 deg).
Tungsten was the material selected to implement the Mask Code. Densimet
18 alloy was preferred instead of pure Tungsten due to its thermoelastic
properties. The code thickness is the largest of INTEGRAL Masks (30mm)
with an opacity of 95% at 1MeV and a total mass of 109 kg. Code plates
have been machined by Electrodischarge Wire Cutting (see paper by Reglero
et ai in this Seminar). The code is supported by a carbon fibre structure
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surrounded by a Ti ring that provides the interface with the Satellite. See
Figure 3. For further descriptions, see (2).
The main design goal of the Mask was to minimize the amount of passive
materials in the open pixels. Large amount of passive materials could
jeopardise the detector performances at low energies. The use of composite
materials guarantees the required stiffness and strength for the whole mask
assembly with a minimum loss of transparency. 6 kg of Carbon Fibre support
the code under Qualification, Launch and Operation conditions (acceleration
18g; temperature -55°C to +40°C), being the total weight of the Mask 131 kg,
including interface layers.

Figure 3. SPI FM Coded Mask during Dimensional Control at INTA
2.2. IBIS Coded Mask.
The IBIS Mask is a MURA code (53x53) four times repeated. Pixel size and
shape have been selected according to detector geometries. Pixel size is
11.2x11.2mm with a total coded area of 1064x1064mm2. The IBIS Field of
View up to zero response is 29 deg, the angular resolution 12 arc min and the
point source location capability 1 arc min. The instrument energy range
covers from 15keV to 10 MeV.
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Tungsten was the material selected to implement the Mask Code. As in SPI
Coded Mask, Densimet 18 alloy was preferred instead of pure Tungsten. The
code has been machined in four 16mm thickness plates having a total mass
of 164 kg. This thickness provides the required opacities in the instrument
energy range (70% at 1.5 MeV). Code plates have been machined by
Electrodischarge Wire Cutting (see paper by Reglero et al in this Seminar).
The code is supported by a carbon fibre structure surrounded by a composite
frame that provides the interface with the Satellite. The use of composite
materials guarantees the required stiffness and strength for the whole mask
assembly with a minimum loss of transparency, while thermoelastic
deformations are also minimised. 16 kg of carbon fibre support the total
weight of the Mask (197 kg) under Qualification, Launch and Operation
conditions (acceleration 12g; temperature -60 to +40°C). See Figure 4. For
further descriptions, see (3).

Figure 4. IBIS FM Coded Mask during Vibration Test at INTA
2.3. JEM-X Coded Mask
The JEM-X instrument is the INTEGRAL X-Ray Monitor (two units) designed
to enlarge the mission wavelength coverage down to the 3 keV range. The
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JEM-X Mask code is a HURA pattern formed by 24247 hexagonal pixels
3.3mm side to side (25% open and 75% opaque). The total coded area has a
diameter of 535mm. The pattern is cut in a 0.5mm thick pure Tungsten plate,
providing the required opacity in the JEM-X energy range. The instrument
Field of View is 13 deg and their angular resolution is 3 arc min.
The design driver was to define a system able to survive launch and
operational conditions (acceleration: 12g, 1st axial eigenfrequency > 60Hz,
temperature: -60°C to +35°C) maintaining the code elements location and
minimising the use of support structures obscuring the Field of View. The
code was manufactured by Electrodischarge Wire Machining (see paper by
Reglern et al in this Seminar).
The interface between the Satellite and the Masks is provided by a Ti forged
ring. An innovative element is the presence of 44 Cu-Be elements
(Pretensioning System) attaching the coded plate to the Ring and reducing
dramatically the need of additional support structures. Two Ti Strongbacks
(Exoskeleton) are located on both sides of the Code membrane to increase
its stiffness and strength. They have been designed to minimize the occlusion
of open pixels (less than 2%). See Figure 5. For further descriptions, see (4).

Figure 5. JEM-X FM1 Coded Mask
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3. Coded Masks Development.
3.1. Model Philosophy.
Three models for each Coded Mask have been developed between 1997 and
2000:
• Development
demonstrator.
•

Model

(DM):

Technology

and

manufacturing

Structural and Thermal Model / Qualification Model (STM/QM): Built in
flight standards and tested at full Qualification at Subsystem and
Satellite level.

• Flight Models (FM): Tested at Acceptance Level and accepted by ESA
(IBIS & JEM-X Masks) and CNES (SPI Mask). Mounted on the
INTEGRAL Payload and SPI instrument in October 2000
3.2. Manufacturing and Assembly
More than 10 Spanish companies have taken part in the Masks
manufacturing and assembly. Main activities can be summarised as follows:
• Tungsten Codes Machining (see paper by Reglero et al in this Seminar)
• Metallic parts machining, including the JEM-X and SPI Ti forged rings,
JEM-X Strongbacks and Pretensioning System (Cu-Be elements),
inserts, etc
• Composites parts manufacturing, including IBIS & SPI sandwich panels
(honeycomb Nomex and two Carbon Fibre layers) and IBIS Carbon
Fibre frame.
• Joining between composites and metallic parts.
• Codes integration on Mask Assembly. Three specific tools were
developed for each Mask, in order to locate the code elements within
the hard positioning requirements (better than 0.1mm over surfaces up
to 1 m2)
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•

Coded Masks storage and transport: Three specific transport containers
were manufactured in order to store and transport the Masks,
minimising the induced stresses.

3.3. Testing.
The Masks have been largely tested in order to verify their capability to
survive storage, launch and operation environments during INTEGRAL
foreseen life time (5 years).
The Coded Masks have passed both Qualification and Acceptance test
campaigns at Subsystem level (at INTA) and at Satellite levels (at Alenia,
Italy and CNES, France).
Main tests performed on the Masks were:
•
•
•
•
•

Dimensional Control
Mass properties
Vibration Test (Sinus and Random Vibrations, 12g input acceleration)
Thermal Vacuum and Thermal Cycling (-60°C to +45°C)
Electromagnetic Compatibility

The Masks have also passed through scientific test in order to determine their
response to the X and Gamma radiation.

3.4. Integration.
The Flight Models of the Coded Masks were delivered to ESA and CNES in
October/November 2000. Figures 5a and 5b show the FM Masks integrated
on the Satellite (IBIS and JEM-X) and SPI instrument.
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Figure 5a. IBIS & JEM-X FM Masks
after their integration on Satellite FM
at Aienia, Turin (October 2000)

Figure 5b. SPI FM Mask after its
integration on SPI instrument at
CNES, Toulouse (November 2000)

4. Conclusions.
Imaging is the driver of the ESA INTEGRAL Mission. High Energy Astronomy
research requires accurate point source location to perform multiwaveiength
studies of the cosmic gamma-ray emitters. New technologies have been
developed (1995 to 2000 by GACE) to achieve this scientific goal, the use of
large Spatial Signal Multiplexing Systems (Masks).
The Optical Systems based on the use of Coded Masks together with Solid
State Pixelated Detector Planes provide a Point Source Location Capability of
1 arc min, that is 3600 times better than that of the last NASA CGRO mission
(1990-98).

160

RM 102

V. Reglern et al.

15'" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

Tungsten was the selected as the optimum material for the new High Energy
Optics based on binary signal multiplexing. The four Masks (SPI, IBIS and
two JEM-X) have been delivered to ESA and mounted on the Satellite in
October 2000 (Alenia/CNES) waiting four launch foreseen by the middle of
2002
The four INTEGRAL Masks are by far the more sophisticated and larger
"optical systems" for High Energy Astrophysics ever built. Furthermore, they
represent an innovative application for the W as raw material for Optics.
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Abstract
Coded Masks provide the Signal Multiplexing tools for the High Energy
Instrumentation of the INTEmational Gamma Ray Astrophysics Laboratory
(INTEGRAL) ESA Project addressed to fine imaging of celestial gamma ray
sources. Milestones on its development are described in the paper by
Reglero et al in this Seminar.
The aim of this paper is to summarise the results obtained during the
INTEGRAL Masks development programme on implementing the HURA and
MURA Codes on Tungsten plates of different thickness. Hard scientific
requirements on pixels size and location tolerances (tenths of microns over
large areas -1m2- and thickness from 0.5mm to 60mm) required the set up of
a dedicated programme for testing cutting technologies: Laser,
Photochemical Milling, Spark Machining and Electro Discharge Wire Cutting.
After a very intensive test campaign the Wire Cutting process was selected
as the optimum technology for code manufacturing . Accuracies achieved on
the code cutting fulfil scientific requirements. In fact, they are 5 times better
than required. Pixel size and centroids location accuracies of 0.01mm over a
1m2 area have been obtained for the 10,000 pixels on IBIS, 100 pixels on
SPI and 24000 pixels on JEM-X Masks.
Comparative results among different cutting technologies are also discussed.
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1. The Coded Masks on INTEGRAL Satellite
The Astronomy and Space Science Group (GACE) of the University of
Valencia was the responsible of the design and developement the Coded
Aperture Systems (Coded Masks) for the ESA Mission INTEGRAL. The three
high energy instruments on Satellite (Spectrometer SPI, Imager IBIS and XRay Monitor JEM-X) use Coded Masks to become imagers in the gamma ray
domain. An overview of the INTEGRAL Coded Masks operation principle and
performances is presented in Reglero et al in this Seminar.
The main function of the Coded Masks is to perform spatial multiplexing of
the incident radiation. The Masks are basically matrixes of opaque and
transparent pixels, following a bidimensional pattern, each of the holes acting
as an individual pinhole camera. The image on the detector plane is therefore
the convolution of the sky image and the code pattern. Each Mask use a
different code pattern, optimised for the scientific goals of the instrument. The
performance of the Masks acting as Spatial Multiplexing Systems depend to a
great extent on the accuracy of the code elements position and size.
Tungsten (pure or alloyed) was the baseline material chosen to implement
the codes because of both its high density and large atomic number which
provides the required stopping power (opacity) in the gamma and X-ray
energy ranges.
The main parameters for the Mask Code Patterns are:
IBIS Coded Mask:
• Material: Densimet 18
• Code pattern: MURA 53x53, four times repeated (symmetry 180°). See
Figure 1a.
• Pixel Size: Square, 11.2x11.2mm2
• Total Nr of Pixels: 95x95; 50% transparent / 50% opaque
• Total Coded Area: 1064x1064mm2
• Code Thickness: 16mm
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SPI Coded Mask:
•
•

Material: Densimet 18
Code pattern: HURA 127 elements; 64 transparent, 63 opaque
(symmetry 120°). See Figure 1b.
• Pixel Size: Hexagon, 60mm side to side
• Total Coded Area: 780mm diameter
• Code Thickness: 30mm
JEM-X Coded Mask:
•
•
•
•
•
•

Material: pure Tungsten
Code pattern: HURA 22501 elements (symmetry 120°)
Pixel Size: Hexagon, 3.3mm side to side
Total Coded Area: 535mm diameter
Total Nr of Pixels: -23500; 25% transparent / 75% opaque
Code Thickness: 0.5mm
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Figure 1a. IBIS Mask Code pattern

Figure 1b. SPI Mask Coded pattern

For further information see (1)
Strong requirements were defined for the code parameters at the beginning
of the project (1994) in order to fulfil the instruments scientific goals (angular
resolution, source location accuracy and sensitivity). These requirements
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define the performance of the Masks as Optical Systems, and refer mainly to
two aspects:
• Position and size of the code elements, defined by the code
manufacturing process and code integration into the Mask Assembly
• Transparency/Opacity of the hole/opaque pixels in the instrument
energy range. Deviations from its theoretical values (0/1) induced by
the presence of support structures need to be characterizes in detail.
Tables I, II and III summarise the pixel position and size scientific
requirements (deviations from theoretical values) altogether with the those
imposed to the codes cutting process itself, before their integration in the
Mask Assembly. Error budgets are quite demanding in order to achieve the
required final precision for the full Mask Assembly.
The IBIS Mask Code was machined in four individual W 16mm thickness
plates, with hard requirements in pixel position (+0.075mm) and size
(0.1mm).

Y
Z

Mask Requirements
Position
Size
+0.15mm
0.1mm
+0.15mm
0.1mm

Code Manuf. Requirements
Position
Size
0.1mm
+0.075mm
0.1mm
+0.075mm

Table I. IBIS Mask scientific and manufacturing requirements (pixel position and size)

The SPI Mask Code was machined in individual W 30mm thickness blocks (1,
2 or 17 hexagons each one). The manufacturing requirement (+0.025mm)
refers to these blocks dimensions.

Total in plane

Mask Requirements
Total Position
+0.15mm

Code Manuf. Requirements
Total Size
+0.025mm

Table II. SPI Mask scientific and manufacturing requirements (pixel position and size)

The JEM-X Mask Code hexagons are machined in a very thin (0.5mm)
Tungsten sheet. Centroid pixel position (+0.06mm) and pixel size (+0.01 mm)
requirements are quite demanding for more than 5400 hexagonal holes.
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Y
Z

Mask Req uirements
Position
Size
+0.2mm
0.01mm
+0.2mm
0.01mm

Code Manuf. Requirements
Position
Size
+0.06mm
0.01mm
0.01mm
+0.06mm

Table III. JEM-X Mask scientific and manufacturing requirements (pixel position and size)

Figure 2. JEM-X Mask code detail: "island"

2. Cutting Technologies.
One of the milestones of Coded Masks development carried out from 1995 to
2000 was to define the cutting optimum technology for the Code machining.
The main constraint for the optimal cutting technology selection was the
extremely high accuracies needed for the pixel position, size and geometry.
As it is shown in Tables I, II and III, the manufacturing accuracies should be
better than 0.1mm over Tungsten plates larger than 500mm, having several
thousands of pixels. The standard machining processes for hard materials
like Tungsten were not prepared to obtain these accuracies in such large
areas.
Another challenging problem was the machining of the JEM-X Code on a
535mm diameter plate of only 0.5mm thickness. The code of JEM-X (-5400
hexagonal holes 3.3mm side to side) includes "islands" (opaque hexagons
surrounded by transparent holes) joined to the plate by 0.4mm thickness ribs
(see figure 2). The selected machining process must avoid the presence of
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microcracks coming from the manufacturing process in a very fragile coded
plate.
In all cases, after the manufacturing and assembly of the Coded Masks, they
had to pass through a hard Qualification Test campaign, in order to prove
their capability to survive INTEGRAL launch and operation environments,
maintaining their scientific performances. These tests include Vibration tests
(more than 12g inputs) and Thermal Vacuum and Cycling (from -60°C to
45°C).
Technologies tested were: LASER cutting, Photochemical Milling,
Electrodischarge Milling and Electrodischarge Wire Machining. Main
advantages and disadvantages of each method are summarised in the
following paragraphs.

2.1. LASER Cutting.
BENEFITS:
• Low cost
• Good accuracy, regular hexagon shapes
PENALTIES
• Material damage: cracks due to overheating
• Material mechanical and thermal properties affected
• Recasting

Figure 3. LASER cutting. JEM-X Code sample, hexagons with 0.4mm ribs. On the left,
cracks on the ribs can be observed. On the centre and right pictures rests of materials
along the ribs are clearly shown. Microphotographs from ICMUV facilities.
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2.2. Photochemical Milling.
BENEFITS:
• Low cost
• Material properties not affected
PENALTIES:
• Poor accuracy in pixel dimension and shape
• W high resistance to chemical milling
• Photoresin: difficult to resist the acid required for Tungsten.

Figure 4. Photochemical Milling. JEM-X Code sample, hexagons with 0.4mm ribs. A poor
geometrical finishing is clearly seen in the three pictures. Inhomogeneities and shapes
Microphotographs from ICMUV facilities.

2.3. Electrodischarge Milling.
BENEFITS:
• Good accuracy, regular hexagon shapes
• Minimum material damage
PENALTIES:
• Large uncertainty in pixel position
• Quick wearing of electrodes
• Several electrodes required to comply accuracy requirements
• Expensive
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2.4. Electrodischarge Wire Machining (EDWM).
BENEFITS:
• Splendid accuracy of hexagon shapes and positioning
• Minimum material damage
• Flexibility to improve pixel accuracy (multiple passes)
PENALTIES:
• Expensive
• Time machine consuming

Figure 5. Electrodischarge Wire Machining. JEM-X Code samples, hexagons with
0.4mm ribs. Good finishing in the pixel wall and pixel regular shapes are clearly seenn.

V. Reglero et al.

RM 103

169

S'" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

The EDWM was the technology selected to implement the Codes of the three
INTEGRAL Masks. More information about the EDWM can be found in (2).
The Code plates for the Coded Masks Development Models (DM),
Qualification Models (QM) and Flight Models (FM) have been manufactured
by this method, with increasing successful results in the Spanish company
Mecanizados Gines.
Main parameters of the wire cutting are the following:
•
•
•
•
•
•

Wire Diam: 0.25mm
Wire Material: Cu (Zn coating)
Voltage:-80/-100V
Cutting speed: 2.2 to 2.5mm/min
Dielectric: Distilled water
Nr. of cutting hours (one JEM-X Code): -500

Figure 6. Cutting of the JEM-X code by Electrodischarge wire machining. More than 5000
hexagonal holes 3.3mm side to side.
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3. FM Masks Results on Pixel Size and Position.
The results on pixel size and position obtained in the implementation of the
INTEGRAL FM Masks codes are presented hereafter, compared with both
scientific and manufacturing requirements.

3.1. IBIS Mask Results.

a) Plates Manufacturing (all pixels measured)

Pixel Position
Pixel Size

Y
Z
Y
Z

Required
+0.075mm
+0.075mm
0.1mm
0.1mm

Std Dev(a)
0.010mm
0.015mm
0.010mm
0.010mm

Max Dev
0.030mm
0.040mm
0.060mm
0.060mm

Table IV. IBIS Mask pixel position and size results, after code machining.

b) Mask Assembly (16 control pixels measured)

Pixel Position

Y
Z

Required
+0.150mm
+0.150mm

Std Dev(a)
0.030mm
0.030mm

Max Dev
0.040mm
0.050mm

Table V. IBIS Mask pixel position and size results, after Mask assembly.

Detailed IBIS Mask results can be found in (3) and (5). Main conclusions can
be summarised as follows:
• The results obtained are 5 times better than required.
• Stability of the IBIS Mask as an optical system: no significant deviations
have been found before and after environmental tests at INTA
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Figure 7. IBIS Code plate cutting by Electrodischarge Wire Machining.

3.2. SPI Masks Results.
a) Plates Manufacturing (all pixels measured)
All Code blocks (1, 2 & 17 hexagons) are within manufacturing tolerances
(+0.025mm).
b) Mask Assembly (all pixels measured)

Total in plane
Pixel Position

Required
+0.150mm

Std Dev(a)
0.020mm

Max Dev
0.080mm

Table VI. SPI Mask pixel position and size results, after Mask assembly.

Detailed results of SPI Mask scientific performances can be found in (4) and
(6). Main conclusions can be summarised as follows:
• The results obtained are 7 times better than the scientific requirements
• Stability of SPI Mask as an optical system: no significant deviations
found before and after environmental tests at INTA
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Figure 8. Dimensional Control of the SPI FM Coded Mask

3.3. JEM-X Mask Results.
a) Plates Manufacturing (200+200 pixels measured)

Pixel Position
Pixel Size

Y
Z
Y
Z

Required
+0.060mm
+0.060mm
0.01mm
0.01mm

Std Dev(cr)
0.015mm
0.015mm
0.005mm
0.005mm

Max Dev
0.030mm
0.030mm
0.010mm
0.010mm

Table VII. JEM-X Mask pixel position and size results, after code machining,

b) Mask Assembly (100+100 pixels measured)

Pixel Position

Y
Z

Required
+0.2mm
+0.2mm

Std Dev(c)
0.025mm
0.025mm

Max Dev
0.060mm
0.050mm

Table VIII. IBIS Mask pixel position and size results, after Mask assembly
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Detailed JEM-X Mask results can be found in (7) and (8). Main conclusions
can be summarised as follows:
• The results obtained are 8 times better than the scientific requirements
• Stability of JEM-X FM Masks as optical systems: no significant
deviations found before and after tests

Figure 9. Dimensional Control of the JEM-X FM code plates after their machining.

4. Conclusions.
An extensive programme on testing technologies for high precision Tungsten
cutting in large areas was carried out from 1995 to 1998 by the Spanish team
involved in the INTEGRAL ESA Mission (GACE, SENER, INTA and
Mecanizados Gines): LASER, Photochemical Milling, Spark Machining and
Electrodischarge Wire Machining. The EDWM was selected as the optimum
technology.
Qualification and Flight Models for the four Mask Assemblies (SPI, IBIS and
JEM-X) demonstrate the high accuracy achieved in the code cutting and
geometry. Code elements size and shape fulfil scientific requirements. In fact
they are 5 times better than specified.
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Qualification and Acceptance Tests carried out at INTA proved the stability of
the code positioning under extreme conditions (12g input acceleration; -60°C
to +45°C), exceeding requirements by a factor 8. EDWM has demonstrated
its capability to produce fine Tungsten plate cutting to implement new Optical
Systems for High Energy Astrophysics.
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Summary:
Powder injection molding (PIM) is a relatively new manufacturing process for the creation of
complicated net-shapes outside the range usually possible via powder metallurgy technologies. This
new process is now in production at more than 550 sites around the world. Although a small industry,
PIM will soon pass SI billion dollars (USA) in annual sales. This presentation overviews the PIM
process, some of the new developments and some of the successes that have occurred with both
refractory metals and hard metals. Example applications are seen in medical and dental devices,
industrial components, wristwatches, jet engines, firearms, automotive components, and even hand
tools. To help establish the novel growth opportunities, PIM is compared to other fabrication routes to
better understand the design features arising with this new approach, providing a compelling case for
substantial opportunities in the refractory and hard materials. Illustrations are provided of several
components in production. New opportunities abound for the technology, since it eliminates the shape
complexity barrier associated with die compaction and the cost of machining associated with
complicated or dimensionally precise components. Further, a relative cost advantage exists for
refractory and hard materials because PIM can use the same powders at the same prices as employed in
alternative processes. Future successes will occur by early identification of candidate materials and
designs. Early examples include tungsten heavy alloy components now reaching production rates of six
million per month.

Keywords:
Powder injection molding, design, net-shaping, new processes, innovative processing, sintering

1. Introduction:
The concept of mixing a metal powder with a thermoplastic binder to enable shaping by injection
molding prior to sintering has been around since the 1920's. Today, powder injection molding (PIM) is
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gaining widespread popularity due to the combination of net-shaping and performance [1], The plastic
molding process is ideal for fabrication of large quantities of the same shape, so PIM is simply building
from the enormous technological base created by plastics. However, for most metallic systems the
powder cost is ten times that of a casting material. Thus, for steel and stainless steel, PIM can only be
cost competitive for very complicated and low weight structures where machining proves difficult.
However, for the refractory and hard materials, this material cost disadvantage is less evident.
Consequently, many new products and shapes are possible, in large production quantities, without a
cost penalty via PIM. Accordingly, several applications have been identified and moved into pilot or
full production. A large body of literature is available detailing the processing, properties, economics,
and applications [see literature reviews in references 1 and 2]. Example systems covered by the prior
publications include tungsten, tungsten heavy alloys, tungsten-copper, rhenium, molybdenum,
molybdenum-copper, molybdenum disilicide, niobium-base alloys, titanium, titanium alloys, titanium
aluminides, and several other important refractory systems. It is important to recognize that PIM
provides a double cost benefit * no powder cost penalty since these materials are already formed from small powders
* reduced losses and easy recycling increase the process advantage with costly materials.
Thus, it is appropriate to consider what might be some targets for future conversions to PIM. This
paper identifies the current systems and further illustrates some emerging opportunities in military,
aerospace, sporting, and other devices including cellular telephones and computer disk drives. Today,
we recognize PIM as one of many shaping technologies addressing net-shape production of engineered
components. Unlike casting (limited to metals), it is applicable to a range of materials. One of the
future gains will be in mixed powder systems, where ceramic and metal powders can be tailored for
properties by adjusting particle size and composition prior to molding. This will provide a
differentiation in performance with respect to most fusion techniques. Further, when properly executed,
PIM is financially and technologically competitive with alternative processes for net-shape production.
It provides good dimensional control and is more cost effect than machining and grinding, Thus, PIM
has emerged as a technique for large quantity net-shape production of discrete, and complex engineered
components with dimensional tolerances that are not tight. It builds a unique technology based on a
combination of powder metallurgy and plastic injection molding.
Powder injection molding has been available in various forms for several years, yet significant success
was delayed until the 1990's. A few factors contributed to the long incubation period, including basic
scientific understanding and a need for the full infrastructure to mature (furnaces, binders, debinding
equipment, mixers, and molders). Today, the technology has passed through most conceptual barriers
and is widely accepted in several application areas. The cause for the long incubation period included
the following factors:
* poor financial performance; profitability was nonexistent
* basic process knowledge and problem solution protocols were missing
* early variants depended on highly proprietary technologies
without production volume raw materials were costly and in limited supply
* trained workers were missing and no instructional programs existed
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early equipment was built from scratch and only later was equipment customized for PIM
designers were uncomfortable because of uncertain design rules and material properties
the field lacked needed case histories of success with PIM
early equipment and operations lacked required process controls
growth in microelectronics allowed manufacturing instrumentation at low costs
without an infrastructure there was excessive cost to covering the range of technologies
optimization was impossible, since the scientific basis for PIM was missing.

Today the successes in PIM trace to several recognized benefits, including net-shaping and the
avoidance of machining and other steps. Further, the products are sintered to full density, providing
high performance. A wide range of compositions are now available, essentially all of the known
engineering metals and ceramics have been demonstrated, if not put into production. An important
aspect it the product cost, especially for complicated shapes. In part the low cost comes from the large
existing base in plastic molding. Further, new software in molding and sintering simulations enable
faster optimization - indeed growth is highly accelerated by the fact that PIM is piggybacking on the
large field of plastic injection molding, but using powders and sintering cycles well known in powder
metallurgy.
Production today ranges from a few to millions. As long as a fine, sinterable powder is available PIM is
successful from a technological view. Financial considerations might not be as favorable, but
technology is done and over 500 firms now practice the technology. Parts in production range from
0.03 g up to 17 kg, with production volumes as low as 10,000 per year up to 72 million per year. Most
recently the technology has undergone simplification, with the emergence of a three-step process. The
fist step is the formation of a powder-polymer mixture known as a feedstock. There are now over 10
commercial feedstock suppliers and the bulk of the newer entries are moving to premixed feedstock
during the evaluation and start-up phase. Molding takes place in classic plastic injection molders, so
many of the actors have come from a plastics background. Finally, sintering is being performed in
furnaces well known to powder metallurgy - both batch and continuous furnaces. To assist the plastic
molders, a few toll-sintering operations have been established to provide early support, in the same
manner as many metallurgical operations rely on outside heat-treating. The key decision these days is
in the binder, recognizing the debinding process is largely dictated by the binder attributes. Waxpolymer mixtures are most common, with over 55% of the industry relying on these simple systems.
The polymer is simply extracted by slow heating, the same way cemented carbides are dewaxed early
in a sintering cycle. Some operations separate the debinding and sintering steps, but others have been
successful using combined thermal treatments.
As the process becomes simplified and knowledge is widely distributed, sales for PIM products have
accelerated and now are approaching $ 1 billion worldwide. Today, over 6200 people are employed in
PIM, with 37% of the products for internal use and 63% for external customers. About 53% of the sales
are in North America. Curiously, most of the industry is still relatively small, in the pilot stage; hence,
5% of the firms control 42% of the production capacity, 63% of the sales, and 81% of the profits.
Those operations that have reached full production average 85 employees, 12 molders, 5 furnaces, 2
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mixers, and product 100 tons of parts per year worth $14.4 million. The average weight is near 5 g and
the average sale price is near $0.80 each, making this a high profit field for may applications. As is
evident, these are small components, but with high value. Continued expansion at a 20% or faster rate
is expected for the next several years. Some of the reasons for this expansion lie in the shapes,
performance, and cost benefits. These are best seen via the illustrations that follow.

2. Applications in Computers and Microelectronics:
One of the most exciting opportunities is associated with the explosive growth in computers and
microelectronics. PIM has participated in many of the recent surges in consumption, first in the hard
disk drive, and later in cellular telephones. Indeed, today some of the largest uses of PIM are associated
with computers, microelectronics, and other electronic devices - as weights, heat dissipators,
electromagnetic shields, magnets, motor components, vibrators, and balancing devices where a few
examples are shown in Figure 1. In the cellular telephone, some of the simple devices have reached
production volumes of several million parts per month with similar production quantities associated
with computer hard disk drive weights, latches, counterbalances, and magnets. The magnets are
typically formed from martensitic or ferritic stainless steels, but there is considerable us of tungsten in
many of the computer and cellular telephone devices.

Figure 1. Example hard disk drive components, courtesy of Advanced Materials Technologies.
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3. Applications in Military Hardware
Tungsten penetrators are a favorite for anti-armor applications. PIM has been used in the synthesis of
new alloys and is at that demonstration level. Early production of tungsten ammunition took place in
the late 1980's, with successful testing in anti-aircraft and other applications by the early 1990's. Most
of these were tungsten heavy alloys. Today, more complicated geometries and alloys are being fielded
for tungsten military rounds, such as shown in Figure 2. An interesting aspect of PIM is the ability to
put features into the shape without machining, and in this case a functional gradient in tungsten content
exists in the wall thickness.
Recent success has been in PIM tungsten-nylon compositions for frangible ammunition or practice
bullets to replace lead. Note these do not require sintering and are used in the as-molded condition.
Further, several compositions tailored to ballistic are now making progress in the market place,
including some success with tin as the cement for tungsten. Initially such compositions were designed
for use around nuclear facilities, but now the variants on the tungsten-tin compositions are being
applied to a wide range of military, and soon hunting applications. Another derivative technology is
based on shape charge and explosively formed projectiles. The first applications are in oil well drilling
technologies using tungsten-lead compositions.

Figure 2. A military projectile with functional gradient tungsten
content in the wall thickness as a possible high volume PIM product.

4. Applications in Petrochemical Processing
PIM has been in use for selected shapes and typically in caps for
drilling teeth off and on for about 10 years. An example drilling tooth
is illustrated in Figure 3. Most of these shapes are formed from
cemented carbide compositions. However, an opportunity exists in
generating gradient microstructures via progressive molding of
differing compositions. This represents a significant new production
area for PIM.
Figure 3. An example tooth for drilling, which is usually coated by
cemented carbide, but could be fabricated as a functionally graded
structure by molding layers over each other.
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5. Applications in Microelectronic Packaging
Demonstration compositions for microelectronic packaging have been around since the late 1980's, and
patents on the concept date to the early 1980's. Some high volume and exciting opportunities exist in
these areas, and heat dissipation, electrical conductivity, and low thermal fatigue failure (thermal
expansion matching) are clear dictates. Most of the early successes have been based on W-Cu
compositions, where copper provides the thermal conductivity and the interconnected tungsten skeleton
provides the low thermal expansion coefficient. Although very successful in commercial uses, these
materials are still heavy and expensive. Use of Mo-Cu compositions help lower the density, but future
portable computer systems are pushing for new lower density and lower cost materials. Hence, PIM of
W-Cu and Mo-Cu will likely be associated with stationary devices, and composites in aluminum and
copper or even aluminum nitride will be more typical in portable devices. Even so, the applications in
computers, workstations, cellular telephone base stations, digital light projectors, and related
applications are enormous. Today, most of the successful products are delivering thermal conductivities
over 200 W/m/K. Pictured in Figure 4 is an new hybrid microelectronic package, where the tungstencopper base (microstructure shown to the right) is sinter bonded to a kovar glass-sealing housing.

0 an)
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\

;
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-

Figure 4. An advanced microelectronic package consisting of a W-Cu base for heat dissipation and
kovar side wall for glass sealing. The composite microstructure of the sintered W-Cu base is illustrated
on the right (package courtesy of Advanced Materials Technologies, micrograph courtesy of John
Johnson).

6. Applications in Sporting Equipment
Much notice has been directed to the possible use of heavy metal weights in sporting equipment - golf
clubs, darts, arrows, and even ammunition. Indeed, one of the first successful applications for PIM was
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in running shoes with a Ti-Fe composite that provided strength and durability with low density. Today,
many sporting items are under investigation. Golf club heads and weights for gold clubs are some of
the most exciting products. Most of the tungsten applications are geared to selective counter balances,
control of torque, and relocation of the center of gravity during ball strike. An example where a higher
density alloy is used to control torque is illustrated in Figure 5, with a low-density center and high
density (black) outer region. Production quantities for some of the weights (most not by PIM) have
reached 30 million per year. However, there is much frustration for the industry in working on these
applications. Truly golf clubs are a fashion industry. Each year a new style is needed, so the product
lifetime is often short, while the time to become qualified as a vendor might be long. This requires a
new thinking in the PIM industry, where short-intense production is the key concept. One must then
always be on the lookout for the next items to enter production; otherwise a large production facility
sits idle. Sporting equipment production by PIM is not for the faint of heart. Characteristically, the
sporting industry will not enter production itself, since it is easier to move between vendors as fashion
changes.

Figure 5. A controlled density distribution golf club head that allows torque control by selective
placement of higher density weights on the heel and toe (courtesy of Never Compromise).

7. Titanium and Titanium Alloys:
There is a love affair with titanium and this projects into PIM as well. Many parts are in production
from this refractory material, and the mechanical properties are becoming attractive. For example, pure
titanium PIM parts are now in the 500 to 630 MPa tensile strength range with 3 to 20% elongation,
depending on the powder purity. Alloys such as Ti-6A1-4V are also in production, delivering strengths
near 880 MPa and 12% elongation. Applications for titanium PIM are diverse, including golf clubs,
automotive items, decorative hardware, and surgical tools, watchcases, watchbands, toys, and industrial
components.
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8. Decorative Items:
Watches, jewelry, and watchbands are common now by PIM. The materials range from gold to
cemented carbides, and include colored zirconia, titanium, and stainless steels. Other decorative items
range from cosmetic cases, wine stoppers, and tokens. Figure 6 is an example of a scratch resistant PIM
WC-Co watchcase.

Figure 6. A PIM WC-Co watchcase, courtesy ofRado.

9. Industrial and Metalcutting Tools:
Tools that see abrasion and wear are now common by PIM. These included many cemented carbides,
used for drills, cutting inserts, sand blast nozzles, and other high stress, wear, or abrasion situations.
Figure 7 shows example components formed by PIM from WC-Co for double sided cutting inserts with
chip breakers and internally cooled drills. The former are now estimated at 1% of all cutting inserts by
PIM and the latter have achieved a record level of tolerance control - five micrometers dimensional
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scatter. Many other opportunities exist for net-shape production of complicated cutting tools via PIM,
with some interesting possibilities in functional gradients, selective placements of hard phases, and
even new shapes.

Figure 7. Examples of PIM WC-Co tools for metal cutting
and drilling.

10. Some Future Products:
The future is bright, with many interesting refractory metal and hard material products in the pipeline.
Several options were mentioned already, with special focus on shape complexity and cost reduction.
Others in the lab include new rocket nozzles, porous electrodes, advanced lighting designs,
microelectronic packages, thermal management materials, and porous structures. Many options are
under discussion, including new welding electrodes, lighting devices, oil well drilling tips,
microelectronic packages, hand tools, hardware, sporting devices, and even conformal refractory metal
capacitors. Besides the new shapes, some new materials and functionality will be possible via PIM.
These include the construction of hollow components and even the fabrication of controlled porosity or
foamed devices. Gradient microstructures are being formulated using two-color molding, where two
different materials are injected to form a single device. Most interesting is the use of plastic inserts in
the die cavity, allowing burnout of the plastic during sintering to form complicated internal cavities in
the structure - a route very useful for rocket nozzles, sand blast nozzles, spraying nozzles, and other
fluid control structures. Thus, the future is bright, the options far reaching, and the major barrier is
time to chase all of the opportunities. In that regard, 100 companies now sponsor Perm State for its
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Center for Innovative Sintered Products to leverage time and funds to seek out exciting new
opportunities.

11. Simple Design Rules:
Success in powder injection molding starts by identification of an application where the production
volumes justify the tooling and set-up costs. Figure 8 shows the basic process and key steps with the
illustration of one valve component at each stage. Generally, if a shape is simple and can be produced
by die compaction, then the PIM process will not be competitive. On the other hand, if die compaction
is unable to deliver the shape complexity and sophistication in features, tolerances, and design, then
PIM becomes attractive. Selection of candidates pivots on these attributes,
•
•

•
•

tolerances - must justify PIM and be compatible with typical production levels
production - quantities over 5000 per year are needed to amortize tooling, and production
volumes up to nearly 100,000,000 per year occur with items such as cell telephone vibration
weights from tungsten
performance - PIM tends to be better suited when higher performance is desired to better justify
the cost
shape complexity - the shape must be beyond the capabilities of die compaction.

When such a situation arises, then PIM production becomes viable. To enhance success with this new
form of powder metallurgy, we can go further and isolate some design features that encourage success
and ease processing difficulties. The first consideration is to start thinking "plastics" versus "powder
metallurgy" by looking at the component in terms of die layout, flow patterns, ejection, gating, and
venting [1]. Further, to minimize mass, cost, and processing times, wall thickness should be minimized
whenever possible. This suggests enthusiastic use of cores, indents, holes, and other features such as
undercuts and even hollow components. Powder cost is a major factor in refractory metal and hard
material components, so small tool changes that propagate mass reductions over many components are
highly valuable. Another consideration in the component design stage is to consider where parting
lines, ejectors, and gates can be placed on the component. These surface blemishes need to be located
in non-critical regions to avoid the expense of removal after molding. One new option is to use porous
tooling where air pressure is used for ejection after molding. Likewise, ejection from tooling is
enhanced by incorporation of a slight draft or taper. Otherwise, special and expensive features are
needed to open the tooling for part extraction.
With experience, a designer will learn that other features will greatly assist the production process.
Examples are to be sure to include a flat surface on the component to allow for staging during
debinding and sintering. Otherwise, special conformal setters need to be fabricated out of ceramic to
hold each part. Not that such an option is difficult, but it adds considerable expense onto the production
cost. Also, the debinding and sintering stresses acting on the component depend on section thickness.
Very thick and very massive components are in production, up to 17 kg and 125 mm thick, but cycle
times in molding, debinding, and sintering are slow to accommodate heat transfer and mass flow from
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thick sections (for example the 17 kg component has a molding cycle time of 5 min, while more typical
to PIM is 15 s). Accordingly, mass reduction and uniform wall thickness pay off in faster processing
and more uniform material response with better tolerances, less warpage or distortion or cracking.
Finally, there is the perpetual issue of tolerances. In general, all of the newer PIM operations with
closed-loop feedback control systems and good feedstock homogeneity can sustain tolerances on
dimensions near 0.1%. Tighter tolerances are possible, but require more attention and result in higher
costs. Recent benchmarks in the industry are tolerances measured in the micrometer range on certain
critical dimensions. But this is not typical and not inexpensive. New production operations focused on
optical components require such attributes, but for most applications these are neither typical nor
required.
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en
Figure 8. A view of the powder injection molding (PIM) which starts by mixing a metal poweder and plastic to form
feedstock, which is subsequently granulated and feed into a molding machine. In molding the thermoplastic mixture is
heated and rammed into a cold die. The die is constructed to provide shape to the feedstock. On cooling, the shaped mixture
is ejected and then the polymer is extracted by heat or other means, a process known as debinding. Finally, the powder
structure is sintered, bringing the powder system to full density. These illustrations of the equipment and process steps for
the production of a valve body are kindly provided by Advanced Materials Technologies.
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Fracture Toughness of 6.4 mm (0.25 inch) Arc-Cast Molybdenum
and Molybdenum-TZM Plate at Room Temperature and 300°C
J.A. Shields, Jr.*; P. Lipetzky+; A.J. Mueller*
*CSM Industries, Inc., Cleveland, Ohio, USA
""Pittsburgh Materials Technology, Inc., Jefferson Hills, Pennsylvania, USA
#

Bechtel Bettis Inc., West Mifflin, Pennsylvania, USA

Summary:
The fracture toughness of 6.4 mm (0.25 inch) low carbon arc-cast (LCAC)
molybdenum and arc-cast molybdenum-TZM alloy plate were measured at room
temperature and 300°C using compact tension specimens. The effect of crack
plane orientation (longitudinal vs. transverse) and annealing practice (stressrelieved vs. recrystallized) were evaluated. Depending upon the test
temperature either a standard K|C or a J-integral analysis was used to obtain the
toughness value. At room temperature, regardless of alloy, orientation, or
microstructure, fracture toughness values between 15 and 22 MPa mA (14 and
20 ksi in1/2) were measured. These K,c values were consistent with
measurements by other authors. Increasing temperature improves the
toughness, due to the fact that one takes advantage of the ductile-brittle
transition behavior of molybdenum. At 300°C, the fracture toughness of
recrystallized LCAC and arc-cast TZM molybdenum were also similar at
approximately 64 MPa m72 (58 ksi in72). In the stress-relieved condition,
however, the toughness of arc-cast TZM (91 MPa m'/2 / 83 ksi in7*) was higher
than that of the LCAC molybdenum (74 MPa m7* / 67 ksi in72).
Keywords:
molybdenum, TZM, refractory metals, fracture toughness, K|Cl J Integral
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1. Introduction:

Background: Brittle failure analysis has become a common consideration in the
design of many structures. As a result, fracture toughness properties necessary
to conduct brittle fracture analysis of many common materials such as iron,
aluminum and titanium alloys have been well characterized. Relatively little
effort has been devoted to the characterization of the fracture toughness of
molybdenum and molybdenum alloys. Because molybdenum's ductile-to-brittle
transition temperature (DBTT) is typically within approximately 100°C of room
temperature, fracture - critical components have not typically used molybdenum
in this temperature range. Electronic heat sinks, for example, rely on the
thermal expansion and conductivity of the material, but do not include fracture
considerations in component design. Likewise, the high-temperature
applications for molybdenum and its alloys (heat treating furnaces, glass-melting
furnace components, e.g.), concern themselves more with long-term creep
behavior than with fracture resistance.
In order, for molybdenum and molybdenum alloys to be considered for
applications that must exhibit fracture resistance, it is necessary to characterize
the toughness of the material. The temperature range between ambient and
1200°C forms the region of most interest with respect to toughness. It is in this
region that components such as forging dies, metalworking tooling, and furnace
structural parts must operate, and in this range where additional
characterization of fracture toughness must be performed.
Prior Work: A few authors have investigated the toughness of molybdenum and
molybdenum alloys. Measurements of toughness values were performed on
pre-cracked bend bars of extruded arc-cast molybdenum as early as 1963 (1).
These measurements used thick cross-sections, and calculated the energy of
fracture. Other early work investigated sheet molybdenum and TZM alloy (2),
employing thin sheet specimens that frequently displayed plasticity. The stateof-the-art at this time did not permit an appropriate stress-analysis solution for
such tests. Furthermore the authors were unable to fatigue pre-crack the pure
molybdenum samples without fracture, and relied upon Electro-Discharge
Machining (EDM) to produce notches in the specimens. More recently the
fracture toughness of molybdenum rod was measured (3). These investigators
solved the pre-cracking problem by using compression - compression fatigue,
and obtained K,c values for the specimen geometries with which they worked.
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In the preceding work, toughness measurements were obtained at ambient
temperatures. Russian investigators have measured the toughness of
molybdenum to temperatures of about 500°C (4,5), as have German
investigators (6). However, there is no data on the fracture toughness of
molybdenum or molybdenum alloys covering temperatures above 500°C, and
very little well-characterized data reported between ambient and 500°C.
The results of measurements performed in the preceding references are
summarized in Table 1. The toughness numbers vary widely probably due to
limitations of the tests, specimen geometries employed, and analytical
techniques available at the time of the individual investigations. The most
reliable values are probably those of Romine (1), Chen, et. al. (3), and Rödig, et.
al. (6).
Current Tests: The testing and analytical tools available to the experimenter
today are much improved over those of 20-30 years ago. Analytical techniques
like the J-lntegral approach (7) have allowed extension of the art into the realm
of tests displaying plasticity. The pre-cracking techniques of Chen, et. al. (3)
and Rödig, et. al. (6) permit the introduction of sharp notches into less ductile
materials like molybdenum. Furthermore, there is increased interest in the
fracture behavior of molybdenum and its alloys, particularly at elevated
temperatures where the materials are on the upper shelf of their transition curve.
For these reasons, we have set out to measure the fracture toughness of
molybdenum and TZM plate at temperatures up to 1100°C using improved
techniques. This paper covers the initial measurements made at ambient
temperature and at 300°C.
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Table 1.
HRe
f
1
1
2

2
3
3
3
3
3
3
3
4
5
5
6

K|C measurements of molybdenum and molybdenum alloys at
ambient temperatures.
Product
Form

Specimen
Type

Extrusion, Mid-rad.
Extrusion, OD
Sheet
Sheet
Sheet
Forged bar
Forged bar
I
Forged bar
Forged bar
Swaged bar
j
Swaged bar
Swaged bar
!
Sheet
Sheet
Sheet
Bar

NB
NB
CN
CN
CC
CT
CT
SC
SC
SC
SC

sc
CT
?

?

DCT

Crack
Dir.
?
?
Trans.
Trans.
Trans.
Radial
Radial
Radial
Radial
Radial
Radial
Radial
Trans.
IRolling
In-plane
Radial

Material
A/CMo
A/CMo
A/CMo
A/CMo
A/CTZM
P/M Mo :
P/M TZM
P/M Mo
P/M TZM
P/M Mo
P/M Mo
P/M TZM
Mo-1%Zr
Mo
Mo
P/M TZM

Mi era structure

K,c,
MPa m1'2

Extruded
Extruded

17.6a
20.6D

SR

35 - 65 C

RX
SR
Forged
Forged
Forged
Forged
Swaged
RX
RX
RX

27 - 33°
40 d
8 + 5%
19 ± 5 %
17e
17
17 ± 1 1 % r
18 ± 10%T
31 + 7%'
15-17

?

15-60
10-40
15-17

?

SR

Key: NB = notched bend; CN = center notched; CC = center cracked; CT = compact tension; SC =
surface crack; DCT = dia. compact tension; ? = not reported; SR = stress relieved; RX= recrystallized
3
Average of 5 tests, calculated from Gic; "Average of 11 tests, calculated from Gic; CKO value.
Significant plasticity, Kj calculated at deviation of elastic line from linearity.
e
Specimen displayed sub-critical crack growth, calc at initiation of crack growth.
'Specimen displayed sub-critical crack growth, calc using the deepest point of semi-elliptical crack

2. Material Description:
The alloys used in this investigation were consolidated from powder precursors
using the Press-Sinter-Melt (PSM) process developed in the 1950s (8). In this
process, powder is fed from a hopper enclosed in the vacuum melting furnace,
into a pressing die where it is pressed into a disc and fed down into the melting
chamber. Repeating this process allows an electrode to be built up which is
melted in vacuo by an AC arc and solidified in a water-cooled copper crucible.

J.A. Shields et al.

GT8

191

15" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutle (2001), Vol. 4

The cast ingot is then extruded at elevated temperature to break up the large
grain structure associated with arc melting. Analytical samples are obtained
after extrusion, and Table 2 summarizes the chemical analysis of the two
materials. Interstitial elements (C, N, and O) were determined by LECO inert
gas fusion and trace elements determined by DC spark/optical emission
spectroscopy. The rectangular extrusion is then sectioned and recrystallized
before hot rolling to final dimensions.
Table 2. Chemical analysis of molybdenum plates in weight percent.
Material

c

o

Mo Ingot 50839
ASTM B386
(365)
TZM Ingot 61756
ASTM B386
(363)

.005
£.010

<.001
£.0015

<.001
£.002

Ti
-

Zr
~

.021

.0008
£.0030

.0009
<.OO2

.48
.40-.55

.104
.06-.12

.01-.03

N

Ni

Si

£.010

<.001
£.002

<.001
£.010

<.001
£.010

<.001
£.002

<.001
£.010

Fe
.003

The material used in this investigation was rolled to 6.4 mm (0.25 inch) thick,
and subjected to either a final stress-relief or a final recrystallization anneal.
The rolling direction was perpendicular to the extrusion direction. Following the
final heat treatment, the surface was etched to remove the resulting
decarburized zone (~ 25jxm, 1 mil). Table 3 summarizes the average transverse
tensile properties measured on each plate. The microstructures of the various
material heat treatment combinations are shown in Figure 1. The tensile
Table 3. Mean transverse tensile properties of molybdenum plates at 25°C.
Material

Structure

No. of
Tests

MPa (ksi)

MPa (ksi)

Elongation
Al/lo, %

Mo Ingot 50839
Mo Ingot 50839
TZM Ingot 61756
TZM Ingot 61756

SR
RX
SR
RX

2
3
2
1

712(103)
377 (55)
846(123)
476 (69)

778 (113)
498 (72)
965 (140)
623 (90)

21.0
52.8
15.3
50.9

O-y,
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Figure 1. Representative Optical Photomicrographs of LCAC and arc-cast TZM
molybdenum; Murakami's etch.
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properties and microstructures are typical of the two materials in the conditions
obtained. Additionally, the mechanical properties exceed ASTM B386 minimum
requirements for yield strength and ductility.
3. Experimental Procedures:
Sample Machining: Square compact tension (CT) specimens were machined
from the 6.4 mm (0.25 inch) thick plate of LCAC molybdenum and arc-cast TZM
molybdenum using EDM to provide both longitudinal and transverse notch
orientations. The specimen design is shown in Figure 2. The notch width made
using a 127 urn (5 mil) diameter EDM wire was consistently between 177 and
254 urn (7 and 10 mils) in width and 10 mm (0.400 inches) past the load line of
the sample. The surface finish was according to ASTM E-399.

05,08

10,16

Figure 2. Sketch of 6.4 mm (0.25 inch) thick compact tension specimen
design (dimensions are shown in mm).
Cyclic Pre-crackinq: A cyclic compressive load was used for initiating the precrack (3). Benefits of this method include pre-crack stability, symmetry and low
risk of fracture for brittle specimens. Specimens were cycled 2500 times and
visually inspected before the maximum load was increased. Atypical loading
sequence was 2500 cycles (20 to 40Hz, R=0.1) at 455 kg (1000 lbs) maximum
load, followed by 2500 cycles at 909 kg (2000 lbs) maximum load etc. Cycling
was continued in this manner until a crack was observed from some point at the
notch root. If a crack was visible and growing, no further increase in load was
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applied until crack advance stopped. Using this method, specimens were precracked at maximum loads less than 4545 kg (10,000 lbs) and total cycle count
below 40,000.
Test Method: Room temperature toughness testing followed ASTM E-399 (7)
guidelines wherever possible. Even though the pre-cracking method described
above does not meet E-399 requirements, the testing yielded meaningful results
by following the other guidelines as highlighted below:
•
•
•
•
•

Loading rate 0.55 to 2.75 MPa my7sec (30 to 150 ksi iny7min).
Pre-crack length must be a minimum of 1.2 mm (50 mils) past the notch root.
Pre-crack must be within 10° of the notch plane.
Surface crack lengths between 85% and 115% of the internal average.
Maximum load at failure no more than 110% ofthat used for K|C calculation.

From a sample thickness standpoint, E-399 requires the specimen thickness to
be greater than 2.5 times (K/ ay)2. Only one of the room temperature
specimens, as noted in the results, showed enough plasticity that the required
specimen thickness should have exceeded the 6.4mm (0.25 inch) plate
thickness. As temperature and toughness increase, and yield strength
decreases, it would not be unusual for certain materials to require very thick (75
mm / 3 inch) samples for valid K tests using E-399. Because this is impractical
for most cases of testing, other toughness test methods have been developed.
The ASTM E-1820 (7) procedure applies to materials tested under these
conditions. A quantity known as J is defined based on crack length, sample
geometry and plastic energy absorbed during testing. Like the quantity K
described above, J is also a measure of the energy required to create an
additional unit of crack advance.
The J test induces either unstable crack extension or stable crack extension
(tearing) in the sample. Instability results in a single-point value of toughness,
while stable tearing results in a continuous fracture toughness versus crackextension relationship (R-curve) from which significant point values may be
determined. This method requires continuous measurement of load versus
load-line displacement crack mouth opening as tearing occurs. In the work
presented here the load line opening is not measured; rather crack opening is
measured on the edge of the sample as in ASTM E-399. The J method can be

J.A. Shields et al.

GT8

195_

15" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

used to determine toughness with a single sample if high-resolution crack
opening measurements can be made using a compliance unloading technique
to determine in-situ crack lengths. An example of the load versus crack opening
displacement measurements and derived R curve that were used to calculate
the J values is shown in Figure 3. The values of K|C are then calculated from the
measured J values for comparison to the room temperature values. A full
description of these test methods and surrounding calculations is determined in
ASTM E-1820 (7). Although not all ASTM validity requirements were strictly
met, the values obtained in this investigation are a good first approximation of
the fracture toughness of molybdenum alloys.

4. Results and Discussion:
The room temperature and 300°C fracture toughness test results are shown in
Table 4. As can be seen from the listed data, toughness measurements of the
duplicate specimens showed good agreement. At both test temperatures, the
orientation of the crack did not appear to have a significant effect on the
toughness. This is most likely due to the similarity between the longitudinal and
transverse microstructures in each heat treatment condition, Figure 1. The
similarity in microstructure is developed by the recrystallization of the billet
following extrusion and then further working the billet (rolling) perpendicular to
the extrusion direction.
At room temperature, regardless of alloy, microstructure, and crack orientation,
the fracture toughness values were all between 15 and 22 MPa m/2 (14 and 20
ksi in1/2) with the LCAC molybdenum slightly higher (18-22 MPa m72 /16 - 20 ksi
in1/2) than the arc-cast TZM molybdenum (15-20 MPa tnv'114 -18 ksi in%).
These fracture toughness values compare quite favorably to the literature values
shown in Table 1.

J.A. Shields et al.

GT8

196
:h

15 International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

Crack Opening Displacement (mils)
5

0

10

15

20

25

30

35

100 200 300 400 500 600 700 800

Crack Opening Displacement (i^m)
Crack Growth (mils)
0

10

20

50 £ " " '

30

"1|"rT

40

50

60

70

80

90

200
CD

„n

Q.

30

150

J 20

100

3 (psi-in

•I 250
E 40

Z!
CO
—^

10 t-

50
0

0.0

0.5

1.0

1.5

2.0

Crack Growth (mm)
Figure 3. Typical 300°C unloading and R curve used to calculate the J - integral
of 0.25 inch thick LCAC molybdenum and arc-cast TZM plate.
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Table 4. Fracture toughness of 6.4 mm (0.25 inch) thick LCAC molybdenum
and arc-cast TZM plate.
Material

Test
Temperature
20°C
(68°F)

Microstructure
Stress-relieved
Recrystallized

LCAC Mo
300°C
(572°F)
20°C
(68°F)

Stress-relieved
Recrystallized
Stress-relieved
Recrystallized

Arc-cast TZM
300°C
(572"F)

Stress-relieved
Recrystallized

Orientation
Longitudinal
Transverse
Longitudinal
Transverse
Longitudinal
Transverse
Longitudinal
Transverse
Longitudinal
Transverse
Longitudinal
Transverse
Longitudinal
Transverse
Longitudinal
Transverse

Tougl mess
MPa m%
ksi in%
20,20
18, 18
21,22
19,20
18,21*
16, 19
19, 19
17, 17
73,76
66,69
69,77
63,70
59,60
54,55
66,68
60,62
19,20
17, 18
15, 18
14, 16
15, 18
14, 16
18, 19
16, 17
84,99
76,90
88,93
80,85
58,64
53,58
67,67
61,61

* Did not meet the ASTM E-399 thickness requirement.

At 300°C, the fracture toughness of the recrystallized material was similar for
both the LCAC and arc-cast TZM molybdenum ranging from 58 to 68 MPa m'/z
(53 to 62 ksi in72). The toughness of the stress relieved materials, however, was
higher than the recrystallized material for both alloys with the arc-cast TZM
showing the higher overall toughness. The stress relieved LCAC molybdenum
toughness was approximately 74 MPa m/2 (67 ksi in1/a) while the arc-cast TZM
molybdenum toughness was approximately 91 MPa mA (83 ksi in72).

5. Conclusions:
For molybdenum and molybdenum alloys to be considered for applications that
must exhibit fracture resistance, it is necessary to characterize the materials with
respect to toughness. The temperature range between ambient and 1200°C
forms the region of most interest with respect to toughness since it is in this
region that components such as forging dies, metalworking tooling, and furnace
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structural parts must operate. In this investigation, the fracture toughness of low
carbon arc-cast (LCAC) molybdenum and arc-cast molybdenum-TZM alloy plate
were measured at room temperature and 300cC using compact tension
specimens that were fatigue pre-cracked.
At room temperature, regardless of alloy, orientation, or microstructure, fracture
toughness values between 15 and 22 MPa m/2 (14 and 20 ksi in%) were
measured. These K!C values were consistent with measurements by other
authors testing bar stock and employing radial crack orientations. At 300°C, the
fracture toughness of recrystallized LCAC and arc-cast TZM molybdenum were
also similar to one another at approximately 64 MPa n/2 (58 ksi in14). In the
stress-relieved condition, however, the arc-cast TZM toughness of (91 MPa or4 /
83 ksi in%) was higher than the LCAC molybdenum (74 MPa m14 / 67 ksi in1/2).
While it is often thought that molybdenum is an inherently brittle material, the
results obtained here and by other investigators have shown that commercially
available molybdenum has sufficient toughness at room temperature and at
elevated temperatures to be a useful material for load-bearing structural
applications.
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1.

Introduction:

Improvement of existing plasma spraying processes and development of new
ones are associated with considerable problems caused by the difficulty of
experimental measurement of parameters in a high-temperature plasma jet
[1-3]. The use of computer simulation is one of the efficient ways to solve this
problem, which provides the possibility to obtain maximum information about
the investigated process with the minimum of experiments [3]. At present a
special attention is paid to mathematical simulation of the processes of
coating plasma spraying [1-4].
The main purposes of this work were optimisation of plasma spraying
processes and investigation of influence of different parameters and variables
on particles trajectories, final temperature distributions and velocities.
Location of the particle, which has collided with the substrate, is determined
by its diameter principally. Diameter of the particle depends on the way of the
powder preparing and is approximated by Gauss distribution law. Initial
conditions such as position of particle injection and initial velocity of the
particle strongly influence on final particle position, particle velocity and its
temperature at the substrate too.
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2.

Mathematical models and program facilities:

Developed particle heating and moving model consists of the following parts
[5]:
- heat transfer model between the particle surface and the plasma jet;
- particles moving model in the plasma jet;
- calculation of the temperature distribution in the particle with taking into
account evaporation and phase transformation.
All of above models interact between each other. For example, particle
diameter's decrease caused by evaporation influences upon the trajectory of
the particle.
Energy flux acts upon the surface of the particle from the plasma jet. There
are two ways to get warm for the particle: by radiation and by convection.
Convection flux can be represented as following:

p

where Nu is Nusselt number; AS- gas thermal conductivity; dp - particle
diameter; 7ps - temperature of the particle at its surface; Tg - temperature of
surrounding gas.
Problem of convective heat transfer for spherical particles in plasma jet has
been considered in [6,7,8,9]. The form of the expression for Nu-number
depends on ranges of Reynolds's number and can be represented as the
following:

Pru-Jj;
= l.O5Reo-5Pr03;

Re<2

2 < Re < 500

(2)
(3)

Equation (2) is adequate for laminar plasma forming gas flows and equation
(3) is more appropriate for turbulent ones.
The expression for calculation of radiation flux is built with admission that
radiation acts to the surface of the particle. Materials frequently used for
particles are transparent for radiation fluxes, and normally radiation acts not
only on the surface of the particle. But it is very difficult to take into account
this effect. So radiation flux can be written as following:

where sp is normalised emissivity factor; SB - Stefan-Boltzmann constant.
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Total heat flux can be written as:
(5)
Choice of evaporation model strongly depends on pressure of the surrounded
gas. For low pressures it is better to apply Hertz-Knudsen law [10]. Models
based on vaporisation with backpressure are the most suitable for rapid
surface vaporization at atmospheric pressures [11]. Jump condition for
Knudsen layer can be written as following:
(m2

p,

+0.5)e"l2erfc(m)-

/

T_
T.

1 + /T

I

(5)

\2

Y -1 m)

U

12

J

i—Y-lm
--J7V-

1

where y is the ratio of specific heats (/ =5/3 for monatomic gases); P - gas
pressure; Ps- saturated vapour pressure (it can be measured or calculated by
Clausius-Clapeyron equation[12]); Ts - temperature of the particle surface; m
- dimensionless velocity of vaporisation M = uj\jyRT = m^2/y ; M - Mach
number; u - local mean velocity of the flow outside the Knudsen layer.
Equation (5) is adequate only if the flow outside the Knudsen layer is
subsonic. Mach number can't be greater than 1 during the calculation.
For spherical particle, radius decrease as result of evaporation can be
rewritten as:

dr.p

dt

_

(6)

where T and m are from (5); Pp is the mass density of the particle material;
M - molecular mass of the particle.
The second model represents facilities for calculation of the particle
trajectories. Along the plasma jet axis only drag force is taken into account
because all other forces are negligible.
Drag force can be described as following:
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dt

DD

A

'

(7)

ppdp

where Vg is the plasma forming gas velocity (velocity distributions of unloaded
plasma jet based on experimental measurements from literature references
are used in the model); pg - mass density of plasma forming gas; CD - drag
coefficient.
Drag coefficient depends on ranges of Reynolds's number. Authors of [6] and
[13] provide the following equations for CD:
24
Cn= —
D
Re

Re < 0.2

CD =— (l + 0.187Re)

0.2<Re<2.0

CD=— (l +0.11 Re081)

2.0<Re<21.0

^ ^

(-

n

, nnr.

0.62

(l + 0.189Rea<"J

'

(8)

21.0 < Re < 500.0

For solving equation (7) 4-th order Runge-Kutta method has been applied.
In order to obtain temperature distributions at any time layer it is necessary to
solve a transient thermal conductivity equation for spherical geometry with
dT
Stefan conditions. The symmetry condition
- u in the centre of the
particle, and energy flux at the surface (4) have been used as boundary
condition.
Developed model is non-linear and allows taking into account temperature
dependence of the particle material. The difference approximation has the
first order accurate in time and the second order accurate in radius.
The models of particle moving (acceleration) and heating are developed as
part of the global program complex. The program complex contains several
models for simulation of different stages of plasma spraying. It provides
common interface and access to the database for all the models.
During developing of the program complex the advanced technology of the
object orientation programming has been used. The structure of the program
complex is shown on Fig.1.
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The bus is intended for supporting data exchange between all the modules of
the complex including the database, the models and the modules of input and
output data representation. It supplies the models of queried data from the
database or other models. The bus realises control of the monitoring system
and transfers data into it from the models. The bus is the kernel of the
program complex. The program complex has an opened architecture
universal protocol for data exchange. Any other model can be included into
the program complex.
The database contains thermal depending properties of the usually used for
plasma spraying gases and powder materials. It contains temperature and
velocities distributions of the unloaded plasma jets as well. Each data unit has
its own reference were it comes from. The database is completely reduced to
third normal form to exclude excessiveness.
The module of data representation is developed for visualisation of output
and input results. The input or output data can be represented as ordinary
graphic, distributed diagram or by special way. For example, animation of
particle moving and heating in plasma jet, diagram of phase changing,
temperature and velocity distribution in plasma jet diagrams are available.
Some of data units like thermal 2D distributions can be shown by several
ways. For surfaces interpolation Delone's method has been used.
MODULE OF DATA
PRESENTATION

Models \
PARTICLES HEATING !
AND MOVING MODEL

COATING STRUCTURE
FORMATION MODEL

STRESS-STRAIN STATE
IN SUBSTRATE AND
|
COATING MODEL

MODULE OF MATH SERVICES:
- 2D interpolation (Bise)
- 1D interpolation (b-spline)

Fig.1. Structure of program complex
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3.

Simulation results and its discussion:

All the simulation results have been obtained under the following conditions:
the initial particle velocity of 5 m/s; the initial particle temperature of 300K; the
powder flow rate of 3 g/s; the distance between the powder entrance and the
plasma axis of 2mm; the entrance angle of 90°. The thermal conductivity of
AI2O3 and ZrO2+8%Y2O3 as function on temperature is taken from [14].
Specific heat capacity of AI2O3 as function on temperature is taken from [14]
too, and for ZrO2+8%Y2O3 - from [15]. Measurements of temperature and
velocity distributions in unloaded plasma jet have been used from [16] (see
Figs.2, 3).
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Fig.2 Temperature of unloaded plasma jet
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Fig.3 Velocity of unloaded plasma jet
Plasma spraying of AI2O3 and ZrO2+8%Y2O3. Let's consider Figs.4-7. In
these pictures comparative characteristics calculated for two kind of
evaporation models are shown. Particle of ZrO2+8%Y2O3 gets higher
temperatures (Figs.4-5), because its specific heat is less and it has higher
melting point. Temperature gradient is greater in ZrO2+8%Y2O3 because of
less thermal conductivity.
The particle temperature calculated by the Hertz-Knudsen law (vacuum
condition) is the less than the temperature calculated by the model with the
back pressure (atmospheric condition). Such particle temperature behaviour
is determined by the evaporation front dynamics (Fig.6). The evaporation into
the vacuum goes more quickly and the mass flow from the particle surface is
greater. Energy flow to the particle surface doesn't depend on evaporation,
therefore bulk of energy spend on evaporation and less one remains for
particle heating. For real cases the vapour ejected from the particle can
influence on the convection heat
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transfer, but this effect is not taken into account in the developed models. For
the model with back pressure the evaporation starts at the boiling point and
stops when the ambient pressure reaches the saturated vapour pressure. For
evaporation according to the Hertz-Knudsen law the evaporation starts at the
melting point.
Greater velocity of AI2O3 particle is determined by its less mass density.
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Studying of particle diameter influence on the main spraying
characteristics. Spraying simulation results for particle diameters of 20, 40
and 80 urn for AI2O3 calculated by the model with back pressure are shown in
Figs.8-11.
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Fig.8 Particle surface temperature
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The particle of 20|jm and 40um are completely melted (see fig.8). The
particle of 80pm is partly melted than it gets stiff with cold. The melting front
becomes stationary and the solidification front appears, which moves toward
melting one. This tendency is illustrated in fig.9. It is desirable to use
completely melted particles for plasma spraying, which are not completely
evaporated. Evaporation intensity strongly depends on the surface
temperature. So in the order to satisfy all the above requirements it is better
to use 40 urn particles. Particle velocity approximately linearly increases
when the particle diameter
decreases. This behaviour takes place because the drag force rises to the
second power of the particle diameter and the particle inertia rises to the third
power.
4.

Conclusions:

1)
Mathematical model for simulation of powder particle heating and
acceleration in a plasma jet with the particle evaporation and diameter
reduction is developed. Choice of evaporation model strongly depends on
pressure of surrounded gas. For low pressures conditions Hertz-Knudsen law
is applied. For atmospheric pressures developed model is based on
vaporisation with backpressure.
2) An original software with a database for material properties has been
developed for practical realisation of models. The software allows us to
conduct "start-to-finish" simulation of plasma spraying with data transferred
from one model to the other, and independent calculation of separate
models, using the intermediate calculation results stored in the database.
3) With the software developed, the process of stabilised zirconium oxide and
aluminium oxide coating plasma spraying was simulated. Results of model
investigation are showed about reasonable simulation results. For example,
velocity of particles strongly depends of its diameter, the evaporation to the
vacuum goes more quickly and the mass flow from the particle surface is
greater as atmospheric pressure, acceleration and melting of the particle with
diameter 20, 40 urn more intensive than 80 urn, ets.
4) Next stage of models improvement is experimental verification and
transformation for 3D plasma jet simulation.
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PROTECTION OF MOLYBDENUM AND MOLYBDENUM - ALLOY
THIN FILMS AGAINST LOW - TEMPERATURE OXIDADTION
A. SCHINTLMEISTER<+, P. WILHARTITZ*

* Plansee AG, A-6600 Reutte, Tyrol, Austria
+

Institut für Experimentalphysik, Karl Franzens Universität Graz, A-8010 Graz, Austria

Summary:
Molybdenum is an interesting functional material for thin film applications like
electrical connections in thin film transistor flat panel displays (TFT-FPD) or
thin film solar cells (CIS). Despite its advantageous properties, the use of
pure Molybdenum has been restricted mainly because of its low stability
against corrosion in moist air even at room temperature. In this paper we will
show how thin films (< 0,5 urn) of Mo can be protected against low temperature oxidation either by alloying with greater to or equal 10 wt%
Rhenium or by coating with a thin layer of MoO2.
Keywords: Molybdenum, Molybdenum - alloys, thin films, low temperature
oxidation, corrosion protection

1. Introduction:
The high melting temperature, the high electrical conductivity and a thermal
expansion coefficient similar to silicon and glasses make Molybdenum to an
interesting functional material for thin film applications in e. g. integrated
circuits (IC), thin film transistor flat panel displays (TFT-LCD) or thin film solar
cells (CIS). Despite its advantageous properties, the use of pure
Molybdenum has been restricted mainly because of its low stability against
corrosion in moist air even at room temperature.
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The decisive parameters and the mechanisms of the low temperature
oxidation of industrial Mo surfaces have been described elsewhere (1). Due
to their improved corrosion behaviour Mo/Cr and Mo/W alloys are commonly
used in state of the art applications. But the main disadvantages of these
alloys are their higher electrical resistance and their poorer wet chemical
etchability as compared to pure Molybdenum.
In this paper we will show how thin films (< 0,5 urn) of Molybdenum can be
protected against low - temperature oxidation (without affecting the properties
of pure Molybdenum significantly) either by alloying with lower to or equal 10
wt% Rhenium or by coating with thin layers of MoO2.

2. Experimental:
All samples were manufactured by sputter deposition of approximately 250
nm of high purity Molybdenum (4N) on alkali free glass plates with a
thickness of 1mm and dimensions of up to 350 mm x 450 mm or on
commercial 5" Silicon wafers. In the case of the alloyed samples the
Molybdenum to Rhenium ratio was varied between 5 wt% and 41 wt% by the
use of Mo/Re alloy sputtering targets. The protective layers of MoO2, which
had a thickness in the range from 40 nm to 100 nm, were prepared by
successive oxidation of the pure Mo films in oxygen at 250°C to 325°C and
reduction in hydrogen at410°C.
The corrosion behaviour of the samples was investigated in moist air and
deionized water. The oxidation experiments in moist air were carried out in a
climatic test chamber at temperatures from 25°C to 70°C and a relative
humidity of 98%r.h.. The testing procedure with deionized water included
slightly rinsing or ultrasonic cleaning of the samples.
The etching rates were determined at room temperature with an etchant
containing a mixture of phosporic, sulfuric and acetic acid.
Classical and modern surface analytical tools such as Auger electron
spectroscopy (AES), X-ray photoelectron spectroscopy (XPS), scanning
electron microscopy (SEM) and AES-depth profiling have been used to
characterize the samples. Changes in the electrical conductivity have been
determined by the four-point probe method.
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3. Results:
3.1 Corrosion behaviour:
Severe corrosive attack is
observed
on
pure
Molybden-um
films
after
storage in moist air (see
Fig.1 and Fig.2). By alloying
with Rhenium the thickness
of
the
corrosion
films Fig.1: Samples after 72h of oxidation on air in a
climatic test chamber at 40°C and 98%r.h.
decreases almost linearly
with increasing Re contents
(Fig. 2).
No signs of oxidation are detectable on Mo41Re and pure Molybdenum
surfaces if the latter ones are coated with thin layers of MoO2 (Fig.1).
Additionally the MoO2 layers show a protective effect and remain stable in
deionized water (Fig.3).
200

pure Mo

Mo5Re

MoiORe

Mo15Re

Mo20Re

Fig.2: Extent of corrosive attack for different Mo-Re alloys as determined by XPS
and AES - depth profiling after oxidation on air at 40°C/98%r.h./168h
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3.2 Electrical Resistivity:
O pure Mo

Alloying of Molybdenum thin
,]
films results in an increase of „ . .
the electrical resistivity (Fig.4). | "
Comparing
equal
com- | "
positions of the alloys, this 1 ]
effect is for Chromium and s ,
Rhenium much stronger than
for Tungsten. In the case of
the Mo/Re alloys, a linear
relation can be observed c . ,
. . .

D

•»-.,,

„„

,,,, ~ »,„ «.•

Fig.3: Resistivity of pure Mo and MoO2/Mo thin

between the resistivity and the
Re content.

fi| ms after treatment with deionized water

In contrast to alloying, the resistivity of pure Molybdenum thin films is slightly
lowered by coating with thin layers of MoO2 (Fig.3 and Fig. 4).
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Mo20Re

Mo41Re

Mo50W

Mo60Cr

Fig.4: Resistivity of several Mo and Mo-alloy thin films after sputter-deposition
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3.3 Etchability:
Alloying with Rhenium has no significant effect on the etching rate of
Molybdenum in a mixture of phosporic, sulfuric and acetic acid. The etching
process
is strongly slowered by alloying with Tungsten and strongly
catalyzed by coating with MoO2 (Fig.5).
350

pure Mo

Mo5Re

MoiORe

Mo20Re

Mo41Re

Mo50W

MoO2/Mo

Fig.5: Etching rates of Mo and Mo - alloy thin films

4. Conclusion:
The properties of Molybdenum for thin film applications can be improved
effectively either by alloying with lower to or equal 10 wt% Rhenium or by
coating with thin layers of MoO2.

5. References:
(1) A. Schintlmeister, HP. Martinz, P. Wilhartitz, F.P. Netzer:
Proceedings of the 1998 Powder Metallurgy World Congress & Exhibition,
Superhard / Refractory Metals, 526
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Application of High Temperature X-Ray Diffraction as a tool for
material characterisation and product optimisation

P. Ramminger*, R. Tessadri*, R. Krismer**, P. Wilhartitz**
* Institute of Mineralogy and Petrography, University of Innsbruck, Austria
** Plansee AG., Reutte, Austria

Summary
X-ray Diffraction (XRD) combined with insitu high temperature experiments is
a very powerful tool for the characterisation of structural parameters of
industrial materials. Although this method has been known for some decades,
new instrumental developments such as flexible diffracting geometries
(Theta-theta movement), high temperature XRD chambers with
homogeneous temperature distribution and parallel beam optics provide
much better application to a wide range of specimen. Parallel to the progress
in instrumental developments, data processing and evaluation of XRD data
also underwent significant changes due to the development of new
mathematical algorithms and new software packages which allow to gather
more precise sample dependent information.
In addition to the qualitative identification of crystalline phases, XRD patterns
contain a lot of additional information such as crystallite size distribution,
texture, lattice parameters and residual stress.
Insitu thermal observations with the high temperature XRD equipment provide
additional unique information such as temperature-dependent phase
transformations, the thermal changes of structural parameters and changes
of the real structure parameters. Furthermore, insitu cycled thermal exposure
simulates relevant changes in the physical properties similar to industrial
processes.
For optimal data quality, the calibration of the high temperature XRD chamber
and the setup routines have to be established prior to gathering all samplerelated information available.
Industrial-relevant examples for the use of this method will be shown.
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Keywords
X-ray Diffraction, high temperature; parallel beam optics, crystallite size,
microstrain
Introduction
X-ray Diffraction (XRD) is a traditional tool for industrial applications (steeland cement industries) and has been mainly applied for qualitative and semiquantitative analysis. During recent years the extraction of advanced sampledependent parameters and the behaviour of industrial samples during nonambient conditions has become of widespread interest, not only for
fundamental research but also for manufacturing processes and quality
control.
Major changes in the construction of X-ray equipment were made; i.e. theta theta movement of the goniometer and changes of the X-ray beam path like
parallel beam optics which provides flexibility of sample properties, pin-hole
and glass fibre collimators, position sensitive - and 2-D detection systems for
large 2-theta coverage and fast data acquisition.
For simulations of physical operations or phase reaction studies, non-ambient
chambers have been developed for insitu sample characterisation.
Construction of new high temperature (HT) and Low temperature (LT)
chambers with good temperature homogeneity provide the basis for accurate
measurements under non-ambient conditions.
Software developments like advanced profile description methods (Direct
Convolution Approach, Fundamental Parameter Approach) implemented into
user friendly profile fitting- and Rietveld structure refinement software gathers
most of the sample related information accessible. Additional specific
software provides the evaluation of mechanical and/or thermal-induced
impacts due to residual stress of a sample.
The aim of this contribution is to provide information about the setup and
calibration procedure of a modern high temperature X-ray Diffraction system
as well as the measurement and evaluation of HT-data. The procedure
described in this paper is aimed to industrial research on thin film hard
coatings and shows the capabilities of modern XRD analysis in respect to
regular quality control and industrial research.
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1. Experimental setup
For the characterisation of hard coatings thin films, a standard laboratory Xray diffractometer (Siemens D5005) equipped with parallel beam optics and a
high temperature XRD-chamber (Paar HTK-1200) which can be used for
temperatures up to 1200°C. In combination to the HT-appliance, a high
vacuum (up to 5 E-6 mbar) and gas supply station for reaction- and inert
gases has been installed to provide the flexibility of different well defined gas
atmospheres in the chamber in order to prevent uncontrolled reactions such
as oxidation and/or reduction.
Powder diffractometer

Siemens D5005
8 / 8 goniometer, Scintillation Counter
with attached high temperature Chamber
(Paar HTK-1200)

X-ray tube /settings

fine focus Cu anode; 40kV 40mA

Primary

Goebel mirror

parallel beam optics

2nd generation, 2° Soller slit

Secondary

Soller slit

parallel beam optics
Primary slits

0.4 mm
1; 0.6 mm

Secondary slit

2 mm
Table 1: Experimental setup used for HT-characterisation

The experimental setup described above has been chosen for maximum
resolution and flexibility in respect to the sample material for the following
reasons:
• In order to achieve high intensity and fast data acquisition the X-ray
optics and additionally attached equipments have to be perfectly
aligned and adjusted. This is important, because the installation of the
HTK-1200 into the beam path reduces the intensity of the diffracted Xray by approximately 40% due to the X-ray windows of the chamber.
The window material used in this study is made of a flexible capton aluminium composite and withstands internal temperatures in the
chamber of up to 1000°C. For temperatures up to 1200°C a
combination of thin capton - graphite layers is used.
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The disadvantage of the second setup is the low oxidation resistance of
graphite at temperatures above 500°C. In order to avoid graphite
erosion, inert gases such as helium or argon have to be constantly
supplied during application.
• The use of gas-atmospheres in the chamber, may result in significant
intensity losses due to the absorbance of heavy gas molecules. For
example the use of argon reduces the diffracted X-ray intensity by
approx. 95%. Depending on the chemistry of the sample alternatives
like high vacuum (5 E-6 mbar) or helium should be considered.
2. Calibration of the high temperature chamber
The HT-calibration of the XRD chamber is necessary because of the
uncertainties of the heat transfer between the heating coil, the thermocouple
and the chamber itself.
Additional factors such as the oxidation of the coil and/or the thermocouple,
the gas pressure in the chamber, the gas atmosphere, etc. influence the
precision of the temperature measurement.
To guarantee a thermal equilibrium between the HT-chamber and the sample
as well as a homogeneous temperature distribution through out the sample,
low heating-rates should be preferred in general.
Consideration of the thermal response of the applied thermocouple is also
important for the evaluation of the calibration results. The S-type Pt/Pt90Rh10 thermocouple used in this study responds linear in the temperature
range from approx. 350°C up to 1200°C.
Three different kinds of calibrations are commonly used: [1.] measurement of
the linear expansion of well characterised substances, [2.] temperaturedependent polymorphic phase transformations. [3.] observation of welldefined melting points.
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2.1

Temperature calibration due to linear expansion of cubic
materials

This calibration method is based on the isotropic thermal expansion of the
lattice parameter of cubic structured materials during temperature treatment.
The calibration experiments of this study were carried using a platinum disc
(Merck Pt 99,997%, diameter 17mm, 0.1 mm thickness), because of the well
known linear expansion coefficient of platinum and its good high temperature
and oxidation resistance (1). During the high resolution measurements
temperatures where increased in 100°C steps, ranging from 100°C to 1000°C
(heating-rate 0.1 °C/min).
The results of the obtained lattice spacing of platinum fit well to the reference
values of Touloukian et al. (1) are shown in figure 1. The thermal expansion
of the lattice of platinum shows a linear thermal behaviour of the chamber
during firing.
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Figure 1: Comparison of the lattice parameter of Platinum: reference values (triangular) and calibration
experiment (circles) on Pt 99.
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2.2

Temperature calibration due to polymorphic phase
transformations

This calibration method is based on isochemical phase transformation of well
known substances such as SiO2 (Alpha -Beta transformation at 573°C) or
BaCO3 (803°C) at 1 bar. These calibration experiments show the displacive
structural change from the LT- to the HT-modification (2).

Quarz at 573"C; t

A

Breakdown of (1 0 2)
indices at 572° + 2°C

650°C
A

Intensity
Temperature

t-r,
A

572°C

2 Theta

soo'c

Figure 2: Alpha - Beta Quartz transition experiment:
The breakdown of the (1 0 2) of the trigonal Quartz modification was detected at 572°C + 2"C, shown as
surface-plot (Intensity - 2Theta - temperature) and as XRD-overlay plot (Intensity vs. 2Theta).

2.3

Temperature calibration due to melting reactions

This calibration method is based on the melting-point determination of well
characterised substances such as Au at 1064°C, NaCI at 804°C (2). The
exact point of melting is described by the breakdown of Bragg-reflections.
This calibration has not been carried out in this work.
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3. Application of HT-XRD for investigations on chemical reactions
The use of HT-XRD in industrial laboratories is traditionally used for studying
iso- or allochemical phase reactions. This has important implications for
studying certain questions of reaction kinetics, such as thus a reactions
proceed continuously or discontinuously, or thus a reaction proceeds directly
form reactant to products or forms stable or meta-stable intermediate productphases. The final goal is to establish the stability field in dependence of
temperature (T), sample chemistry (X) and fugacity (F) of the gas phase
present in the chamber.
An example of a reaction involving solid and gaseous phases is the reaction
of
Zr + O2 => ZrO2 Baddeleyite

MO

Lin i

£00

•>

•
r

o

1

I

600°C

1

520°C

i

450°C

i

2-Thela - Scale

Figure 3: Oxidation experiment of an zirconium-sheet shown as overlay-plot ranging from 450°C - 600°C,
temp-steps 10°C; The formation of Baddeleyite was established at 520°C ± 10°C in this experiment.
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4.

Determination of real-structure and crystallographic data

The study of chemical reactions and phase transformations as shown in
figure 3 is capable to provide a lot more information than transformationtemperatures since comprehensive treatment of XRD-data provides realstructure information (crystallite size, microstrain, residual stress) and
information about the crystallographic parameters of the specimen during HTtreatment (i.e. observation of the recrystallisation process during heating
and/or cooling).
The extraction of lattice parameters (i.e. figure 1; determination of the thermal
induced expansion of platinum) from XRD-patterns can be carried out easily
using various software packages. Even more sophisticated information (i.e.
structural refinement of atomic coordinates) can be calculated from the XRDdata-sets by using Rietveld-based algorithms (3).
However, in order to determine real-structure parameters like size of the
crystallites and the microstrain of a crystalline sample, a close description of
the obtained peak shapes and the instrumental contribution of the observed
pattern is necessary.
Although there are a lot of software packages, which are capable to describe
the sample dependent information sufficiently, the new profile fitting software
module TOPAS (Bruker-AXS) is an exciting development for industrial
research, since it is based on a powerful mathematical algorithm and has the
advantage of an easy to learn and intuitive handling.
4.1. Theoretical background
The enduring development of X-ray diffractometers allows to evaluate the
sample specific information on a very high level of precision. To maintain this
grade of performance, new advanced mathematical methods are necessary
to describe each observed peak shape as close as possible. These methods
define an instrumental function which is used to derive the instrumental
contribution to the peak profile of an unknown substance. Based on the
determination of the instrumental contribution, sample contributions like
crystallite size, strain, microstrain can be extracted.
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4.2 Parametrisation of the instrumental contribution
The description of the instrumental function is important regardless of the
profile fitting methods applied. This instrumental contribution can be
calculated in the case of Bragg-Brentano geometries and fundamental
convolution based approach for the individual instrument (4).
The basis for this approach is the strict separation of the instrumental
contribution, the contribution caused by the X-ray source and the sample.
This is performed by using a pool of well defined aberrational functions for the
description of the instrument. These aberrational functions are included in
Fundamental Parameter Approach (FPA) based Software modules like
TOPAS.
Due to the widespread use of new X-ray geometries (parallel beam optics as
used in this study), this convolution based profile fitting method has to be
adapted.
In order to derive a unique instrumental function for non-Bragg-Brentano
geometries, CeO2, LaB6 and Y2O3 were used as experimental standards,
because they do not contribute any crystallite size, strain and microstrain to
the observed peak profile. Thus the experimentally gathered XRD-pattern
reflect the contribution caused by the instrument and the X-ray source.
In a second step the aberrational functions provided by TOPAS are
convoluted over the peak profile of these idealized specimen profiles to obtain
the instrumental function.
In addition, the obtained function strongly depends on the X-ray optics and
wavelength characteristics used and has to be adopted whenever one of the
components is changed.
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4.3. Preparation of reference samples
For determination of the instrumental contributions, well described
substances are needed which are nearly perfectly crystallized. Such an ideal
substance does not introduce any additional contributions to the instrumental
profile function such as domain size broadening caused by crystallite size,
strain, microstrain and lattice defects to the peak profile. Three substances,
cerium oxide (CeO2), Yttrium Oxide (Y2O3) and lanthanum hexaboride (LaB6)
which meet the requirements for a accurate determination of the instrumental
breadth were used in the present study .

substance

Formula

approx. crystallite size

approx. crystallite size

approx. strain

[ran]

[nm]

Lorenzian Value

Gaussian Value

LaB6

-1000

-300

-0,001

Cerium Oxide

CeO2

-1000

-1000-2000

-0,001

Yttrium Oxide

Y2O3

-1000

-400

-0,001

Lanthanum
Hexaboride

Table 2: Reference substances used for parametrisation of the instrumental function

In order to minimize microstrain and the number of lattice defects (crystallite
size), Cerium Oxide and Yttrium Oxide were annealed at 1600°C for 7 days in
a platinum (Pt95Pd5) crucible using a muffel furnace. To suppress the
introduction of strain as a result of cooling after the heat treatment, a cooling
ramp of TC/min was applied to decrease temperature from 1600°C to 300°C.
After reaching a temperature of 300°C, the crucible was removed from the
furnace and stored in a desiccator for further cooling-down to room
temperature. As a result of the heat treatment, Y2O3 and CeO2 sintered to
form lumps. This required subsequent grinding in a agate-mortar with
minimum pressure applied, to prevent the introduction of additional strain.
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4.4 Evaluation of the parametrisation procedure
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Figure 4: The XRD-pattern show the profile description of LaB6 (left peak), CeO2 (middle peak) and Y2O3
(right peak) by the obtained instrumental function. The close fit to the observed peak profile is documented
by the small difference plot (x-axes).

As shown in figure 4 (detail-B) the LaB6 -reflex at 30.44 °2Theta; (1) marks
the observed peak profile. The calculated fit-profile (2) indicates a severely
misfit due to a wrong instrumental function. This clearly shows that a correct
parametrisation is necessary for a full describtion of the peak-profile, when
using non-Bragg-Brentano geometries and the fundamental parameter
approach.
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4.5 Application of the instrumental function for the evaluation of
real-structure parameters

2-Theta - Scale
Figure 5: This HT-experiment shows the recrystaliisation of hard coatings during temperature treatment. The
decrease of peak-broadening with increasing temperature indicates the changes of real-structure parameters
with temperature, (for example detail A: increase of crystallite size ranging from 6 nm at 300°C up to 22 nm
at 800°C).

5.

Conclusion

Using modern X-ray powder diffractometers with high Temperature
equipment, unique information can be achieved by insitu thermal observation.
This combination enables the determination of thermal changes in
crystallographic expansion, real structure parameters and phase kinetics.
Furthermore, insitu cycled thermal exposure simulates relevant changes in
physical properties during the production and application.
To achieve high quality results in routine analysis, an exact temperature
calibration of the HT-chamber has to be performed. Furthermore, the
knowledge of the precise instrumental contributions is fundamental for the
extraction of crystallographic and real-structure data.
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This work has shown, that the new possibilities of HT-diffraction are
interesting improvements for industrial research. The integration of this
method into the analytical routine of process- and quality control, makes it
necessary to adopt certain aspects for quick and easy data-evaluation.
Nevertheless, the results prove that the experimental setup used is capable
of resolving slight structural differences, which allows to apply this method of
characterisation in a wide range of industrial and scientific tasks.
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PRODUCTION AND CHARACTERIZATION
OF ULTRAFINE WC POWDERS
Andreas Bock and Burghard Zeiler
Wolfram Bergbau- und Hüttengesellschaft mbH NfG KG, St. Martin, Austria

Abstract:
The conventional Calzination-Reduction-Carbuhzation (CRC) process offers
the potential to manufacture commercial WC powders with median SEM grain
sizes below 0.5 urn (ultrafine grades). Strict process control and a high
degree of automation have led to increased powder uniformity and high lot-tolot reliability. The high potential and flexibility of the CRC process is shown by
the development of tailor made WC powders with regard to subsequent alloy
manufacturing. R&D powders have successfully been processed in full-scale
units exhibiting SEM grain sizes of 0.15 - 0.20 urn. This paper discusses the
powder characteristics of various ultrafine WC powder grades, stemming from
the conventional CRC process. Analytical characterization include also fieldemission SEM, bright field TEM, EDX analysis and XRD-line broadening.
Keywords:
tungsten carbide, ultrafine, CRC-process, characterization

1. Introduction:
The outstanding success of ultrafine cemented carbides -exhibiting median
WC grain sizes between 0.1-0.5 urn in the sintered alloys-, is based on their
unique combination of material properties [1]. Hardness, wear resistance
against attrition and abrasion, alloy strength / rigidity and resistance to
chemical wear are optimized in order to meet the demands in many different
fields of application, e.g. pcb drills, extruded parts for metal drilling, wood
machining, wear parts or cutting blades [2].
Today, the hard metal industry has gained knowledge to utilize the potential
inherent to ultrafine alloys. Individual powder producers and alloy
manufacturers have specialized on this type of alloy. In close contact to each
other, both have developed carbide powders grades tailor made for further
alloy processing.
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Today's demands for ultrafine carbide manufacture are driven by the
necessity to meet the desired alloy properties and to enable proper powder
characteristics for alloy processing:
• Optimal combination of hardness, toughness and strength linked with low
residual porosity, high alloy purity and strict avoidance of carbide
heterogeneities constitute the basis.
• Manifold demands arise from alloy processing itself, e.g.: uniform particle
dispersion during WC+Co powder milling, suitable sinter activity (as
indicated by alloy densification, densification rate in every stage of solidand liquid phase sintering, uniform diffusion of binder in the ultrafine
carbide matrix) and controlled carbide grain growth behavior (as
determined by carbide structure, doping respectively doping procedure of
Cr, V, Ta and carbon balance throughout processing).
It is important to notice that these trends also contain several conflicting
demands: e.g. high sintering activity versus low growth tendency in case of
low binder alloys, or increasing hardness combined with low shrinkage.
The aim of this paper is to discuss the intrinsic powder characteristics of
standard ultrafine WC powder grades and the potential and flexibility of the
CRC process in order to develop tailor made products.

2. CRC Process (Calzination-Reduction-Carburization):
The most challenging task for powder producers is to develop carbide grades,
which are tailor-made for the respective conditions during further alloy
processing. Thus ultrafine carbides decisively vary with regard to their SEM
particle size distribution, defect structure of the WC grains or distribution of
grain growth inhibitors (e.g.: chromium and/or vanadium). Among others,
such powder properties constitute the sintering activity of the carbide and
have to be built in already during the reaction path "tungsten oxide to ultrafine
carbide powder". This is achieved by control of powder structure and powder
dispersion, even in the first reaction steps, grain size and size distribution,
monitoring of trace elements, appropriate addition of growth inhibitors and
strict avoidance of impurities [3-8].
Automated or semi-automated processes and stringent control of processing
conditions (Fig.1) constitute the basis for a high lot-to-lot reliability and to
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build-in the desired carbide characteristics. Both factors are necessary in
order to enable a stable alloy production and to minimize undesired effects of
slight deviations during further alloy processing.

Figure 1: Modern CRC process based on a high degree of automation
enabling high lot-to-lot reliability
The constitution of ultrafine carbides is determined by the powder
agglomeration, the particle size, grain size and the crystal defect structure
(Fig. 2). Furthermore powders have to show a high chemical consistency, e.g.
local carbon balance, absence of subcarbides, uniform distribution of
additives.
FESEM image

0.1

*•.«

defect structure

•,

Figure 2: FESEM and bright-field TEM image showing the physical
constitution of ultrafine carbides
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3. Experimental Setup and Powder Characterization:
The experimental setup of this study can be summarized by Figure 3, which
shows a plot of BET specific surface area versus FSSS grain size of ultrafine
carbides investigated. Carbides cover a broad range between 1.5 to 2.8 m2/g
BET surface area.
•

Carbides designated CRC 025 and CRC 020 indicate ultrafine standard
grades. In this case tailor-made carbides were selected in order to
evaluate their intrinsic properties.
• Special applications, e.g. wear parts for extreme abrasive conditions, push
a trend towards even finer carbides, as characterized by specific surface
area (carbides up to 2,8 m2/g).
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Figure 3: BET specific surface area versus FSSS grain size of ultrafine
carbides investigated
Conventional powder characterization still is a powerful tool in order to
evaluate the consistency of an individual carbide lot. However previous
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studies [9] already indicated the limitations regarding determination of FSSS
grain size or grain size distribution measurements due to inherent principles
(e.g. detection limit in the ultrafine particle range; assumptions used for
calculation of size distribution).
Thus the BET surface area measurement is gaining more importance for
routine analysis and production control. BET grain size can be calculated by:
c

BET grainsize [|am] =

15.6 * BET surface area [m2/g]

Based on measurement of minimum 300 particles FESEM particle size is
given by [9]:
,_,_„,_.„

,. .

.

r

,

F E S E M particle size [|j.m] =

sum of diameter fd(i)-d(j)]
1
~~^
^
total number of particles

FESEM particle size distribution was calculated by:
sum of diameter [d(i)-d(j)]

Frequency[%] = sum of particle diameter of all measured particles

Bright field TEM and EDX analyses were carried out with a Philips CM20.
XRD-line broadening was derived from measurement of the crystallographic
planes [100] and [001]. A Lanthanhexaboride standard (NIST SRM660) was
used for measurement of the instrumental width.

4. Standard Ultrafine Powder Grades
Recent developments in the area of standard ultrafine grades were first of all
driven by the need to control the sinter-activity and grain growth tendency of
ultrafine carbides. Table 1 shows the basic powder characteristics of CRC025
and CRC020, both in the case of the undoped or the chromium-vanadium
doped version.
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Designation:
FSSS grain size [jjrn]
powder as supplied
BET specific surface area
fm2/gl
BET calculated grain size
Turn]
total carbon \%]
free carbon [%]
VC [%1
Cr3C2 [%1
A!
Ca
Co
Fe
Mo
Ni
O
S
Si

CRC025
WC 06

CRC020
WC05

0.63

0.64

0.55

0.56

1.71

1.52

2.03

1.95

0.22
6.12
0.03
undoped
undoped

900 ppm

0.25
0.19
6.17
6.09
0.03
0.03
0.1-0.5
undoped
0.1-0.5
undoped
typical <' 5 ppm
typical •i 2 ppm
typical •i 5 ppm
typical 20 ppm
typical<20 ppm
typical<; 5 ppm
1030 ppm 1080 ppm
typical <= 5 ppm
typical <10 ppm

0.20
6.19
0.02
0.3-1.0
0.3-1.0

1450 ppm

Table 1: Standard ultrafine WC powder grades CRC025 and CRC020

Field emission secondary electron microscopy (FESEM) has gained
increased importance in order to characterize the particle morphology and
true particle size (see Figure 4). For CRC 025 the FESEM particle size is
~0.30um, for CRC 020 the FESEM particle size is ~0.25um.
The comparison of FESEM particle size with the calculated BET grain size
(Figure 4) shows a close correlation; the FESEM particle size being slightly
higher. This difference can be explained by the polygonal morphology of
tungsten carbides and surface roughness.
FESEM particle size distribution provides additional, valuable information, as
shown in Figure 5. Although the BET grain size is 0.20 urn in both powders
designated CRC020, the frequency of fines in the range between 0.1-0.2 urn
can vary significantly. A higher frequency of fines can be advantageous in
order to increase the sinter activity/densification rate (at low sintering
temperatures during solid state sintering) or to enable slightly higher
hardness at maximum grain growth inhibition.
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CRC025

1

WC06 doped

BET surface =
BET calc. grain size =
FESEM particle size =

CRC020
WC05 doped

1.52 nfVg
0.25 urn
0.30 urn

BET surface =
BET calc. grain size =
FESEM particle size =

1.95 nrVg
0.20 urn
0.25 um

Figure 4: FESEM imaging and comparison of FESEM particle size with
BET grain size in case of CRC025 and CRC020
25%

20%

.5 15%
>>
u
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Figure 5: Variation in FESEM particle size distribution for CRC020
showing distinct variations in amount of fines (0.1-0.2 urn]
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Typical defect structures proved to be twins or stacking faults; only a minor
amount of dislocations were detected (Figure 6). XRD-line broadening
provides an additional method to detect grain defect structures:
• CRC020:
XRD line broadening of [001]: 0.20-0.22 °
• CRC025:
XRD line broadening of [001]: 0.17-0.20 °
However it is still not clarified, if such low energy grain boundaries do have a
significant effect on grain growth tendency during subsequent alloy sintering.

0.2

Figure 6: Typical occurrence of twinning or stacking faults observed
by TEM imaging

In case of predoped carbide powders it was postulated that Chromium can
be uniformly distributed at the WC surface if Chromium is added already
during powder processing. Long lasting experiences showed a more uniform
grain growth restriction during alloy processing.
EDX analysis (see Figure 7) gave clear evidence, that Chromium is
preferably present at WC/WC grain boundaries even in the interior of
polycrystalline particles or in necks between carbide particles. No Chromium
was detected in the interior part of carbide grains by EDX.
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EDX analysis

Grain boundary
Figure 7: Results of EDX analysis indicating that Chromium is present
at WC/WC grain boundaries and necks

The agglomeration and structure of carbide particles (mono-polycrystalline)
plays an important role for WC + Co powder dispersion and the growth
behavior during sintering. CRC process is successfully used to alternate the
powder structure.
An example is presented for CRC020, both powders showing comparable
median BET grain size and FESEM particle size (see Figure 8). However
TEM investigations showed clear differences: The first carbide consists
mainly of polycrystalline carbides, whereas the second carbide typically
shows a high particle dispersion.
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CRC020 doped
BET surface area =
FESEM part, size =

1.95m2/g
0.25 urn

1 um CRC020 doped
BET surface =
FESEM part, size =

1.95 m2/g
0.26 urn

0.2 urn
Figure 8: Variation of the carbide structure (poly- or monocrystalline)
in the case of CRC020
Furthermore TEM investigations (presented in Figure 9) revealed that the first
carbide (left) showed frequent occurrence of stacking faults; areas with low
amount of defect structures were more often detected within the second
carbide (right).
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0.1 um
Figure 9: Variation in the amount of defect structures present in
CRC020 carbides showed in Figure 8

5. Development Grades CRC015
Special applications, for example in the area of wear parts, set the demand
for Carbide grades with BET specific surface areas higher than 2.4 m2/g.
Carbides exhibiting calculated BET grain sizes of 0.15 urn were produced in
full scale units via the conventional CRC process (see Table 2).
Designation:
FSSS grain size [urn]
powder as supplied
BET specific surface area
[m2/gl
BET calculated grain size
fl-iml
total carbon [%]
free carbon [%l

vc r%i

Cr3C2 [%l
0

Table 2:

CRC015

CRC015

0.49

0.49

2.43

2.83

0.16
6.11
0.01
0.3-0.6
0.3-1.0
1810 ppm

0.14
6.15
0.05
0.3-0.6
0.3-1.0
2800 ppm

Powder characteristics of carbide grades CRC015
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The comparison between CRC 020 and CRC 015 (Figure 10) clearly shows
the decrease in carbide particle size. FESEM particle size distribution
measurement reveals a median particle size of 0.18um and a very uniform
size distribution.

%'

CRC020
BET surface =
BET calc. grain size =

1.95 m2/g
0.20 urn

1 pm

CRC015
BET surface area =
BET calc. grain size =

2.83 m2/g
0.14 |jm

0,1

10
FESEM diameter [[im]

Figure 10: FESEM image and FESEM particle size distribution for
CRC015 compared with CRC020
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Again TEM was used to characterize the intrinsic carbide structure of
CRC015 (Figure 11). However the limits of TEM became obvious:
• The structure of WC/WC grain boundaries in the interior of particles and
agglomerates was not characterized so far. High resolution TEM might
provide a possible solution. However an interpretation would be needed, in
order to determine the effective carbide grain size for subsequent alloy
production. The question is, which kind of grain boundaries will be
penetrated by the cobalt binder phase during sintering thereby reducing
the effective grain size, and which grains are not separated and
recrystallize during sintering.
• Local inhomogeneities, which are relevant for carbide growth processes,
can also not be characterized in an appropriate way; e.g. carbon, inhibitordistribution.

0.2 urn
Figure 12: Bright field TEM image of grade CRC015
A sintering test with inhibited grain growth might provide an additional tool to
characterize the potential inherent to a carbide grade. 10wt% Co alloys were
produced by conventional liquid-phase sintering at 1420 C. Alloys were
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doped with rather high amounts of chromium- and vanadiumcarbide. The
maximum coercivity of the alloys was measured and plotted versus BET
specific surface area (Figure 13). The increase in maximum coercivity is
directly linked to the BET surface area.
600
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BET specific surface area [rrvVg] of carbide

Figure 13: Maximum coercivity [Oe] of WC/10wt%Co alloys doped with
VC (>1wt%) and Cr3C2 (>0.5wt%)
BSE imaging of polished sections, etched by hydrofluoric acid, again shows
the decrease in carbide grain size from CRC 025 to CRC 015. The estimated
sintered carbide grain size of CRC015 is comparable to the FESEM particle
size of the powder (0.15-0.20um). The mean linear intercept length was so
far not characterized but for geometrical reasons must be clearly below
0.15 urn.
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CRC020

CRC015
CRC01S

max. coercivity = 443 Oe

max. coercivity = 465 Oe
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^,®K^

Figure 14: Microstructures of WC/10wt%Co alloys doped with VC
(>1wt%) and Cr3C2 (>0.5wt%) - BSE image of HF-etched
polished sections

6. Summary
Ultrafine carbides are still of major interest to the alloy manufacturers. At a
BET surface area between 1.5 to 2.9 m2/g the FESEM particle size is in the
range of 0.18 to 0.30 urn.
• The FESEM particle size can be varied in order to increase the amount of
fines (fraction of 0.1-0.2 urn) at a given median BET grain size.
• The structure of particles can be decisively changed: monocrystalline or
polycrystalline built-up and variations of the internal defect structure were
analyzed byTEM imaging.
• Chromium as an important grain growth inhibitor can be uniformly
distributed at carbide/carbide grain boundaries, as was shown by EDX
analysis.
Sintering tests with inhibited grain growth were used to characterize the
potential inherent to CRC powders. The finest grades CRC015 showed a
maximum coercivity of 560 Oe (WC-10wt%Co).
The potential and flexibility of the CRC process combined with it's high lot-to
lot reliability are successful tools in order to meet the demands of ultrafine
hard metal manufacture.
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Hardmetals - Microstructural Design, Testing and Property Maps

B Roebuck, M G Gee and R Morrell
NPL Materials Centre
National Physical Laboratory, Teddington, Middlesex, TW11 OLW, UK

Summary
The production of WC/Co hardmetals and their analogues is often considered
to be a mature technology. In recent years however there has been a
considerable amount of stimulating research where the concepts of
microstructural design have been used to produce alternatives to the
conventional two-phase structure. The potential of microstructural design is
reviewed, particularly the possibilities of performance improvement via
changes in size, shape and distribution of the phases. For example, ultrafine
grained materials are key technology drivers and pose severe measurement
challenges.
Hardmetal technology is also well served by established and standardised
laboratory bench-marking property tests such as hardness, magnetic
properties, density etc. Recently there has been extensive activity in a
number of performance-related testing areas such as wear, fracture and
fatigue. These are also reviewed, bearing in mind their ability to discriminate
between the effects of differences in microstructural design.
Finally, the concept of property mapping is introduced as a tool for providing a
framework for optimising properties. Their utility in correlating performance
properties and their relationships with microstructural parameters is
evaluated. Their potential for quantifying the differences in properties that
unconventional microstructures might offer is also discussed.

KEY WORDS: Microstructure, Design, Property Maps, Fatigue, Wear.
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1

Introduction

Hardmetals, cermets and other sintered hard materials are used in a very
diverse range of applications. The use of hardmetals is a mature technology.
Industry is currently well served by a range of baseline established
standards [1] which, if properly followed with good attention to correct quality
procedures, will ensure consistent products. However, even with these
standards it is essential to have a full understanding of the effects of test
method variables.
For example, process dependent grinding stresses
introduced during testpiece preparation can change apparent bend strength by
up to 100% [2]. Consequently, laboratory benchmark testing is vital, in
particular for:
•
•

Characterising structural effects
Comparing materials

•
•

Quality control
Quantification of properties

Industry and supporting research organisations now use a wide variety of tests,
some of which are standardised and of longstanding pedigree, for example,
density measurements. Others, that are thought to be relevant and fairly well
understood have some limitations, such as bend testing (transverse rupture
tests). Finally, there are research or in-house methods, and it is significant that
many of the properties which have a strong influence on the performance of
hardmetal products, such as corrosion, fatigue, impact, wear and high
temperature strength and toughness, are often measured, but not always by
standard test methods.
Key microstructural parameters self-evidently control material properties and
thus influence the interpretation of the results of test methods. New hardmetals
based on WC/Co are evaluated by industry on a continuous basis, particularly
to examine new grades of powders, powder mixes and compositions. New
materials need to be benchmarked against conventional materials for basic
properties such as hardness, wear resistance and toughness. This task is
lengthy and frequently difficult because of the lack of good data from validated
measurement methods by which to make the comparisons. For this purpose
two types of property map are discussed: one where the property is plotted
against a microstructural feature such as WC grain size or Co binder phase
content and one where different properties, such as hardness and toughness
are mapped against each other.
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In summary, the paper comprises sections on
•
•
•

Microstructural Design
Recent developments in testing
Property maps

and underlines the importance of baseline understanding for the interpretation
of new materials.
2

Microstructural Design

WC/Co hardmetals are generally manufactured to comprise two phases, WC
and Co, where Co is an alloy of Co-W-C and WC is stoichiometric. WC/Co is a
pseudo-binary section in a three component system (W, C and Co). If the
processing conditions are such that the carbon content is either too high or too
low then other phases are present in the structure, i.e. graphite when the C
content is high and eta-phase (a mixed Co, W carbide) when the C content is
low. The structure of two phase WC/Co hardmetals is conventionally defined
by these key parameters:
•
•

Grain size of the WC phase
• Co binder mean free path
Volume (or wt) fraction and composition of the Co binder-phase

There are no standards for the definition of feature size in hardmetal structures.
In their absence the number average linear intercept is used both for the WC
grain size and the Co binder-phase mean free path, as measured on 2-D
polished and etched sections.
The current most important driver in microstructural design is the reduction in
WC grain size. Powders in the nanometre size range are available. The
technological challenge is to maintain this small crystal size in the sintered
product. Property maps (see section 4) indicate that there are substantial gains
to be made in abrasion resistance and hardness from a reduction in the grain
size. It is imperative to develop suitable methods of characterisation in order to
validate the model predictions. However, there is considerable difficulty in
measuring the grain size when the crystals are sub 0.1 |j,m. Co mean free path
and distribution play a crucial role in providing adequate toughness in
conventional WC/Co hardmetals and some consideration should be given to
this parameter when developing ultrafine grained structures.
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Fig 1 Co and WC measured and calculated intercept distributions in ultrafine
grained structures.

In conventional hardmetals the Co intercept (mean free path) distribution is
linked to the WC intercept distribution [3]. This is shown in Fig 1 where a plot is
given of a measured WC intercept distribution in a 10%Co ultrafine grained
hardmetal plotted as number probability against log intercept size compared
with a calculated Co intercept distribution. It can be seen that as the mean
value of the WC intercept distribution decreases it is not possible to maintain
similarity in Co mean free paths since the Co intercept values at the lower end
of the distribution are not physically realistic when the calculated size is less
than atomic dimensions. Even at the scale of 10 nm the properties of Co are
unlikely to be similar to those of larger domains. A change in the morphological
relations between the WC and Co can thus be predicted and this will clearly
impinge on the properties in ways which have yet to be determined. There are
added implications for the use of magnetic techniques, such as coercivity, for
the quality control of structure and further work is needed to evaluate binder
phase distribution as well as the measurement of WC grain size in these nano
and ultrafine grained materials.
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Stoichiometric
or Solid Solution
(W,X)C

Dislocation
Structures

Layered
Structures

Gradient Solid
Solution

Fig 2 Schematic diagram of intrinsic microstructurai parameters.

Many of the key strengthening and toughening methods common to physical
metallurgy, such as solid solution strengthening, phase transformations,
precipitation hardening, etc, have been used in the development of WC/Co
materials. These can be divided into intnnsic and extrinsic structure-related
mechanisms.
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Intrinsic factors relevant to the WC phase [Fig 2] can include:
Solid solution
Orientation
Dislocation
structures

Nanoreinforcement

Precipitation
Multiphase or
layered or core/rim
structures within
individual crystals

- e.g. Mo, which can partition between binder and
hard phase.
- the hardness of individual crystals can vary by a
factor of 2, dependent on orientation.
- recent high pressure studies [4] indicate that
beneficial mechanical properties may accrue
from changes in the internal dislocation structure
(twins, stacking faults, tangles).
- the principles adopted by the ceramic
community (additions of nano-sized carbides,
oxides, nitrides etc) to increase strength. Either
at boundaries or intragranular.
- a hardening mechanism not yet evaluated in
WC.
- perhaps taking advantage of epitaxial growth
between similar crystal structures (TiB2/WC etc).

Intrinsic factors applicable to the binder phase could be:
Solid solution

- alloying by W and C well understood. Other
elemental additions (Ni, Ru, Fe, Cr, Mo and
combinations) are fairly well understood but
there is more scope for tailoring properties to
performance (corrosion, fatigue, etc).
Precipitation
- Co3W in low C WC/Co hardmetals; science
reasonably well understood.
Phase homogeneity - fec/hep; difficult to control independently of other
and transformations
parameters. Martensitic structures in Fe-based
binders.
Multiphase
- Ni alloy gamma/gamma prime (y/y') analogues;
structures
some science developed but Co-Ni(X) y/y'
structures less well understood.
Intermetallics
- Aluminides investigated but other types could
merit evaluation.
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Clearly there are many possibilities either individually or in combination. Most
of these mechanisms predict higher strengths to different degrees [5] but less is
known of the potential changes to toughness. At this stage in the evolution of
predictive composite microstructural design it is still necessary not only to
measure the toughness of structures with altered states but also to be able to
compare them with baseline properties. For this purpose materials with single
phase WC and a Co(W,C) alloy intermediate between the graphite and etaphase fields should be used.
Extrinsic mechanisms follow from the principles of composite engineering,
either on the level of individual phases or with more macroscopic multi-material
morphologies. At the level of the individual phases, e.g. WC and binder, the
two most important factors are shape and distribution, although in principle it is
difficult to independently change the relevant parameters for each phase as
there are space filling constraints on the binder phase.
The unconstrained shape of single crystal WC is a truncated trigonal prism of
aspect ratio dependent on the chemistry of the growth conditions. Two
dimensional sections observed in conventional micrographs are typical of
triangular (basal plane) or prismatic sections through these shapes. It has been
shown in both WC/Co and WC/Ni systems that either more platelike crystals
[6,7] or more rounded shapes [8] can be developed that result in shifts in the
hardness/toughness map either through constraints on the crack morphology in
finer grained materials or through changes in the binder-phase size distribution.
This would appear to be a fruitful area for further research, as is demonstrated
by other papers in this 15th Plansee Seminar [9,10].
With regard to size distribution there are two key aspects:
•

changes in feature distribution width (either WC, binder or both) in a
monotonic sense

•

size mixes of definite modality (bimodal, multimodal, etc) [11,12]; again
either for WC and/or binder.
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Schematic diagram - composite architectures.

In many cases what appear to be bimodal structures to the eye are difficult to
quantify as such using image analysis and the measured distribution can be
monomodal, but of wide dispersion. Clearly the issue here is the development
of agreed methods of characterising the feature distribution parameters - for
both carbide and binder, particularly for the definition of uniformity of size
[11,13]. A further aspect of distribution is that of clustering. In principle this can
be assessed through measurements of nearest neighbour distances or perhaps
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through the more traditional parameter of contiguity in hardmetals. However,
this parameter may not be easy to manipulate independently of changes in
other features, but it should not be overlooked as it may play a significant part
in controlling strength and fracture [14].
Other types of extrinsic factors affecting microstructural design are multimaterial
composite architectures (Fig 3). These can work at many levels, from scales of
5-10 grains up to dimensions of millimetres. The possibilities are many, and
are limited only by the imagination and practical feasibility, but could include the
classic particulate, fibrous and laminated structures familiar to polymer
composite technologies. In this case the matrix/reinforcement couples can be
metal/hardmetal; hardmetal/metal or hardmetal/hardmetal.
As well as
bimaterial types, multimaterial contributions are theoretically possible. Good
examples of the particulate type are the Fang et al [15] metal/ hardmetal and
Newcomer [16] hardmetal/hardmetal structures. Since one can use powder
metallurgical techniques to vary the microstructural features on both a
microscopic and macroscopic scale over extremely wide ranges the scope for
new research is very considerable. These principles have been used recently
by Berns et al to develop ferrous-based multi-materials [17] with enhanced
hardness/toughness characteristics. The driving force as always is to move the
hardness/toughness combination away from the relations that define
conventional materials, either by increasing toughness at equivalent hardness
or increasing hardness at equivalent toughness [18]. Hybrid and graded
materials fall also within this class and here measurement techniques are
needed for assessing the spatial variation in mechanical behaviour as well as
interpreting the overall response of the structure. In these materials the global
mechanical response will be greatly influenced by the anisotropy of local
properties, from the level of the WC crystals upwards in scale. Understanding
this anisotropy in behaviour and its scale dependence is therefore a
fundamental requirement in the development of materials with macroscopic
composite architectures.
3

Developments in Testing

The technologies for testing hardmetals continuously evolve. Two test
techniques are selectively reviewed to illustrate the development of test
methods, the interpretation of test results and their relevance to property maps.
•

S-N Fatigue

•

Abrasive Wear
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This choice follows the necessity to develop test methods that are cost effective
and have wide applicability in the selection of suitable materials. Abrasive wear
is discussed because a single expression can be derived relating abrasion to
hardness that is useful in property mapping. By way of contrast S-N fatigue is
discussed because it provides an example of mechanical behaviour that is less
straightforward in this respect.
3.1 Fatigue tests
Many different kinds of tests method have been used to investigate the fatigue
behaviour of hardmetals including fatigue crack growth, compression, tensile,
S-N and contact fatigue modes. However, the most developed method in
recent years has been that applied by the Erlangen group [19] using an S-N
approach to establish a fatigue life for different hardmetals. However, their
apparatus is rather specialised and not obviously amenable to wider use.
Consequently at NPL we have investigated the use of V-notched testpieces to
obtain S-N data through R > 0 bend tests using a straightforward, more
commonly available, bend jig.
Rectangular testpieces are diamond ground and then V-notched [2] at the
centre of one of the faces to a nominal depth of 1 mm using a 0.5 mm radiused
diamond resin-bonded wheel. The notched testpieces are annealed at 800 °C
for 1 h in a vacuum to relax residual stresses. Notched S-N fatigue bend tests
are performed in a test jig with a span of 30 mm.
Typical results for two hardmetals are shown in Fig 4 and they confirm
correspondence with results from the Erlangen group underpinning the typical
S-N type behaviour of hardmetals and the ability to discriminate. However, a
key issue is how many tests need to be performed to ascribe a given level of
confidence for lifetime prediction. The results of a study using randomly
selected data sets of size NR from the total population NT is shown in Fig 5
where it can be seen that a minimum of about 20 tests is needed to confer an
uncertainty of about 15% on the slope of the fitted parameters to a linear
correlation between maximum stress and cycles to failure Nf. Consequently the
derivation of unique constitutive expressions describing S-N behaviour that will
effectively discriminate between different materials will not be straight-forward
because of the inherently larger scatter in data in fatigue.
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3.2.2 Wear
Assessment of wear resistance is a very important issue from the point of view
of end use. However, different wear mechanisms may be appropriate, of
which abrasion and erosion are the two most relevant.
The literature on wear behaviour generally fall into two schools
•

where there is believed to
hardness [20,21]

be a monotonic

dependence

on

•

or where the wear behaviour is thought to be dominated by mechanism
changes, influenced either by random events in binder and carbide at
low values of hardness and bulk deformation mechanisms at higher
hardness [22,23].

Other mechanisms caused by oxidative or chemical effects, can also influence
the interpretation of test results. Abrasion and erosion test methods are being
evaluated at NPL both for their repeatability and reproducibility in order to
quantify uncertainty. Quantifying uncertainties gives added confidence in the
ability to discriminate materials. Also quantitative relationships are needed
between wear parameters and microstructures to underpin the use of property
maps. Some of these issues are illustrated with Fig 6 which shows results of
the ASTM B611 abrasion test at NPL compared with published data by the
University of Witwatersrand group [23]. The results allow an expression to be
developed that is applicable to typical grades of commercial WC/Co currently
available from HV800-HV2200 such that:
A = aexp[-bH]

(1)

where A is abrasion resistance in vol loss (cm3), H is hardness (HV30) and a
and b are constants. It was found that the repeatability of measurement was
less than size of the symbols on the graph. The agreement between the NPL
and the University of Witwatersrand group [23] indicates that the reproducibility
of the test is also excellent. This single expression is clearly useful in
underpinning the development of property maps.
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4

Property Maps

A structural characterisation exercise was conducted on a set of WC/Co
hardmetals with a range of grain sizes and Co contents from 6-25 wt% [24],
The measurements of structure were then analysed for comparison with model
predictions from an NDE measurement of magnetic coercivity. As well as
coercivity the property characterisation exercise consisted of a measurement
of hardness, toughness (by the Palmqvist method) and abrasion resistance.
The measurements were used to construct the "property maps". In principle,
these maps allow the effects of differences in structure and properties to be
more easily compared and can provide a benchmark for the evaluation of new
materials.
Two types of property map were considered:
•
•

Structural dependence
Property comparisons
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In the first type the property of interest is plotted against a microstructural
feature that controls that property. Two microstructural features are discussed,
WC grain size, d, and wt% cobalt content, W. It is recognised that other
parameters are important, such as the composition of the cobalt binder phase,
the cobalt mean free path or the size distribution of WC grains. However, for
this paper the concept of "property maps" is developed assuming a
composition approximately in the centre of the two-phase WC/Co region and
that there is a conventional WC grain size distribution with the arithmetic mean
number intercept, d, as the parameter characterising WC grain size.
Four properties were evaluated to compare with microstructure:
Coercivity, K
Hardness, H

Abrasion Resistance, A
Palmqvist Toughness, T

from which eight property maps based on microstructure can be constructed; K
vs d, K vs W, H vs d, H vs W, A vs d, A us W, T vs d and T vs W.
Data from measurements on the baseline WC/Co materials [24] were used to
generate equations relating each of the four properties to d and W. These
equations were physically-based where possible.
In the second type of property map each of the three mechanical properties
were compared against each other in pairs to give three maps:
T vs H

AreH

A vs T

4.1 Microstructure property maps
Grain size is usually related to coercivity using an inverse expression.
K = a + b(1/d)

(2)

where a and b are constants, K is the coercivity in kA m"1 and d is the WC
arithmetic mean linear intercept size in urn. Initial work found values of 1.79
for a and 10.9 for b for WC/6wt% Co hardmetals with values of K less than
about 15 kA m"1. This expression did not include a parameter for the variation
of Co content and this is needed for comprehensive property mapping of
typical hardmetals. Additional work [24] allowed expression (2) to be modified
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to give the variation of coercivity, K, with grain size, d for 6 < Co < 25wt% as
follows:
K = (ci + dn * wt% Co) + (c2 + d2 * wt% Co) * (1 Id)
where

Ci = 1.44
c2 = 12.47

(3)

di = 0.04
d 2 = -0.37

with K in kA m"1 and d in |jm.
Expression (3) can be plotted as a property map, Fig 7, bearing in mind the
constraint that it has not been extensively validated for high values of coercivity
equivalent to WC grain sizes (arithmetic linear intercept) less than about
0.5 urn. Additional work is needed to evaluate finer grained materials. A
property map using Co wt% content as the variable can also be plotted from
expression (3). This is also shown in Fig 7 for values of linear intercept WC
grain size of 5, 2, 1, 0.75 and 0.5 urn, respectively.
It is also necessary to be aware that coercivity also varies with carbon content
and W content of the binder-phase.
It has been assumed that the
compositions are approximately in the centre of the two phase field. Further
work would be needed to refine expression (3) to allow for this effect. It is also
possible that microstructural instabilities in low C hardmetals or residual
stresses could affect measurements of coercivity through changes in internal
strain and composition. These effects contribute added uncertainty to the
correlation between grain size and coercivity and need to be systematically
examined [25].
it is clear from inspecting the property maps in Fig 7 that the coercivity
measurements are fairly insensitive to changes in intercept size as the mean
value increases beyond about 3 urn.
Hardness can be related to the inverse square root of the intercept size using
the Hall-Petch expression [25].
H = e + fd" 05

(4)
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where e and f are constants, H is the hardness, HV30, and d is the WC
arithmetic mean linear intercept size in urn. Further analysis allowed an
expression to be written for the variation of hardness, H, with intercept size, d,
for 6 < Co < 25 wt% as follows:
H = (888 - 9.9' wt% Cc) + ( 2 2 9 - 5 3 2 ' e x p ( ^ ( w t % C o - 6 y 6 . 7 )

(5)

Expression (5) can be plotted as a property map, Fig 8, bearing in mind it is
not validated extensively for ultrafine grained materials. There is some
evidence that the Hall-Petch expression is inaccurate for the finer grained
materials. Further work is needed to assess materials with WC intercept size
less than about 0.3 urn.
A property map using Co wt% content as the variable can also be plotted from
expression (5): This is also shown in Fig 8 for different values of the WC linear
intercept grain size.
Abrasion resistance, A, is dependent on hardness, H, and it was found [20]
that:
log A = g + hH
where g and h are constants, A is in cm3 and H is the HV30 value,
however

H = e + fd" 05

thus

log A = i + kd"°5

(6)

where i and k are constants, and d is in urn. Analysis of the data on the
baseline hardmetals [24] allowed an expression to be written for the variation
of abrasion resistance, A, with grain size, d, for 6 < Co < 25 wt% as follows:

lo9leA

= ( 0 . 1 9 - 0 . 0 1 6 ' % C o ) - ' 2 - ° 7 5 - a 1 3 3 ' % C r a 0 0 2 2 ' ( % C O » (7)
Vd

Toughness can be related to the Co mean free path [26]. The Co mean free
path is linearly related to WC intercept size for materials with conventional WC
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grain size distributions [3]. Therefore the following expression was used to
evaluate the Palmqvist toughness results for property mapping:
T = m + nd

(8)

where m and n are constants. Analysis allowed an expression to be written for
the variation in Palmqvist toughness with intercept size as a property map:
T = 8.8 + (10A (-0.33 + 0.088*% Co) )*d

(9)

This is probably the least well developed expression in this group because of
the difficulty of obtaining extensive sets of valid toughness data for WC/Co.
4.2

Comparative property maps

The expressions developed in section 4.1 for the microstructure property maps
can be used to derive comparative property maps. Two examples are shown
in Fig 9 (T vs H) and Fig 10 (A vs H). Other combinations are possible, but
these are good examples because, industrially, hardness is used quite
frequently as the property with which other properties are compared. Also the
maps can be plotted for different representative Co contents and for different
WC grain sizes.
The first comparative map, Fig 9, shows the relationship between Palmqvist
toughness and hardness. The second comparative map, Fig 10, shows the
relation between abrasion (vol loss) and hardness. There is an equal
correspondence between the properties, and changing either Co content or
grain size does not show significant deviation from the overall trend. There is
some uncertainty at the high toughness values however due to the difficulty in
making accurate measurements of toughness at values greater than about 20
MN m"3/2.
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5

Summary

There is an increasing trend in the last 10y to investigate unconventional
hardmetal structures, for example, with changes in the shape and distribution
of the hard and binder phases, with the physical metallurgy of the different
phases and with the architecture used to construct the macroscopic
appearance, i.e. graded and particulate structures.
Thoroughly well
characterised property maps for conventional hardmetal structures are vital in
order to fully quantify the changes in properties associated with these
unconventional structures.
There are an immense number of structural variants to investigate. Thus,
there are clear opportunities for the use of microstructural modelling
approaches to accelerate the development process. It is vital to understand
that many of these innovative structures will be anisotropic in their properties.
It is crucial therefore that more understanding is developed of the effects of this
anisotropy, both on a macro and a microscopic level. Modelling studies will be
especially needed to develop relations between feature distributions, shape
and chemistry and to relate predictions from these studies to mechanical
property data such as strength, hardness and toughness.
6
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Transition From HSS Tools to Solid Carbide Tools
in the Field of Shaft Tools and the Development of New Types
of Carbides
by
Dr. Konrad Friedrichs
Konrad Friedrichs carbide factory Kulmbach, Bavaria, Germany

Summary:
The development trends for shaft tools made of solid carbide are presented.
The reasons for the rapid acceptance of solid carbide tools in areas formerly
reserved for high speed steel tools are explained. The development of
tougher types of carbide and more modern coating procedures as well as
the use of high speed cutting machines with higher efficiency is examined
especially.
Modern carbide types with 10% and 12% cobalt and higher toughness are
described. The influence of reducing the average WC grain size is
emphasized.
Finally, advanced extrusion processes with screw extrusion presses are
explained. They cover a large market segment of the carbide rod production
today. The possibilities of finer shaping close to the form of the final product
are described.

Keywords:
Extrusion presses, presses for multiple rods, ultrafine grain sizes
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Introduction:
In recent years, there has been a strong increase in the use of shaft tools
made of solid carbide worldwide.
This relates to shaft millers and drills with and without internal cooling ducts
as well as reamers and tap drills.
While the solid metal tools initially increased strongly in the diameter range
from 0.1 mm and 12 mm, an increase in the diameter range from 16 mm to
32 mm can also be observed today.
The increased use of solid carbide shaft tools actually began only 20 years
after the boom in turnplates and the related turnplate holders.

There are several reasons to change rapidly to the use of carbide shaft tools
a)
Tougher types of carbide have been developed, which nevertheless
have the same hardness as before. Through their higher toughness, fields
which were previously reserved for HSS have been conquered.
b)
Economical coating processes which increase the lifetime and
range of possible applications of solid carbide tools have been brought onto
the market.
c)
Manufacturing machines have been developed, which have the
required performance, speed and stiffness necessary for the use of carbide
tools. These machines were previously not available in a large selection.
These new machines are forcing the replacement of the earlier high speed
steel tools in favor of carbide tools.
d)
New areas of use have been added for carbide tools, which were
not covered adequately by high speed steel tools. For example, machining
of fiber-reinforced plastic
Machining of titanium alloys
Machining of stainless steel
Machining of hardened steel
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e)
In many cases, cutting work can be performed more quickly and
more economically than with high speed steel tools. This leads to a
reduction of the investment with the same production quantity. The plants
become more flexible through the higher manufacturing speed.
The quality of the products produced also rises because the e-modulus of
the solid carbide tools is higher than that of HSS tools.
f)
A further important reason for the sharp increase in solid carbide
shaft tools is the provision of adequate production capacity.
It is estimated that there was a production capacity of approx. 13,000 to/year
for carbide rods in the year 2000. The Kulmbach region in northern Bavaria
accounted for 900 to/year alone.
The expansion of the worldwide production capacity is not yet at an end and
is increasing, so the use of HSS tools will be on the decline in the
foreseeable future.
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2.0 New Developments in the Field of Tough Types of Carbides for
Shaft Tools
For years, carbide manufacturers have made efforts to raise the toughness
of carbide grades without reducing their high, often desired hardness and
resistance to wear.
For many years, there were two main types on the market, namely the K
types and the P types, whereby the K types were used mainly for cast iron
machining and the P types for steel machining.
Through the development of coating technologies, the main applications of
the carbide types shifted more and more into the K area, meaning into types
with very low TaC content and no TiC content. With the coated types of
carbide, steel was then machined successfully as well.
A so-called 6% was dominant in the K area for a long time, meaning a
carbide type with about 6% cobalt content, an average WC grain size of 1.5
urn down to 1.0 urn sometimes.
In addition, they were dosed with VC and TaC in low quantities (approx.
0.2% VC and 1% TaC) to avoid grain growth during the sintering process.
Every manufacturer of carbide had this type (see Figure No. 1) in its program
in the 70s and 80s.
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Figure No. 1: grain size structure of a 6 %er
A variation of this was a 6% with a then very fine WC grain of approx. 0.7 (am
to raise the hardness and resistance to wear. This type was used primarily in
the electronic drill and the reamer area.
The size of the TaC crystals (> 2um), which led to early cutting break-outs
and a reduction of the toughness was extremely annoying with these K
types. The so-called RAMET types from an American manufacturer at the
end of the 70s and the beginning of the 80s were the first successful types in
the K area with Cr3C2 in place of TaC.
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At the end of the 80s and the beginning of the 90s, all important carbide
manufacturers began to develop a Ktype for rod manufacturing. It contained
10% cobalt and had an average grain size of 0.65um to 0.8um.
CR3C2 and some VC were used as doping material. See Figure No, 2.

Figure No. 2: grain size structure of a 10 %er

This 10% type has high hardness and resistance to wear and thereby
exhibits considerable toughness as well.
This 10% also belongs to the main standard carbide types at almost all
important rod manufacturers.
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The meaning of the Cr3C2 and VC content was recognized more and more.
Variations of the proportion and the quantities of Cr3C2 and VC exhibited
significant influence on hardness and toughness.
In the mid-90s, 12% came onto the market. The tools of a Japanese
manufacturer were distinguished because of their sharply increased
resistance to wear and toughness as well (Kobelco).
These carbide types had a significantly higher lifetime in a series of
applications with high loading on the tool (diesink milling, machining of
hardened steel, machining of stainless steel, milling of titanium alloys,
application in aluminum alloys, drilling in fiberglass reinforced plastics).
Figure No. 3 shows the grain structure of the 12% at 1500 times
magnification. This 12% distinguishes itself through a further reduction in the
grain size of the WC.
It amounts to 0.5um.
Furthermore, the proportion of Cr3C2 and VC was increased again in
comparison to the 10%. Further variations were also made in the proportion
of the two materials.
This type is gaining more and more in importance and will therefore replace
the 10% types increasingly.
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Figure No. 3: grain size structure of a 12 %er with 0.5 micron WC
The grain structures of a 10% and a 12% are to be seen in comparison in
Figures No. 4 and No. 5 respectively at 10,000 times magnification.
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K40UF * 10% Co « 0,65
SEM micrograph 1 10 000 .

Figure No. 4: 10 %er with magnification 10.000 times
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Figure No. 5: 12 %er with magnification 10.000 times
The transition from an average grain size 0.65u.m to an average grain size
0.5u.m can be seen clearly.
A further development is therefore the transition to types with an average
WC grain size of 0.2um, which has been taking place recently.
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While the term ultrafine is used for types with 0.5um grain size, the
expression superfine is used to distinguish the 0.2um types.
In Figure No.6, the grain structure of a superfine carbide can be seen at
10,000 times magnification.
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Figure No. 6: superfine carbide grade with magnification 10.000 times
At the present time, these types are used primarily in the field of electronic
drills and PC drills.
Hardnesses of 2000 Vickers (93.2 Rockwell) and bending stiffnesses of
4000N/mm2 are normal here.
The enormous toughnesses of these materials with considerable hardness
are to be emphasized.
At the present time, these types of carbide are manufactured with approx.
8% and 9% cobalt. The Cr3C2 and VC contents amount to 1.2 % together.
The development of these types will also be followed logically in types with
higher Co content (approx. 12%) to achieve further increases in toughness,
compared to the old 12% with 0.5|am. The hardness should retain its high
level more or less.
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A summarized presentation of the most important K types is given in Figure
No. 7, whereby the 12% and the types with 0.2um average grain size are to
be regarded as the latest development of two carbide types for rods at the
present time.
Konrad Friedrichs KG
HARTMETALLFABRIK KULMBACH
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Figure No. 7: summarize of important k grades
The most important physical and chemical properties of the types described
can be seen in Figure 8.
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Figure No. 8: physical and chemical properties of important k grades
The high bending rupture value and the hardness value at the same time of
the carbide type with 0.2um average grain size of the WC are remarkable.
These types of carbide metal are getting closer and closer to HSS because
of their toughness, even if the distance is still relatively large.
It is important to note that, in spite of higher hardness, a large bending
rupture strength has also been achieved.
A schematic representation of the relationship between hardness and
toughness is shown in Figure No. 9.
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Figure No. 9: relationship between hardness and toughness

Every one of the three carbide types can be varied with respect to its
relationship between hardness and
toughness by, for example, changing the proportion of Cr3C2 and VC or the
total quantity of C43C2 + VC.
This means that sub-types for special applications can easily be
manufactured from one type of carbide.
A change in the grain size can also lead to a different carbide with all other
parameters fixed as can be seen in Figure No. 9. We will not have a long
wait until interesting developments, especially in this field of the variations,
are available.
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3.0 Production Methods of Carbide Rods Which Are Used for Cutting
Tools
The methods of cutting rectangular rods from cold isostatic pressed blocks
and making them into round rods through grinding processes has long been
out-of-date. Rods are pressed today, for example, from granulate between
upper and lower stamps and matrices horizontally or vertically, whereby the
rod lengths are very limited. Lengths which correspond to the standard
dimensions of catalog tools are produced, whereby the shrinkage during
sintering must be taken into account.
Another, very frequently used procedure today is the pressing of round rods
of carbide powder in thick-walled, well-closed polyurethane tubes with water
pressure from the outside. The pressure then amounts to approx. 2000 bar.
The most frequently used process is the extrusion process to press out rods
of all cross-sections. The length of the rods is almost unlimited thereby and
depends only on the type of extruder used. A distinction is made between
piston extruders and screw extruders.
Screw extruders can work continuously, given the availability of enough
mass to be pressed out and, if necessary, produce rods kilometers long if
the required cutting and stacking fixtures are available behind the presses.
Piston extruders can work without interruption only as long as there is
enough material contained in the cylinder in which the piston works.
The cross-sections of the rods to be pressed depend upon the plastification
agent used.
Plastification agents which permit the extrusion of rods with a maximum
diameter of 34 mm (sintered diameter) today have been developed by the
author.
The problem with all plastification agents is that, although they are very
necessary with extrusion pressing, they interfere very much with the
sintering process later.
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These plastifiers must be removed before the sintering, at best before the
rods reach the sintering oven.
The cheapest and simplest process at the present time is a drying process in
simple air drying cabinets, during which the majority of the plastification
agent is dried out.
The rest remaining permits rapid, problem-free sintering without the risk of
cracking.
Screw extruders have been developed especially for the production of rods
with internal cooling ducts. They allow a very exact and precisely-defined
pitch of the spiral cooling ducts for drill bits with small diameters and
relatively large lengths.
Figures No. 10 and No. 11 show a modern screw press with cutting fixture
and transport table as well as line camera and monitor to control and adjust
the angle of the pitch, based on a patented process.
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Figure No. 10: Screw extruder for spiral coolant hole rods
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Figure No.11: patented procedure to produce helical twisted rods
This type of press can also be used very economically for the production of
rods with parallel cooling ducts as well as solid rods without cooling ducts.
The plastification agent, which is to be dried out before the sintering,
ensures that rods which can be subjected very easily to further shaping
steps after the drying process and before the sintering are produced.
As an example, increasing numbers of rods are manufactured, which are
already prefluted. Prefluting before sintering, which is very cheap, helps to
avoid high costs for the grinding of flutes after sintering.
Cost savings of more than 30% in the production of ground tools are no
rarity.
Figures No.12 and No. 13 show prefluted, unsintered tool blanks with
remarkably sharp contours of the later cutting edges.
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Figure No. 12: prefluted rods on sintering plates

Figure No. 13: prefluted rods with clean edges
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No break-outs may be allowed to occur during hand shaping. A further
growing program of sintered metal use is the field of paper knives and wood
knives.
Soft paraffin is used primarily as the plastifier for the extrusion of small
cross-sections in screw extruders.
The pressed molded parts are then stepped, although the cross-sections are
small. With these small cross-sections, paraffin removal takes place in the
sintering oven with no problem.
A typical press for the extrusion of rods of all kinds with low cross-sections in
shown in Figure No. 14.
Presses of this kind have automatic cutting and transport fixtures for the rods
and graphite carriers.

Figure No. 14: automatic press for rods with small cross-sections

Rods for the manufacturing of electronic drill bits have also experienced an
upturn in recent years.
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Especially in the growth field of mobile telephones and personal computers,
so many soldered points with the required drillings are necessary that the
demand for such drill bits has risen sharply here.
These are drill bits with small diameters.
Diameters of 0.1 mm are no rarity thereby.
For a long time, drills were manufactured from carbide rods with a blank
diameter of 3.25 mm. Nowadays, more and more bits which have a steel
shaft with a diameter of 3.175 mm, into which a carbide pin of about 1.4 mm
diameter is shrunk, are manufactured today. This pin is then ground down to
the necessary outside diameter and given the spiral slots and front teeth.
The development of carbide types with finer and finer grain sizes was
described in the previous chapter.
The production of rods with a blank diameter of 1.6 mm, for example, has
been rationalized increasingly.
For this purpose, presses which do not always extrude only one rod at a
time, but rather several rods simultaneously have been developed.
With the small diameters, this is necessary to obtain reasonably economic
extrusion capacity.
The next figure (Figure No. 15) shows a press which extrudes and cuts 18
rods at a time and places them on the graphite carrier.
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Figure No. 15: press for multiple rods in the same press cycle
The growing market for PC drills can be covered adequately only in this way.
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4.0 Outlook
The triumph of carbide has not come to an end. With increasing toughness
and at least the same hardness, more and more areas which were
previously reserved for HSS are being captured.
Special development trends are the use of finer and finer WC types,
whereby variations of the cobalt content are made to influence the
toughness.
Increasing attention is also devoted to the content of Cr3C2 and VC and the
proportion of the two to each other.
The pressing process and tools are being rationalized further and further,
whereby attention must be paid especially to screw extrusion processes with
automation aids. The use of multiple nozzles will be forced.
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SUMMARY:
Fifteen W-V-C-Co alloys varying in composition were sintered at 1450°C for 5 hours and
quenched. The sintered alloys consisted of (V,W)CX particles in a Co-rich matrix, with a
VC- or WC-rich eutectic present in most alloys. The (V,W)CX particles were analysed by
XRD, EDS and EPMA and their microhardness was related to their composition and
structure.

1. INTRODUCTION:
In recent years much work has been done to assess the potential of cemented carbides where
a substantial amount of the tungsten carbide of conventional WC-Co alloys has been
replaced by vanadium carbide (i.e. WC-(V,W)Cx-Co alloys, with x always < 1 ) [1]. It has
been found that the materials are suitable for applications in abrasive and corrosive
environments on account of their hardness and corrosion resistance being superior to those
of conventional WC-Co of equal cobalt content [1,2].
However, these materials, similarly to conventional WC-Co alloys, present the problem of
the possible precipitation of graphite or eta phase when the carbon content is above or below
the stoichiometric amount. Thus the optimization of the materials has required a systematic
investigation to determine the composition range at which no precipitation of graphite or eta
phase occurs [3]. The result of the investigation was that the composition range suitable for
the formation of 3-phase WC-(V,W)Cx-Co alloys is a narrow strip located along the plane
defined by the relationship
C/(V+W) = 1 - 0.33 (V/(V+W))

for 0 < V/(V+W) = 0.72

(1)

with graphite or eta phase expected to precipitate at compositions corresponding to higher or
lower values of C/(V+W) [3].
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The (V,W)CX phase has been found [3] to vary in composition with varying the overall
composition of the alloy. Therefore the optimization of the materials requires also the
determination of the (V,W)CX composition which corresponds to optimum properties.
Although for the purpose of optimizing the materials one would need to study only (V,W)CX
compositions within the strip defined by equation (1), the study of (V,W)CX has been
extended beyond these compositions. The work is in progress, but the results available to
date are summarised in this paper.

2. METHOD:
Fifteen WC-(V,W)Cx-Co alloys have been studied. They are part of a set of alloys prepared
for the investigation reported in reference [3]. They were prepared by mixing in a ball mill
for up to 48 hours VCX (V8C7), WC, Co and, in seven cases, C powders, bringing the
mixtures to 1450°C, keeping them at temperature for 5 hours and quenching them at the
highest possible cooling rate.
The cobalt content of the alloys was kept constant at 50 at.%. The high Co content was
selected to allow the formation of each phase without impingement from other phases. The
carbon content was intended to be constant at 27.8 at.% in seven of the alloys (high- carbon
or HC alloys) and at 22.8 at.% in eight of the alloys (low-carbon or LC alloys), so that the
(V+W)/C ratio would be 0.8 and 1.2 respectively and the substitution of V with W (in VCX)
was systematically increased.
The alloys were examined by scanning electron microscopy (SEM) at 20 kV, including
backscattered electron microscopy (BSE), and analysed in South Africa [4] by energy
dispersive X-rays (EDS) for 100 s using pure metal standards, and in France [3] by electron
probe microanalysis (EPMA). The EDS system available could not detect carbon but was
used to determine V/(V+W) ratios. Each V/(V+W) ratio reported below represents the
average of measurements from at least 5 randomly chosen particles. Carbon contents were
determined by EPMA, each reported value being the average of 10 measurements. The
samples were also analyzed by X-ray diffraction (XRD), using Cu radiation despite the
large Co content, to determine the phases present and the lattice parameter of (V,W)CX in
each alloy. The (V,W)CX peak intensity ratios were also measured to deduce possible
variations in structure or composition.
The microhardness of (V,W)CX was measured at 50g. The values reported below represent
the average over measurements from at least 3 randomly chosen particles.
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3. RESULTS:
The XRD analyses results showed that all samples contained (V,W)CX and Co, but only the
W-rich samples contained also WC. In addition, all the HC (high carbon) alloys contained
graphite. The HC alloys contained both fee and hep Co, while the LC (low carbon) alloys
contained only fee Co. No residual VCX was found in any of the alloys.
SEM and EDS examinations established that the alloys consisted of large round particles of
(V, W)CX and fine WC grains (if present) in a continuous Co-rich matrix. Most of the alloys
exhibited also a VC-rich or WC-rich eutectic and the graphite in the HC alloys precipitated
in the form of flakes. The (V,W)CX particles were up to 100 \xm in size, i.e. large enough
for Vickers microhardness measurements at 50 g load (HV0.05).
Table I summarises the V/(V+W) ratios obtained from EDS and EMPA analyses of the
(V,W)CX particles in each alloy. The agreement between EDS and EMPA results was
excellent for most alloys. The standard deviation was generally low, which indicates that a
good degree of homogeneity had been achieved in most cases. Table I lists also the (V,W)CX
formulae deduced from the analyses' results. Table I also indicates whether WC or graphite
where present in the alloy.
Figures 1 and 2 show that the lattice parameter of (V,W)CX decreases with increasing
V/(V+W) ratio (i.e. with decreasing W content) and C/(V+W) ratio respectively. The
V/(V+W) data in Fig. 1 are those obtained from EDS analyses and the C/(V+W) data in
Fig.2 are those obtained from the EMPA results which were in agreement with the EDS
results. The lattice parameters in Figs. 1 and 2 are the average values obtained from the dvalues of the three most intense XRD peaks of (V,W)CX, assuming (V,W)CX to be cubic in
all cases. Figs 1 and 2 show that for equal V/(V+W) and C/(V+W) ratios the lattice
parameters of (V,W)CX in C-rich (HC) alloys are consistently larger than in C-poor (LC)
alloys.
Figures 3 and 4 show that the microhardness of (V,W)CX varies with both the V/(V+W) and
the C/(V+W) ratios. The scatter in the microhardness results is large (mean standard
deviation: ± 150 HV0.05) because the measurements were carried out on random cross
sections of (V,W)CX particles (thus there may be an anisotropy effect) and because it is
difficult to measure accurately the diagonals of 50 g indentations, although the diagonals
were measured on SEM micrographs at high magnification. Despite the scatter, the results
show that the microhardness appears to reach a maximum value at V/(V+W) between 0.8
and 0.88. Both Figs 3 and 4 show that the microhardness of LC alloys was consistently
higher than the microhardness of HC alloys of equal V/(V+W) and C/(V+W) ratios.
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The first set of results in Table II reports the approximate relative intensities of the three
most intense XRD peaks of (V,W)CX as obtained from a first set of analyses. The second set
reports results from a second set of analyses on the same samples, carried out after rotating
the samples.

4. DISCUSSION AND CONCLUSIONS:
The results reported above confirm that the mixed carbide (V,W)CX can exists in a Co-based
matrix in a range of compositions.
The monotonic behaviour of the results in Fig. 1 (which agree with earlier results by Rudy
et al [5]) and in Fig. 2 suggest that (V,W)CX is cubic at all compositions, as it was assumed
when calculating the lattice parameters. The differences in relative peak intensities at
different compositions (Table II) initially suggested possible variations in crystal structure
since some VCX compounds of different crystal structure (e.g. V6C5 and V8C7) have equal dvalues but different relative peak intensities. However, by repeating the XRD analyses after
rotating the samples it was found that the peak intensity ratios changed in the same sample.
The differences in peak intensity ratios, therefore, appear to be due to the (V,W)CX particles
having grown with some preferential orientations.
The microhardness of (V,W)CX was found to depend on both the V/(V+W) and the
C/(V+W) ratios. A comparison between the results obtained for (V,W)CX containing very
small amounts of W (e.g. Alloy 5) and the results reported in the literature for VCX show
that the microhardness of (V,W)CX is closer (statistically equal) to the microhardness of
orderered VCX than to the microhardness of disordered VCX [6], although the alloys had
been quenched. This can be explained in terms of the high diffusion rate of carbon atoms
[7]The highest microhardness of (V,W)CX appears to be achieved at a V/(V+W) ratio between
0.8 and 0.88. At equal V/(V+W) or C/(V+W) ratios the microhardness of (V,W)CX in lowC alloys has been found to be consistently higher than in high-C alloys while the lattice
parameter in low-C alloys has been found to be consistently smaller than in high-C alloys.
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TABLE I : V/(V+W) RATIOS IN (V,W)CX PARTICLES AND (V,W)CX FORMULAE

Alloy
Alloy
Alloy
Alloy
Alloy
Alloy
Alloy

1
2
3
4
5
6
7

V/(V+W)
from
EDS
0.91
0.74
0.80
0.85
0.90
0.95
0.98

Alloy
Alloy
Alloy
Alloy
Alloy
Alloy
Alloy
Alloy

8
9
10
11
12
13
14
15

0.65
0.71
0.78
0.83
0.87
0.90
0.93
0.96

V/(V+W)
from
EMPA
0.77
0.74
0.79
0.87
0.96
0.77
0.98
0.70
0.74
0.76
N/A
0.86
0.89
N/A
0.96

(V,W)CX FORMULAE
(Vo.76. Wo.23, COo.Ol) Co.77
(Vo.73. Wo.26. Con.oi) Co.76
(Vo.76. Wo.21. CO0.03) Co.81
(V0.86. Wo.13. COo.Ol) C0.86
(Vo.95. Wo.04. COo.Ol) Co.87
(V0.74, Wo.22. CO0.04) Co.85
(V0.97. W0.02 .Coo.oi) C0.88
(V0.68, Wo.30. CO0.02) Co.71
(V0.74. Wo.26. CO0.01) Co.73
(Vo.72, Wo.23. CO0.05) Co.75
(Vo.85, Wo.14, COo.Ol) Co.76
(V0.86. Wo. io, C00.04) C0.79
(Vo.%. Wo.04, CO0.00) Co.84

OTHER PHASES
PRESENT
binder, graphite
binder, graphite, WC
binder, graphite
binder, graphite
binder, graphite
binder, graphite
binder, graphite
binder, WC
binder, WC
binder
binder
binder
binder
binder
binder

N/A = Not analyzed.

TABLE II: COMPARISON OF RELATIVE MAIN XRD PEAKS INTENSITIES
OF (V,W)CX OBTAINED BEFORE AND AFTER ROTATING THE SAMPLES

Alloy 2
Alloy 3
Alloy 4
Alloy 5
Alloy 6
Alloy 7

2.42,
2.42,
2.09,
2.41,
2.08x
2.40,

1st set of analyses
2.IO9
2.10s
1.489
2.099
1.476
2.08,

1.493
1.48s
2.427
1.48s
2.404
1.476

2.42X
2.42,
2.09x
2.41,
2.08,
2.08,

2 nd set of analyses
2.IO4
2.10s
2.429
2.097
2.404
2.408

1.492
1.484
1.483
1.482
1.47,
1.473
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Fig. 1. Variation of the lattice parameter of (V, W)CX with the V/( V+W)
ratio in (V,W)CX. HC stands for "high carbon V-W-C-Co alloys" i.e.
alloys where the intended carbon content was 27.8 at% and LC stands for
"low carbon V-W-C-Co alloys" i.e. alloys where the intended carbon
content was 22.8 at%.
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Fig. 2. Variation of the lattice parameter of (V,W)CX with the C/(V+W) ratio in (V,W)CX. HC and
LC have the same meaning as in Fig. 1.

J. Zinyana et al.

HM 89

298

International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

3100
V)
(fl 3000
.§ 2900

y

i I '

re 2800 \x s^\
2 2700
'E 2600
2500

f1 ;/

y

!

t NN

* HC
a LC

i

.. -L J"

/[

0.64

0.74

0.84

0.94

V/(V+W)
Fig.3. Variation of the microhardness (HV0.05) of (V,W)CX with the V/(V+W) ratio in (V,W)CX
HC and LC have the meaning as in Fig. 1.
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Fig. 4. Variation of the microhardness (HV0.05) of (V,W)CX with the C/(V+W) ratio in (V,W)CX.
HC and LC have the same meaning as in Fig. 1.
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ON THE FORMATION OF VERY LARGE WC CRYSTALS
DURING SINTERING OF ULTRAFINE WC-Co ALLOYS

Michael Sommer, Wolf-Dieter Schubert, Erich Zobetz*, Peter Warbichler*
Institute for Chemical Technology of Inorganic Materials
"Institute for Mineralogy, Crystallography and Structural Chemistry
Vienna University of Technology, A-1060 Vienna, Austria
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A-8010 Graz, Steyrergasse 17/111, Austria

Abstract:
During liquid phase sintering of very fine-grained WC powders (average
particle size in the range of 100 to 200 nm) very large WC crystals form with
sizes of >20 urn. Such grains typically exhibit the shape of plates. On tracing
back the formation of these crystals during sintering it was observed that
already on heating to 1150°C small platelets were present in the still porous
sintering body. At 1250°C, i.e. before eutectic liquid formed, they had grown
to a plate length of up to 7 urn with aspect ratios higher than 1:10.
This early rapid WC crystal growth was observed preferentially in the outer
areas of the sintering body where the sample is in closer contact with the
sintering atmosphere. SEM imaging and TEM studies reveal the presence of
twin boundaries in the plate-like WC crystals, rendering the possibility of a
defect-assisted growth of the WC. Intermediate formation of r|-carbides
(M12C, M6C) and their subsequent transformation might be an explanation for
this early occurrence of extraordinarily large grains.

Keywords: WC grain growth; abnormal grain growth; WC platelets; defectassisted growth; growth twins.
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1 Introduction
The current trend in the hardmetal industry to finer and finer-grained alloys
has put high demands on the manufacturing process, for both powders and
alloys. Microstructures can be obtained today with WC intercept sizes of less
than 100 nm, originating from WC powders obtained by conventional as well
as alternative routes [1,2].
One of the crucial aspects in fine-grained hardmetal manufacture is the
strong tendency of the very fine WC grains (in the order of 50-200 nm) to
coarsen, due to their high interface energies (increased chemical potential) as
well as differences in individual grain sizes (originating from the grain size
distribution in the green compact), constituting the driving force for the growth
process.
To control grain growth during sintering, so-called grain growth inhibitors are
commonly added, such as VC or Cr3C2, which retard the growth process. In
this regard it is important to avoid any local WC grain growth during sintering,
since large grains (> 4 urn) in an otherwise ultrafine-grained matrix can cause
material breakdown during application.
The smaller the average WC grain size the more critical is this aspect. This
has been demonstrated using numerical calculations based on an Ostwald
ripening process, in particular for grain sizes smaller than 0.5 urn [3].
In industrial practice, local WC grain growth can be a vexing problem, since
its origin is often far from clear, because of the manifold interactions between
powder and processing parameters.
On sintering of a -150 nm WC powder grade without growth inhibitor it was
observed that extraordinary large WC grains already form during the heatingup period of the sintering cycle, well before the eutectic liquid is formed [4],
During subsequent liquid phase sintering very large WC crystals were then
obtained with sizes of >20 urn. Such grains typically exhibit the shape of
plates.
An investigation was carried out to trace back the origin of early growth to
shed more light on this formation process, and to find out under which
conditions such large WC plates are formed.
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2 Experimental
2.1 Starting Materials
High purity starting materials (WC, Co, carbon black) were used for the
preparation of alloys. A SEM image of the WC powder is presented in Fig. 1.
It originates from the direct carburization process [2], and represents the
finest WC powder grade currently commercially available.

0.5
Fig. 1: Field-emission scanning electron micrograph of the WC powder used for the
present study; average SEM-size: ~120 nm; calculated BET-particle size: 100 nm.

2.2 Alloy Preparation and Microscopic Investigations
Powder mixtures (90 wt% WC, 10 wt% Co) were prepared either by ball
milling (72 hours; weight ratio of milling media: powder 6:1; 60% of the critical
rotation speed) or by blending the powders in a TURBULA mixer (1 hour
mixing time), subsequently granulated and pressed into compacts at 200
MPa. Sintering was carried out in an industrial GCA vacuum sintering furnace
at 1150 to 1350°C. The heating rate was 10°C/min and the total pressure
during isothermal sintering <0.01 mbar.
The sintered samples were cut and embedded in Bakelite, ground and mirror
polished with diamond suspensions. SEM imaging was performed on etched
sections (Murakami solution; -5-8 minutes) as well as on fracture surfaces
using a JEOL 6400 electron microscope.
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Selected areas of the samples showing WC plate formation were marked on
an optical microscope and prepared for TEM imaging (Philips CM20 STEM;
200 kV).

3 Results
Fig. 2 shows a comparison between two WC-10 wt% Co alloys, prepared by
ball milling or by blending of the powders in the Turbola mixer, respectively;
and sintered at 1350°C for 1 hour.
Mixed

Fig. 2: Microstructures of two WC-10 wt% Co alloys, sintered at 1350°C for 1 hour;
alloy prepared by mixing of the powders by mixing in a Turbula mixer (left) and,
alternatively, by ball milling (right).

In both cases a bimodal WC grain size distribution was formed on sintering,
as one would expect for the case of a very fine WC powder grade without
additions of growth inhibitors. However, in case of the ball-milled material, an
additional, exaggerated local grain growth occurred, with the shape of the
large grains in plate form. Obviously, the powder was "activated" during the
ball milling process.
Tracing back the formation of the very large WC grains to temperatures below
the eutectic melt formation (<1275/80°C) [5], several large WC grains were
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observed in the ball-milled alloy with sizes of up to 4 urn. These grains could
be easily detected in the optical microscope, as shining stars in an otherwise
dull matrix. In the case of the mixed material only a few significantly larger
grains than those of the matrix were present (Fig. 3), with sizes of up to 2 urn.
In both cases, all larger WC grains (<0.5 urn) were already facetted,
indicating that solution/reprecipitation processes had occurred already on
heating in the solid state.
ball-milled

Mixed
*••

Fig. 3: Microstructures of the two alloys, shown in Fig.2; but heated to only 1250°C
(holding time: 10 minutes); both alloys still exhibit residual porosity.

A closer inspection of the ball-milled alloy by means of the electron
microscope revealed an interesting microstructural feature (Fig. 4). In the
outer, surface-near areas of the sample, where the compact was in direct
contact with the slightly decarburizing sintering atmosphere, very thin WC
plates were grown, with plate sizes of up to 7 urn and a plate thickness
between 100 and 500 nm. In the inner part of the sample, on the other hand,
only now and then were such plates observed, as well as some larger grains
which had grown more isotropically.
On subsequent liquid phase sintering of such heat-treated alloys large WC
plates were observed, which on etching showed indications of twinning
(Fig. 5).
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ball-milled (inner sample area)

ball-milled (outer sample area)

Fig. 4: Microstructures of the ball-milled alloy heated to 1250°C and held for 10
minutes; section of the inner part of the sample (left) and close to the sample
surface (right).

ball milled

Fig. 5: Microstructures of the alloy shown above, but subsequently liquid phase
sintered at 135CTC for 1 hour; section close to the sample surface; note that the
etching with Murakami solution revealed the presence of twin boundaries.
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The formation of WC plates with indications of twinning can be observed even
better on the sample surfaces (sintering skins; Fig. 6), where it also becomes
obvious that surface ledges were formed on twinning, facilitating the rapid
growth.

Fig. 6: SEM images of the sintering skin of the ball-milled alloy shown in Fig. 4;
demonstrating the formation of growth twins; alloy heated to 1250°C and held for 10
min.

On reproducing this sintering experiment it was observed that the area of
plate formation was not always the same within the ball-milled alloy, and
obviously did depend on the local gross carbon content within the alloy at the
moment of plate formation. It did occur only when the gross carbon content of
the alloy was high (i.e. free carbon was present) but the sintering conditions
were decarburizing. In the case of very low carbon contents (r\ phases
formed all over the sample) no plates were observed.
No large WC plates were observed under any of these conditions in the
Turbula-mixed alloy.
In the ball-milled alloy, however, WC plates were detected even at 1150°C,
with plate sizes of up to 3 urn (Fig. 7).

HM 12

306

M. Sommer et al.

15" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

Fig. 7: WC plate formed in the ball-milled alloy on heating to 1150°C; SEM image of a
fracture surface, showing the plate attached to an agglomerate of very fine WC
particles.

4

Discussion

On sintering of very fine-grained hardmetals (so-called ultrafine or nanophase
grades) significant grain growth occurs during heating to the isothermal hold.
This early, non-isothermal contribution to the growth process is a peculiarity
of the fine structures, and reflects their high degree of "metastability" as well
as a sufficiently high atomic mobility to support the growth process. Even at
1000°C, i.e. at least 275°C below the eutectic melt formation, WC grain
growth occurs in such alloys, and concurrent to this growth, low-energy
prismatic interfaces are formed [6-8].
Grain growth during liquid phase sintering has been phenomenologically
treated as an Ostwald ripening process [3,9,10]. Smaller grains dissolve due
to their higher dissolution potential (increased chemical potential), while
coarser ones grow by material reprecipitation, thereby reducing the interface
area of the system.
In the case of the growth of faceted grains in a liquid matrix with atomically
flat surfaces (as for faceted WC grains) it is, however, generally assumed that
further growth is possible only by two-dimensional surface nucleation or a
defect assisted growth process [11,12]. In the case of the former the growth
rate is expected to increase abruptly at a critical supersaturation rather than
to linearly increase with the driving force arising from differences in individual
grain sizes. So, the largest grains (with sizes larger than the threshold value)
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will grow at a significantly higher rate than the finer (but still "stable") ones,
whereas the smallest grains will disappear at the expense of the larger,
leading to a bimodal grain size distribution as demonstrated in Fig. 2 for the
case of a fine-grained WC-Co alloy.
In this growth mode it is the coarse grains of the grain size distribution that
cause the bimodal growth process. Such a growth mode can be further
promoted, simply by adding small amounts of larger WC grains, as
demonstrated in Fig. 8 for the case of additions of a 1 urn WC powder grade
to the ball-milled alloy.
From this comparison it can be seen that significant grain growth had already
occurred at 1250°C, whereas the coarse grains obviously had acted as seed
crystals for growth. The growth occurred isotropically, and no indications were
found for the formation of WC plates.
ball milled (normal)

ball milled (with addition)

(iiiliiSiilii! Illililiiiiiiiil
Fig. 8: Microstructure of the ball-milled alloy without (left image) and with addition
of 2 wt% of a 1 urn WC powder grade (right image); heated to 1250°C and held for 10
minutes.

The present work has also shown, however, under certain conditions of
sintering, that significant anisotropic WC grain growth occurred and large, thin
trigonal plates were formed rather than equiaxed trigonal prisms.
These plates can be traced back to about 1150°C, where they grow at high
growth rates at a stage where significant residual porosity still prevails in the
compact. This porosity (free space) seems to be a necessary prerequisite for
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the growth of such large grains in the solid state leading to plate sizes of up to
7 urn (Fig. 4).
TEM imaging of such plate-containing microstructures revealed that the thin
plates always contained growth twins, which, obviously, facilitated the rapid
growth process (Fig. 9). Their low plate thickness (in the range of 100 to 500
nm) further indicates that the origin for the high growth rates cannot be traced
back to the portion of the largest WC grains within the alloy but in the defect
itself; i.e. surface ledges are formed through twin formation and a defectassisted growth can be assumed. In this case also finer WC grains can grow
at high growth rates even at low supersaturations, originating from the
differences in grain sizes.
The formation of twins can have quite different origins. Twins might be
present already in the starting WC powder (as growth twins), or might result
from intensive powder milling in attritors or ball mills (introduction of defects)
and subsequent recrystallization on heating (recrystallization twins).
However, twinning might be caused as well by chemical reactions which take
place during sintering and which might result in the formation of growth twins
and subsequent plate formation. A strong indication for this formation mode is
given by the present investigation, which has shown enhanced twinning as a
result of powder milling.

0 2 |jm

AS

Fig. 9: TEM bright-field images of the ball-milled alloy shown in Fig.4, indicating the
presence of growth twins in the large WC plates; note that even the smallest WC
grains are facetted; heated to 1250°C and held for 10 minutes.

However, twinning occurred only in certain parts of the samples (and not all
over the alloys, as one would expect in case of recrystallization twinning),
and, obviously, as a result of the gross carbon content. In this regard it is
important to consider that on ball milling a significant oxygen pick-up occurs.
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This oxygen (present at the WC and Co powder particle surfaces in the form
of the respective oxides) is released later during sintering in the temperature
range of 500-1000°C as CO2 and CO, causing local carbon deficiencies,
where -q-carbides (Co3W3C, Co6W6C) can be formed. Subsequent
transformation of these carbides to form WC and Co, according to
C03W3C + 2C -> 3 Co + 3 WC
under carburizing conditions (by carbon diffusion from carbon-rich areas)
might result in the in-situ formation of WC and the formation of growth twins.
An important prerequisite for this formation mechanism is the assumption of a
non-equilibrium during early sintering (cobalt spreading onto the WC
surfaces) and the build-up of carbon activity differences during sintering.
These conditions will be influenced by the "local microchemistry" of the WCCo compact (presence of off-stoichiometric areas; carbon nests; graphite
particles) as well by the sintering atmosphere. This is more or less
decarburizing, depending on temperature and residual atmosphere.
In 1981 it was reported that twinned WC crystals form on the carburization of
milled tungsten powders in the presence of an iron binder metal in the
temperature range of 900 to 1200°C [13]. Only recently it was then
demonstrated that WC plates with growth twins are formed "in-situ" during
sintering of a Co3W3C + graphite (or carbon black) powder mix [14]. Thus
these reactions can be seen to proceed locally in a fine-grained WC powder
matrix with local fluctuations in carbon content. Since only a few WC twins
form in this case (as compared with a pure reaction sintering process [15]),
only a few, but very large WC plates are formed, which rapidly grow at the
expense of the surrounding still very fine WC matrix.
It is easy to demonstrate that the presence of small amounts of
ri-carbides does promote the formation of large WC plates in a fine-grained
WC matrix. The result of such an experiment is shown in Fig. 10 (left image)
for the case of small additions of Co3W3C (produced from elementary powder
mixes) and the respective equimolar amounts of carbon black to a ball-milled
WC-Co powder batch. In such an alloy WC plates are formed in isolated,
nest-like plate structures, rather than as individual plates. This defect-assisted
anisotropic growth mode can be easily differentiated from the case of a rapid
isotopic growth mode, which can be forced by additions of a small amount of
larger WC grains, as shown earlier in Fig. 9.
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ball milled (addition of Co3W3C and graphite)

10 um

^

5

1 um

Fig. 10: Microstructure of the ball-milled alloy; 2wt% Co3W3C/graphite added to the
powder mixture; heated to 1250°C and held for 10 minutes; plates formed close to a
small graphite particle.

Considerations on twin formation
WC crystallizes in the non-centrosymmetric space group P-6m2 (No. 187)
with one formula unit per unit cell [16]. The cell dimensions are a = 2.906 A
and c = 2.837 A with cla = .976. The atoms are in the following special
positions: W in 1 a: 0,0,0; C in 1 of: 1/3,2/3,1/2.
Fig. 11 shows a projection along the c axis. The atoms are arranged in
alternate close packed layers of W and C in (0001) planes. Close packed
layers are 36 nets composed of equilateral triangles. For such layers to be
stacked the nodes of one net must center alternate triangles of nets above
and below. The stacking symbols A,B,C and cc,ß,y, where the Roman letters
represent W atoms and the Greek letters represent C atoms, relate the
positions of the nodes of the nets of the hexagonal cell. For WC the stacking
repeat sequence is Ay.
Each W atom in WC is surrounded by a trigonal prism (Fig. 11), W by six C at
2.197 A. It might be noted that the structure is its own anti structure so there
is also each C atom coordinated by six W atoms. Each atom is further
coordinated by eight atoms of the same kind at 2.837 A (2 x) and 2.906 A
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(6 x). These distances are comparable with the nearest neighbor distance in
pure tungsten, 2.735 A.

A, a

Fig. 11: Unit cell of the WC structure
projected along [0001]. W, open circles; C,
black circle. A,B,C and a,ß,y denote the
stacking sites for close packed layers. Each
atom in the WC structure is coordinated by
six atoms of the other kind (indicated by
three pairs of double lines).

The structure of WC contains three kinds of dense plane forms, namely the
pinacoid {0001}, and the two crystallographically different trigonal prisms
{10-10} and {-1010}, which seem to determine the morphological properties.
WC crystals occur preferentially as trigonal prismatic plates, but it is not
known yet, whether they are bound by {0001} and {10-10} or by {0001} and
{-1010}. Due to the fact, that for characteristic X-rays the differences between
the intensities of (hkl) and (-h-k-l) reflections are rather small with respect to
the large absorption effects, the only way to determine the absolute structure
(and thus to differentiate between {10-10} and {-1010}) would be the use of
synchrotron radiation with wavelengths near the L-absorption edge of W
{X= 1.21545 A).
It is often observed (Fig. 12a) that WC crystals occur as contact twins
(twinning by merohedry) with [01-10] as the twin axis (rotation through 180°)
and (0001) as the composition plane. Twinning of WC might be due to
stacking faults. Above and below the composition plane WC adopts the NiAs
structure
(Fig. 12b), which can be coded as AyAß. In this structure W is surrounded by
six equidistant C atoms situated at the comers of a distorted octahedron. The
layers of trigonal prisms consisting of C atoms are the same as in the WC
structure, but now adjacent layers are staggered so that trigonal prisms share
only edges (and not faces) between the layers. The contact region might
consist of alternating small parallel crystals referred to as twin lamellae. Each
lamella is related to its adjoining neighbor by the appropriate twin law.
Contact twins with two more or less large twin domains occur, if the number
of stacking faults (composition planes) is odd.
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(0001)

NiAs-lypc

(0110)

(1010)

(1010)

(0110)

(1100)

Fig. 12: a) Twinning by merohedry in WC. b) WC structure with one stacking fault
projected on (11-20). W, open circles;C, black circles. The broken line indicates the
composition plane parallel (0001). Thin dotted lines outline the coordination
polyhedra of W.

If the number of stacking faults (composition planes) is even (Fig. 13a) the
two domains have the same orientation (Fig. 13b). Initially polytypism has
been defined as a special case of polymorphism in which the various
polytypes are derived from the different ways of stacking structurally and
chemically equivalent layers.
(0001)

WC-typc

NiAs-type
(0110)

(1100)
(1010)

WC-typc

Fig. 13: a) Two domains of WC with the same orientation, maybe due to an even
number of stacking faults, b) WC structure with two stacking faults projected on
(11-20). W, open circles; C, black circles. The broken lines indicate composition
planes parallel (0001). Thin dotted lines outline the coordination polyhedra of W.

However, in the case of silicates it became clear that the relative stability of
stacking variants is a function of the composition of the constituent layers.
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This has been reinforced by the discovery that polytype stability in SiC is
affected by trace impurities [17]. Impurities or enrichment of elements
therefore might be the reason for stacking faults and twinning in WC.

5 Conclusion
• On sintering of very fine-grained WC powders (particle sizes in the
range of 100 to 500 nm) significant local grain growth already occurs on
heating to the isothermal hold.
• This growth occurs both isotropically as well as in an anisotropic growth
mode, where large trigonal WC plates are formed.
• While isotropic growth can be related to coarse WC grains within the
sintering body acting as seed crystals for the local growth, a defectassisted growth has to be assumed in case of the plate formation.
• The plates contain growth twins, which promote the grain growth by
forming surface ledges.
• The trigonal plate containing growth twins can be regarded as a growth
shape (habitus) of the hexagonal WC.

6 References
1.

2.
3.
4.

5.
6.
7.

W.D. Schubert, A.Bock and B. Lux: Advances in Powder Metallurgy &
Particulate Materials (Ch.L. Rose, M.H. Thibodeau, eds.), MPIF,
Princeton, New Jersey, Vol.3 (1999) pp. 10-23.
Y. Yamamoto, A. Matsumoto, Y. Doi: Proc. 14th Int. Plansee Seminar,
Vol.2, pp. 596-608 (ed. G. Kneringer et al, Plansee AG, Reutte (1997).
K. Hayashi, N. Matsuoka: Proc. 14th Int. Plansee Seminar, Vol.2, pp.
609-621 (ed. G. Kneringer et al, Plansee AG, Reutte); 1997.
Ch. Walch: Densification and Grain Growth of Ultrafine WC during
Hardmetal Sintering, Diploma Thesis, Vienna University of Technology,
Austria (1994).
L. Akesson: Sandvik Coromant, Lab. Report No.2510, Stockholm
(1978).
W.D. Schubert, A. Bock, B. Lux: Int. J. of Refractory & Hard Materials
13 (1995) pp. 281-296.
T. Taniuchi, K. Okada, T. Tanase: Proc. 14th Int. Plansee Seminar,
Vol.2, pp. 644-657 (ed. G. Kneringer et al, Plansee AG, Reutte);1997.

314

HM 12

M. Sommer et al.

15" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

8.
9.
10.
11.
12.
13.
14.
15.
16.
17.

K. Okada, M. Hisanaga, T. Tanase: Proceedings of PM2000, Kyoto, to
be published.
C. Wagner, Z. Elektrochemie 65 (1961) 581.
Fischmeister, G. Grimval: Sintering and Related Phenomena, ed. G.C.
Kuczynski, Plenum Press, New York (1980) pp. 119-46.
Y.J. Park, N.M. Hwang, D.Y. Yoon: Metall. Trans. A, Vol.27 (1996) pp.
2809-2819.
C.H. Allibert: Int. J. of Refractory & Hard Materials 19 (2001) pp. 53-61.
M. Kobayashi, S. Yamaya: Proc. 10th Int. Plansee Seminar, Vol.1, pp.
597-612 (ed. H. M. Ortner, Plansee AG, Reutte); 1981.
S. Kinoshita, T. Saito, M. Kobayashi, K. Hayashi: J. of the Japan
Society of Powder and Powder Metallurgy, 47, No.5 (1999) p. 526.
M. Kobayashi, et. al: European Patent EP 0759 480 A; 1995.
E. Parthe, V. Sadagopan: Monatshefte für Chemie, Vol. 93 (1962) pp.
263-270,.
N.W. Jepps, T.F. Page: J. Cryst. Growth and Characterisation (1983)
pp. 259-307.

AT0200484
A.A. Ryzhkin et al.

HM 33

315

15'" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

Wear Resistance and Electronic Structure of Cutting Tool
Materials on a Basis Carbides of Tungsten and Titanium
A.A. Ryzhkin, V.V. llyasov, A.V. Lyulko
Don State Technical University, 344010 Rostov-on-Don, Russia

Summary:
The decision of problems of durability, in particular of shock resistance and
resistance to wear of tool materials, has allowed to formulate a set of the
requirements to them, and also to establish dependence between physical
properties and characteristics of wear. However for understanding of a nature
of processes, determining, for example, tribological property of the cutting tool
it is necessary to consider interaction of atoms among themselves in a
crystal, carried out valence electrons. We spend theoretical study of the
physical properties of cutting tool materials of system W-Ti-C in a wide
interval of changes of concentration of titanium. Are calculated total and
partial local density of electronic condition for each atom in a hard solutions
W(1-x)Ti(x)C. Within the framework of one approach comparison of electronic
structure of considered(examined) firm solutions in comparison to binary
analogues is spent. Calculation partial local charges of valence bandof
system W(0.83)Ti(0.17)C has shown, that there is the carry charges to W
(0,33e) and carbon (0.29e), and Ti acts in a role of the donor of electronic
configurations W and carbon. The analysis of the given accounts of electronic
structure and absolute termo-e.m.s. for system W(1-x)Ti(x)C to predict
optimum concentration of Ti in the given system, determined by area of the
minimum meaning of absolute termo-e.m.s., that proves to be true by x-ray
researches.
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Keywords:
Cutting tool, W(1-x)Ti(x)C, durability, tribological property, wear, electronic
structure, termo-e.m.s.

System researches of the last years, in a combination to the analysis
received in work [1] the formulas, have allowed to define the basic ways of
decrease the wear and management

of the wear resistance at friction in

conditions of cutting:
•

Maintenance of

a TD-condition of a tool material with the minimum

meaning of density saved entropy;
•

Localization of thermodynamic processes in thin-film structures;

• Application of cutting materials with

high meaning of critical density

of entropy;
•

Maintenance of a mode of self-organizing;

•

Development of criteria of optimization and analytical dependences for a
choice of an optimum mode;

•

Diagnostics of wear during cutting.
The significant interest represents consideration of the first direction, the

realization of which assumes the decision of problems macro- and microlevel.
In particular, at a microlevel a major problem, on our sight, is perfection of
structure of a tool material. As in quality of structural - sensitive parameter
size termo-e.m.s. can serve, which is defined by character of distribution of
density electronic condition (DOS) in a vicinity of a level Fermi, the
establishment of correlation communication between parameters of the wear
resistance and termo-electrical of the characteristics of a tool material
represents scientific and practical interest [1-3]. Carried out in [3] the analysis
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and estimated accounts of the wear resistance have shown, that lifted in [4]
the concept of the termo-e.m.s. a parameter of the wear resistance is
objective.
As is known [5], termo-e.m.s. is caused by three reasons: by dependence
of a level Fermi from temperature; diffusion of electron and enthusiasm
fonons of electrons.
determining

For understanding of a nature of physical processes

the tribology properties of a material of the cutting tool, it is

necessary to consider interaction of atoms among themselves in a crystal
carried out valence electrons and described by the equation of Shredinger.
Size termo-e.m.s. are defined by character of distribution DOS in a vicinity of
a level Fermi. Less size termo-e.m.s. is experimentally established, that than.,
the above the wear resistance of a material. Thus, absolute meaning termoe.m.s. can act by the important indicator in search of structure of new cutting
tool materials, acting in a role «bridge» between their electronic structure and
the wear resistance.
One of the main tasks of a science about friction and deterioration is the
development of analytical dependences for a settlement estimation of size of
deterioration (or intensity of wear process) with the account probably of
greater number of the influencing factors. Let's consider the most investigated
kind of wear process - abrasive, which agrees by the data Vierrege G. [6], is
shown with uniform intensity in all range of speeds (temperatures) cutting.
Therefore we shall establish interrelation between termo-electrica! by the
characteristics of a tool material and relative wear resistance at abrasive wear
process, using classical dependence Hrushev M., the hardness of tool
materials of materials can be found on correlation dependence. For definition
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expressions allow on data of account complete and local partial of density of
electronic condition and experimental meanings termo-e.m.s. to receive
estimations of wear resistance of a material of a product at abrasive wear
process.
The electronic structure carbide of systems WC, W^T^C, TiC paid off by
a method local coherent of potential within the framework of the theory
repeated scattering under the circuit, described in work [9]. The theoretical
study of the specified properties of tool materials of system W - Ti - C is
spent in a wide interval of changes of concentration titanium, considering
them as firm solutions of the carbide tungsten W ^ T i

x

C (x = 0.. 0.6) with

structure of a lattice as NaCI. Are calculated complete and partial of density of
electronic condition for each atom in a firm solution. Within the framework of
one approach comparison of electronic structure of considered firm solutions
in comparison to binary analogues is spent. Calculation partial charges of
electrons in the top part of top valence band of firm solutions of the carbide
tungsten and titanium (W, Ti) C has shown, that to increase of concentration
the carbide tungsten in system there is the change of numbers of filling. At
replacement of atoms of the tungsten by titanium, there is the downturn of
statistical weight electronic sp3 - configuration of atoms of tungsten.
Similarly, using experimental meanings termo-e.m.s. of the materials,
calculate

the

hardness,

relative

wear

resistance

and

energy

of

communication, which are submitted in tabl.
The analysis of data table shows, that the given model reflects the
tendencies of increase the wear resistance of tool materials in a this line, with
reduction termo-e.m.s. Observable increase relative wear resistance of tool
materials on a basis carbide of systems correlates with increase of energy of
communication in a tool material.The increase of energy of communication
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can be explained hybridization of 2p-condition of carbon and 5d-condition of
tungsten, doped of 3p- and 3d-condition of titanium, that indirectly proves to
be true by increase of hardness in the this line.

Table. Settlement the wear resistance tool materials for temperature of
cutting t = 600° C
Material

EF,

s ,|dV/deg

Ry

H,

' OTH

GPa

Ry/un.cell

we

0.900

-23.0

23.57

10.7

330.45

BK8

0.920

-20.3

25.54

11.1

358.13

0.913

- 19.4

30.68

11.5

430.06

0.918

- 16.6

34.40

11.9

482.29

0.930

-11.9

39.38

12.3

552.21

0.970

0.96

57.65

13.6

808.83

(W - 8Co)
T5K10
(W-5TiC-10Co)
T15K6
(W-15TiC-6Co)
T30K4
(W-30TiC-4Co)
T60K6
(W-60TiC-6Co)

Thus, with

reduction

of

meanings

absolute termo-e.m.s. As

the

characteristics of electronic structure of a tool material is increased the wear
resistance.
Received settlement data can basically explain marked many

by the

authors presence of communication between termo-e.m.s. and intensity of
wear process hard-alloy T5K10, T15K6 and BK8 on automatic transfer lines.
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Correlation connection between intensity of wear process and size termoe.m.s. In conditions of friction and cutting, established for firm alloys, is kept
and for other groups of tool materials, for example, oxide-metal material and
high-speed steels.
Thus, despite essential differences of structure of the high-speed steels
from firm alloys and for them character of correlation communication between
the wear resistance and absolute termo-e.m.s. is kept.
The settlement sizes of energy of communication of carbides can basically
be aplicable in future for an estimation of intensity of wear process and for
other kinds of wear process, in particular, adhesive wear and diffusion wear.
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Решение проблем долговечности(срока службы), в особенности ударопрочности и прочности
материалов инструмента, разрешило формулировать набор требований к ним, и также устанавливать
зависимость между физическими свойствами и характеристиками износа. Однако для понимания
характера(природы) процессов, определения, например, трибологические свойства режущего
инструмента необходимо рассмотреть взаимодействие атомов между собой в кристаллическом,
выполненном валентными электронами. Мы тратим(проводим) теоретическое исследование
физических свойств материалов режущего инструмента системы W-Ti-C в широком{...}
Мы тратим(проводим) теоретическое исследование физических свойств материалов режущего
инструмента системы W-Ti-C в широком интервале изменений(замен) концентрации(обогащения)
титана. Рассчитаны общее количество и частичная локальная плотность электронного
условия(состояния) для каждого атома в жестком Указателе времени Вт (1-х решений(растворов) (х)
С. В пределах каркаса одного сравнения подхода(подводящего канала в экструзионной головке)
электронной структуры рассматриваемых (исследованных) твердых решений(растворов) по
сравнению с бинарными аналогами потрачен.
Вычисление частичные локальные обвинения валентности bandof системный Указатель времени Вт
(0.83, который ((0.17) С показал, что имеются обвинения переноса к Вт (0,33e и копировальной бумаге
(0.29е), и действиям Указателя времени в роли донора электронных конфигураций Вт и
копировальная бумага. Анализ данной отчетности электронной структуры и абсолютного termo-e.m.s.
Для системного Указателя времени Вт (1-х (х) С, чтобы предсказать оптимальную
концентрацию(обогащение) Указателя времени в данной системе, определенной областью значения
минимума абсолютного termo-e.m.s., который, доказывается, {...}
Анализ данной отчетности электронной структуры и абсолютного termo-e.m.s. Для системного
Указателя времени Вт (1-х (х) С, чтобы предсказать оптимальную концентрацию(обогащение)
Указателя времени в данной системе, определенной областью значения минимума абсолютного
termo-e.m.s., который, доказывается, истинный рентгеновскими исследованиями.
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WC PLATELET-CONTAINING HARDMETALS
A. Schön, W.-D. Schubert, B. Lux
Institute for Chemical Technology of Inorganic Materials
Vienna University of Technology, A-1060 Vienna, Austria

Since Toshiba Tungaloy introduced their Disk Reinforced Cemented Carbide
to the scientific community, WC platelet-containing hardmetals have been a
topic of major interest.
The present work provides a literature review on the formation and growth of
the trigonal-shaped WC platelets. The review establishes two main
mechanisms of plate formation. Based on this knowledge a new processing
route has been elaborated at Vienna to obtain WC plate-containing
hardmetals. This route is based on the recrystallization of very-fine grained
WC in the presence of small amounts of TiC or Ti(C,N) [0.2-0.7 wt% TiC.N].
Alloys based on this processing method show a high degree of plate
formation with aspect ratios of up to 1:10, as well as promising hardness/
toughness combinations compared with conventional, plate-free materials.

Keywords: hardmetal, cemented carbide, WC platelets, growth twins,
abnormal grain growth

1.

Introduction

Platelet- and fiber-reinforced ceramics showing enhanced fracture toughness
appear to be attractive materials for structural applications. Commonly, the
platelets and fibers are added during P/M processing but can also be formed
"in-situ" during the sintering process. The latter route has been demonstrated
to be successful in case of WC platelet-reinforced hardmetals [1-3], based on
a reaction sintering process, and only recently such materials were
introduced into the cutting tool market [4].
The present work focuses on this interesting material development. It aims to
construct a new alternative route for obtaining WC platelets in hardmetals.
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This route originates in a comprehensive literature review and constitutes a
simple and straightforward approach based on well-introduced raw materials
and common processing techniques.

2.

Literature

The story of WC platelets in hardmetals can be traced back to the mid-sixties,
when du Pont de Nemours and Company filed a series of patent applications
on WC plate formation [5-7]. Since then, several further studies were
published/patented, based on different principles of plate formation, leading to
the commercializing of platelet-containing alloys in 1998/99 [4]. The following
list of investigations gives a short chronological review on the most important
work on WC plate formation, which acted as a basis for constructing a new
route for obtaining WC plate-dominated microstructures.
1964-72: G. W. Meadows (du Pont de Nemours and Company) was granted
several patents for the manufacture of plate-like WC-based hardmetals. It is
claimed that the plates are formed during sintering of colloidal WC powders in
the presence of an iron binder metal matrix. Such alloys are said to exhibit
superior combinations of strength, hardness and toughness. The platelets
can be oriented by hot pressing or hot extrusion. [6,7].
1968: L. Pons (University of Caen, France) presents a paper on the plastic
properties and grain shape of WC [8]. In one of his chapters he describes the
formation of twinned, plate-like WC crystals on recrystallizing WC with and
without binder by heating to 2000°C.
1975: M.K. Brun et a! (Pennsylvania State University) report their results on
precipitation studies in the system WC-TiC [9]. They observe the formation of
plate-like WC crystals out of supersaturated solid-solution powders on
sintering the powders with 10 wt% Co at 1450°C.
1980-1981: M. Kobayashi et al (Toshiba Tungaloy) publish their work on
twinned WC grains in cemented carbides [10]. Flaky W powders (produced
by powder milling) form plate-like WC during carburization in the presence of
ferrous metals.
1989: K. Kobori et al (Toshiba Tungaloy, Tokio University) describe the
formation of sheet-like WC in WC-(W,Ti,Ta)C-Co alloys [11]. The sheets form
on sintering of (WC/TiC/TaC) powders supersaturated in tungsten.
1992: S. Masahiro (Toshiba Tungaloy) describes a procedure for obtaining
plate-like WC on sintering of hardmetals containing 3-40% of cubic carbides,
by using fine-grained WC powders (<0.5um) [12].
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1994-2000: M. Kobayashi et al (Toshiba Tungaloy) are succeeding in
producing plate-reinforced hardmetals on a large scale. The patented process
[1] is based on the formation of a W-Co-C powder precursor substoichiometric in carbon (related to the final composition WC-Co), which is
subsequently used for hardmetal sintering ("reaction sintering"). The plates
can be oriented by the use of proper starting materials and processing
conditions [13,14]. Several papers demonstrate the advantage of these
materials over conventional, plate-free alloys. Commercialization took place
in 1998/99.
1997-98: K. Rödiger et al. (Widia GmbH) patent the formation of WC platelets
on reaction sintering of (W, Co, C)-powder mixes in a microwave device [15].
1998: A.V. Shatov publishes a work on the shape of WC in hardmetals [16].
He observes plate-like WC in the system WC-Ni in the presence of small
amounts of TiC. The formation of plates is explained by a face-specific
adsorption of titanium on the growing WC.

From this review two main principles of WC plate formation can be
elaborated:
•

Plate formation through recrystallization of fine-grained WC on heating
above a certain critical temperature (which depends on the grain size of
the starting WC and the amount/composition of the metallic binder). In
this case, the WC platelets are formed by a dissolution/reprecipitation
process ("recrystallization") [5,8,12,16].
• Formation of WC plates through nucleation and growth of the carbide in
various chemical environments, in most cases in a solid or liquid iron
group metal binder matrix. In this case, the WC forms anew during
annealing/precipitation/sintering via the transformation of a tungstencontaining source, such as, for example, a W-supersaturated cubic
mixed crystal carbide (W,Ti,Ta,Nb)(C,N), W, W2C, Co7W6, ri-phases
(e.g. C03W3C) orK-phases (e.g. C0W3C) [1,9,10,11,15].
In both principles the plate-like morphology of the WC can be regarded as a
growth shape of the hexagonal WC rather than the equilibrium shape. This
conclusion is confirmed by the observation that during rapid growth of the
WC, as for example, during eutectic precipitation of the WC in case of very
high Co grades (no WC seed crystals present; locally high melt
supersaturations) very thin WC plates (lamellas) are always formed, rather
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than isotropically grown equiaxed trigonal prisms, which are considered to be
the equilibrium shape of the WC [17]).
It can be further concluded that additions of titanium [9,16] support (stabilize)
the plate formation both during recrystallization as well as "new formation"
(reaction sintering).

3.

The Meadows/Shatov route

Recrystallization of very fine-grained WC powders as described by G.
Meadows in 1964 [5] constitutes a straightforward way of WC plate formation.
By contrast with the manufacture of hardmetal in the 1960's powders are
commercially available today with average WC grain sizes in the range of 100
to 200 nm. On sintering of such materials at comparatively high temperatures
(up to 1500°C), WC plate formation occurs, as demonstrated in Fig.1 in the
case of the finest WC powder grade currently commercially available.
However, this kind of growth occurred only in case of heavily milled WC
powders, where the milling process had obviously activated the
recrystallization mode. In addition, recrystallization was very non-uniform and
a portion of very large WC grains with sizes greater than 10 urn always
occurred in the microstructures.
Further experiments then indicated that additions of titanium carbide or
carbonitride can force the recrystallization of the WC in the plate shape, as
described earlier by A. Shatov for the case of WC-Ni alloys [16].
Based on these preliminary investigations a new route of hardmetal
manufacture was established, which is based on the recrystallization of finegrained WC powders (so-called ultrafine grades) in the presence of small
amounts of TiC or Ti (C,N). With reference to the earlier investigations by G.
Meadows and A. Shatov this route was named the Meadows/Shatov route.
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10 (jm

Fig.1: Light optical micrograph of a WC-10 wt% Co alloy, ball-milled for 14 days and
sintered at 1500°C for 20 minutes; alloy based on the WC powder shown in Fig.2a;
Murakami etching; 1000 x.

4.

Starting Materials and Experimental Procedure

Several ultrafine WC powder grades were taken into consideration for the
recrystallization experiments. This included WC powders produced by
conventional processing, as well as by alternative routes [18-20]. Fig. 2
presents SEM-images of the finest and the "coarsest" WC powder used.

Fig.2: SEM images of the finest (2a) and "coarsest" (2b) WC powder used for
recrystallization experiments; magnification: 20,000 x.
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High purity Co (0.95 |jm; H.C.Starck), TiC powder (3.6 pm; Treibacher
Chemische Werke) and Ti(C,N) powder were used for alloy preparation.
Powder mixes (12-14 wt% Co) were prepared by ball milling (90 hours;
weight ratio of milling media: powder 6:1; 60 % of the critical rotation speed)
or attritor milling (2 hours; 700 rpm; ball size: 1.2 mm; disk stirrer),
subsequently granulated and pressed into compacts at 200 MPa.
Liquid phase sintering was carried out in an industrial GCA sintering furnace
at 1350-1500°C for 20 to 180 minutes. The heating rate was selected
between 3 and 10°C/min and the pressure during isothermal sintering was
<0.01 mbar.
Hardness and indentation toughness measurements were carried out on
selected alloys as described in [21], using an indenter load of 50kgf.

5.

Results and Discussion

Several parameters turned out to influence the degree and mode of
recrystallization:
• the sintering temperature and sintering time
• the average grain size of the starting WC powder grade
• the alloy gross carbon content
• the amount of cobalt
• the amount of TiC or Ti(C,N) added (-0.2 wt% -» 0.7 wt%)
• the residual atmosphere/ heating rate
Only the most crucial parameters are discussed in the following.
Sintering temperature/time
In general, high sintering temperatures were necessary to achieve a high
degree of WC plate formation. This is demonstrated in Fig.3 for the case of a
WC-14 wt% Co alloy that was sintered under three different sintering
conditions. At 1400°C, the matrix of the alloy still remained fine, but a few WC
plates with plate sizes of up to 3um were already formed. At 1500°C and 20
minutes, most of the WC grains are already in plate form, and the
microstructure is dominated by a large number of small WC plates with
aspect ratios of up to 1:10. After 3 hours at 1500°C, almost a complete
recrystallization occurred, with WC plate sizes of up to 7 urn.
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Fig.3: SEM images of WC-0.7TiC-14Co alloys, sintered to different degrees of
recrystallization; based on the WC powder shown in Fig. 2a; 4000 x.

Average grain size of the starting WC powder
The smaller the grain size of the WC powder the stronger is the tendency to
recrystallize. "Coarser" WC powders (-0.35 |jm; Fig.2b) need stronger
recrystallization conditions to form a high degree of platelets. Thus, the
sintering cycle has to be adapted to the WC powder particle size.
Nevertheless, almost all grains can be forced into the plate shape (Fig.4).
10|jm

Fig.4: SEM image of a WC-0.35TiC-14Co alloy; sinterhiped under industrial conditions;
2000 x.
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Alloy gross carbon content
It is well known that the alloy gross carbon content significantly co-determines
the dissolution/reprecipitation processes in hardmetals and, therefore, also
the degree of recrystallization. High carbon alloys promote grain growth, and,
consequently, the degree of recrystallization. However, recrystallization
occurs less uniformly and the plates that are formed show a somewhat lower
aspect ratio (Fig.5). Low carbon alloys restrict both the overall as well as the
local grain growth.
,' V
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Fig.5: SEM images of a high carbon (left) and low carbon (right) WC-0.3TiC-12Co alloy;
sintered at 1500°C for 20 min; based on the WC powder shown in Fig. 2a; 2000 x.
Aspect ratios of up to 1:10 can be obtained in such low carbon variants under
proper sintering conditions (Fig.6).
pm

Fig.6: Microstructure of a low carbon WC-0.4TiC-14Co alloy; sintered at 1500X for 20
min; 4000 x.
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Local WC plate growth
On recrystallization of fine-grained WC powders a certain plate size
distribution is always formed. The finer the WC powder, and the broader the
starting WC particle size distribution, the stronger is the tendency for the local
growth of very large WC plates. These are detrimental to properties and can
act as a fracture source during stressing. An extreme for such a local giant
plate growth is demonstrated in Fig.7. The formation of such plates can be
traced back to the early stages of sintering (~1250°C) and the occurrence of
chemical and/or physical heterogeneities, leading to a defect-assisted growth
of the WC by formation of growth twins [22]. Such heterogeneities (which can
be already present in the WC powder grade or form during intensive powder
milling) have to be strictly avoided by choosing proper processing conditions.

v ^

•o 7~^ ^
Fig.7: Giant WC grain growth obtained in a WC-0.35TiC-14Co alloy; sintered at 1500°Cfor
one hour; such large WC plates can already form during the heating-up of the sintering
cycle (still in the solid state) as a result of local excess carbon.

However, appropriate powder raw materials as well as adjusted sintering
conditions result in alloys with a high degree of microstructural uniformity and
WC plates with plate sizes in the range of 2-5um (Fig.8).

H. Schön et al.

HM 35

331

15" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

Fig.8: BSE image of a WC-0.35TiC-14Co alloy sintered under optimized processing
conditions; note that the largest plates are in the order of 7|jm; random plate distribution.

The twinned trigonal WC plate as the growth shape of the WC
The trigonal WC plates can be considered as the growth shape of the
hexagonal WC. TEM imaging reveals that the plates contain growth twins and
stacking faults that facilitate crystal growth by providing surface ledges for
growth (Fig.9). Growth occurs preferentially on the prismatic planes (1010),
whereas the basal plane (0001) remains as the dominating crystal face.
Such crystal defects are also easily visible on the sintering surfaces (skins) of
the WC plate-containing alloys as demonstrated in Fig. 10.
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1 um

F i g . 9 : TEM image of a WC-Co alloy produced by the "Meadows/Shatov" route; note the
presence of growth domains (twins; stacking faults) which obviously facilitate the growth
along the prismatic planes.

\im

Fig.10: SEM image of the sintering skin of a WC-0.4TiC-14Co alloy; sintered under
industrial sintering conditions; 4000 x.
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Hardness to toughness relationship of WC platelet-containing alloys
Selected plate-containing alloys were used for hardness (HV50) and
indentation toughness measurements. The results are summarized in Table 1
together with those obtained on two commercial, plate-free WC-Co alloys.
From this comparison it can be seen that in the hardness range of
HV 1300 to HV1400 promising toughness improvements were obtained for
the plate-containing alloys, in particular in the case of optimized plate
microstructures.
SEM investigations of the crack paths give evidence for the various
toughening mechanisms that work in brittle materials, in particular crack
deflection and cleavage, but also bridging, microcracking, and debonding
(Fig.11). However, it cannot be excluded that residual stresses, originating
from the cooling due to the different thermal expansion coefficients of the WC
and binder (and being different in plate-containing alloys as compared with
plate-free materials), interact on the different mechanisms, and, hence, also
influence the crack resistance of the respective alloys.

Table 1: Hardness and indentation toughness parameters of WC plate-containing
hardmetals, compared with commercial WC-Co grades.

Co
WC powder
desig. content est. SEM
r

Jn/,

[wt%]

•

r

sizefrm]

7

recr

ystalh£ crack- Palmqvistza
.'
HV50 length toughness

conditions

r

r1500°ci

commercial, plate-free alloys
Std 1
WC-Co
Std2
WC-Co

,

&m]

„,,

7

Klc
[MN
3/2 7

[N/mm] mm3"]

T370
1297

343
203

143Ö
2416

12.3
15.5

1356
1387
1323
1385
1382
1361
1329

214
244
184
254
229
228
147

2292
2010
2666
1931
2142
2151
3337

15.5
14.6
16.5
14.3
15.1
15.0
18.5

platelet-containing development grades

1
2
3
4
5
6
7

12
12
14
14
14
14
14

0.12
0.12
0.12
0.15
0.2
0.2
0.35

20 min
20 min
20 min
60 min
180 min
20 min
180 min
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Fig.11: SEM images of crack paths in a WC-0.35TiC-14Co alloy, showing different
toughening mechanisms.

Conclusion
WC platelet-containing hardmetais can be successfully produced by the
sintering of very-fine grained WC powders in the presence of small
amounts of TiC or Ti(C,N) at comparatively high sintering temperatures.
Both, uniform and non-uniform platelet microstructures can be formed,
depending on the starting WC powders and subsequent processing
conditions.
Optimized platelet-containing alloys show superior hardness-toughness
combinations compared with platelet-free commercial alloys.
The formation of very large WC plates (sizes >10 urn) has to be
avoided, since they lower the crack resistance and can act as fracture
origins on loading.
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The effect of binder volume fraction on gradient sintering
of cemented carbides
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Summary:
To increase the cutting performance of cemented carbide tools, it is common
to use a high temperature CVD process to coat them with thin wear resistant
layers. During the process cracks are unavoidably introduced in the coating.
To prevent crack propagation it is of interest to create a tough surface zone in
the substrate, enriched in WC and binder phase. A way to create such a zone
is to sinter a nitrogen containing cemented carbide in a nitrogen free
atmosphere. This formation of gradient structures has been extensively
studied using microscopy and simulations, and it has been shown that the
process is driven by diffusion in the binder phase. However, the diffusion
paths are partly blocked by the dispersed particles. This effect can formally
be handled by considering effective diffusivities by introducing a so-called
labyrinth factor, A. In prior work it has been assumed that A = f2, where / is
the volume fraction of the binder. The validity of this assumption has been
studied by simulations and experimental analysis of gradient sintered WCTi(C,N)-Co cemented carbides containing 5.0, 6.7, 10.0 and 20.0 vol.%
binder phase. It was found that by using the labyrinth factor / instead of f2,
a better correspondence between experiments and simulations can be
achieved.
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1. Introduction
Cemented carbides, or hardmetals, are wear resistant hard materials, often in
the form of cutting tool inserts, used for example for cutting, drilling or turning
of metals. The basic cemented carbide consists of hard WC grains embedded
in a Co-rich binder phase, but usually there is also a second hard phase
present. This phase is a carbide or carbonitride containing, for example, one
or several of the elements Ti, Ta and Nb. Addition of this second hard phase
can make the material harder, but also more brittle.
Cemented carbide tools are usually coated with a wear resistant layer to
increase their performance further. The coating is performed using a high
temperature chemical vapour deposition process (CVD). Because of a
difference in thermal expansion coefficient in coating and bulk material,
cracks are unavoidably introduced in the coating. The brittleness of the
cemented carbide may then cause a problem since cracks in the coating
might easily propagate into the base material and cause failure.
A way to get around this problem is to use so called gradient sintering. The
material in this study is a gradient sintered cemented carbide cutting tool
insert, based on WC-Ti(C,N)-Co. Gradient sintering can be performed with Ncontaining cemented carbides. The material is then sintered in an N-free
atmosphere, leading to an outward diffusion of N. The gradient in N-activity
created by this diffusion will lead to an inward diffusion of Ti. In this way a
surface zone free of the hard carbonitride phase, and enriched in Co and WC,
is created. This tougher surface zone makes the cutting tool insert more
suitable for coating since it makes it difficult for cracks to propagate.
For the development of new gradient materials it is of great interest to be able
to predict the formation of surface zones. A study of the influence of cobalt
content on the gradient zone thickness was made by Schwarzkopf [1]. In the
present study the software DICTRA has been used to simulate the formation
of gradients [2, 3]. A model for diffusion in a continuous matrix with dispersed
phases has been used [4]. In this case the matrix is liquid cobalt and the
dispersed phases are the carbides and carbonitrides. Due to the presence of
the dispersed phases the diffusion is reduced in the matrix. In earlier studies
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it has been assumed that a so-called labyrinth factor f2, where / is the
volume fraction of the matrix, can be used in the simulations to reduce the
diffusion coefficient matrix of the binder.
The purpose of the present study is to investigate if this assumption gives a
good description of the process. Since the formation of surface zones has
been shown to be controlled by diffusion, a description of the labyrinth factor,
as correct as possible, is crucial for correct simulation results. Therefore, the
influence of the binder content on the gradient zone thickness has been
studied using electron probe microanalysis and simulations.

2. Material and experimental
2.1 Material
The cemented carbide alloys used in this work were based on a mixture of
WC, (Ti,W)C, Ti(C,N) powders and metallic Co powder. A set of powders
were mixed with the aim of obtaining 5.0, 6.7, 10.0 and 20.0 vol.% binder
phase and a constant ratio between volume fractions of cubic carbonitride
phase and WC in the sintered state. Further, the N and C contents were
controlled in order to obtain the same nitrogen and carbon activity at the
sintering temperature for the four alloys. A pressing agent, which is removed
at sintering, was added to the raw material powders. The mixture was ball
milled with cemented carbide milling bodies in a liquid based on ethanol and
subsequently spray dried. The sintering process contained several stages,
including dewaxing, densification and gradient formation. For the gradient
formation the samples were kept at 1450°C during 2 h in a nitrogen free
atmosphere consisting mainly of Ar and CO. The chemical compositions of
the sintered materials are given in Table 1. Full details about the mixing of the
powders and the sintering process can be found in [2]
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Table 1. Chemical composition of the studied alloys (mass%).
Alloy

Co

Ti

N

C

W

1
2
3
4

3.32
4.53
6.81
13.85

5.96
5.64
5.47
4.99

0.39
0.40
0.38
0.33

6.52
6.40
6.24
5.71

balance
"

2.2 Experimental
To study the elemental distribution, electron probe microanalysis (EPMA) was
used. The analysis was performed on a Jeol JXA8900R combined WD/ED
microanalyser operated at 15 kV. The electron beam was set to perform linesweeps over 100 |j,m parallel to the insert surface, and was moved
perpendicular to the surface with 1 jam between every sweep. For each sweep
an average composition was calculated. In this way the cutting insert was
scanned down to 500 \im from the original surface.

3. Simulations
3.1 The model
As already mentioned, a model for long-range diffusion occurring in a
continuous matrix with dispersed phases has been used [4]. This diffusion
model is available in the DICTRA software [5], It is assumed that all diffusion
occurs in a matrix, which in this case is the liquid binder phase. The
calculations are divided into two steps, one diffusion step, and one
equilibrium step, where during the diffusion step gradients in activities drive
the diffusion, and during the equilibrium step local equilibrium compositions
are calculated. The Thermo-Calc [6] package is included in DICTRA and is
used for all thermodynamic calculations.
Due to the presence of a dispersed phases (the carbides and carbonitrides)
the diffusion is reduced in the matrix (the liquid binder phase). It has earlier
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been assumed that a so-called labyrinth factor, A(f) where / is the volume
fraction of the matrix, can be used in the simulations to reduce the diffusion
coefficient matrix [4]. This is done by simply multiplying the diffusivity with the
labyrinth factor. In earlier simulations the factor f2 has been used. Since
typical binder fractions are 10-15 vol.% this leads to a rather drastic reduction
in diffusivity. In this work the labyrinth factor / has also been tried. For
simpler systems it is possible to calculate the labyrinth factor exactly [7], but
for the complicated structure of a cemented carbide during liquid phase
sintering this is not possible.
Because of the low solubility of nitrogen in the matrix phase (liquid), an
unrealistically high nitrogen supersaturation may be created in the matrix
phase during the diffusion steps. This leads to numerical problems. The way
to handle this is described elsewhere [2].

3.2 Thermodynamic and kinetic basis
A thermodynamic database [8] for carbon- and nitrogen- containing cemented
carbides has been used for the Thermo-Calc calculations and DICTRA
simulations. Model parameters for short-range order in the carbonitride phase
were included in the database [9]. For the DICTRA simulations a kinetic
description of the liquid is also needed. Lacking more detailed information it
was assumed that all elements, i.e., Co, Ti, W, C, and N, have the same
mobility in the liquid binder. A temperature dependent Arrhenius expression
was used:

M=

RT

^ni'

M\

The activation energy, ß, was assumed to be 65,000 J/mol [10,11,12]. A
value of the frequency factor, M ° , was chosen in order to give approximately
the experimentally measured gradient zone width. From the mobility it is
possible to get the chemical diffusivity. In this case we get a diffusion
coefficient matrix where diffusion of one element also depends on the
concentration gradients of other elements. The coefficients of the matrix are
given by:
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(2)

where xk is the mole fraction of element k, Mi is the mobility of element i,
which here is assumed to be the same for all elements, /a-, is the chemical
potential, and n is an arbitrary chosen reference element. To calculate the
derivative of the chemical potential, access to thermodynamical data is
necessary. Here this is solved by using the software Thermo-Calc. To get the
effective diffusivity of the binder, equation 2 is multiplied with the labyrinth
factor:

When using the labyrinth factor / at the sintering temperature of 1450°C this
yields diffusion coefficients in the range D » 1 • 10"8 m2/s, which is quite
reasonable. The flux of any species is then given by the multicomponent
extension of Fick's first law:

n"

dc,J

hieff QZ

(4)

where Jk is the flux of species k in the direction of the z-axis and dc^ldz is
the concentration gradient of species j . It should be emphasised that eq. 4
yields the flux in the binder. In order to obtain the flux referring to a cross
section of the material the flux given by eq. 4 must be multiplied with the
volume fraction of the binder.

4. Results and discussion
Figure 1 shows experimental Co concentration profiles. The results were
obtained using EPMA. Note that these are not profiles for the binder phase
volume fraction, but only for the Co content. The binder phase also contains
some W. The W content is determined by the C activity, which during
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sintering is almost uniform throughout the substrate. This results in a close to
constant W content in the binder of approximately 3 at.% after cooling. Of the
other elements in the cemented carbide virtually nothing will be left in the
binder phase after cooling. This means that there will be a slightly larger
volume of binder phase than that corresponding to the Co content, but this
increment of volume due to W content is spatially independent.

Alloy

50

100

150

200

250

300

Distance

Figure 1. Co concentration profiles obtained with EPMA.

In figure 2 the same data as in figure 1 has been used, but the length scale
has for each curve been normalised with respect to the corresponding zone
thickness, and the Co bulk content has been set to zero, i.e. the bulk content
of Co has been subtracted from the total Co content. As can be seen, all four
curves match each other. It seems as if the Co content drops more steeply at
the zone border for the materials with a high total Co content, but this is only
an effect of the more compacted length scale due to thicker zones.
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The amount of binder phase in the material does not affect the absolute
variations around the bulk value. The only effect of a high Co content is that
the larger binder volume allows for higher diffusion fluxes, and thus faster
gradient growth. For all four alloys, the drop in Co content from the Co
enriched region outside the zone border, to the slightly Co depleted region
inside the zone border, is the same and approximately 15 at.%. This of
course also means that the relative variations in phase distribution around the
zone border will be larger with a small total binder phase content.
Calculations give the result that this is what to expect. If the gradient
formation is considered only as a replacement of carbonitride phase with
binder phase, and one also allows for some of the W from the carbonitride
phase to form WC to maintain local equilibrium, the difference in Co content
when crossing the zone border should be approximately 17 at.%.

Alloy

3

4

5

Relative distance

Figure 2. Experimental Co concentration profiles with bulk value set to zero
and length scale normalised with respect to the corresponding zone
thickness.
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Figure 3 shows a simulation of the Co concentration profile for the material
with 10 vol.% binder phase (alloy 3). The simulated profile shows the same
type of appearance as the experimental profile. The largest Co content is
found just outside the zone border, and inside the border there is a depletion.
The difference in Co content between the enriched and the depleted region is
13 at.%, which is approximately the same as found experimentally.
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Figure 3. Simulation of Co concentration profile for alloy 3.

Figure 4 shows simulation results and experimental values of the gradient
zone thickness vs. the cobalt content in the alloys. Due to natural variations in
the cemented carbide it is not possible to exactly measure the gradient zone
thickness. It is reasonable to believe that there might be an error of ± 3 urn
present in the thickness measurements. There is also a variation in zone
thickness due to two-dimensional diffusion near corners. Since the
simulations are based on one-dimensional diffusion, thickness measurements
were performed as far away from corners as possible. The dashed line in the

HM 44

346

R. Frykholm et al.

15'" International Plansee Seminar, Eds. G. Kneringer, P. Rädhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

figure shows the behaviour using the labyrinth factor f1, and the solid line
using / . For the calculation of the highest cobalt content alloy the grid has
been changed to be denser at larger distance. The results from the
simulations are compared with experimental data. The agreement between
simulations and experiments are satisfactory using the labyrinth factor/,
confirming the hypothesis that the gradient thickness varies approximately
linearly with the volume fraction cobalt in the cemented carbide.
This indicates that the increase in diffusion distance, due to the curved
diffusion paths around dispersed particles, is not as severe as previously
thought.

120

iooH
3

gradient sintering 2h, 1723 K
+ simulation A.=f2
x simulation A=f
/
A experimental values

80

I 60
40
200

0

2

4

6 8 10 12 14 16 18 20
cobalt (mass%)

Figure 4. Gradient zone thickness vs. the cobalt content in the alloys. The
dashed line shows the behaviour using f2, and the solid line using / .
Triangles are experimental values.
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Extrapolation of experimental data will give a negative Co content for zero
gradient. Still it is reasonable to expect this type of behaviour. As the Co
content decreases the diffusion paths become longer, and for some critical
value there will no longer be a continuous binder phase, and it will no longer
be possible for a gradient to be formed. As the Co content decreases towards
this value there will be a drastic drop in the zone thickness vs. cobalt content
graph, and thus extrapolation of the values beyond this point is of no physical
interest.
To compare with earlier research in this area figure 5 shows experimental
data from Schwarzkopf [1]. In the figure a growth rate constant, K, is plotted
vs. the Co content. The constant is defined by

x2=K-t

(5)

where x is the gradient zone thickness and t is the sintering time.
Schwarzkopf assumed a linear dependence between K and the Co content,
i.e. he assumed that the gradient thickness varied with the square root of the
Co content.
If the data is extrapolated using this assumption, the x-axis is intersected at
about 6 vol.% Co, which means that for alloys with a Co content lower than 6
vol.% there will be no gradient formation. This is a rather high value, and it is
not reasonable since the present study shows that a total binder content of 5
vol.% is quite sufficient to create a gradient in the material. Also, figure 4
shows that there should be a linear dependence between zone thickness and
Co content. When analysing Schwarzkopf's data further it is found that also
here a linear dependence between zone thickness and Co content is the
most correct assumption. In figure 6, data from the sintering performed at
1490°C is instead plotted in the same way as the data from the present study,
with zone thickness vs. Co content. When plotted this way, the data shows a
linear behaviour and extrapolates, as expected, to a slightly negative Co
content for zero gradient formation.
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Figure 5. Experimental data by Schwarzkopf, after [1].
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Figure 6. Experimental data by Schwarzkopf replotted. The data are for the
material sintered at 1490°C
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5. Summary and conclusions
• The binder phase fraction of the alloys only affects the thickness of the
surface gradient zone. Since all diffusion occurs in the liquid binder phase,
the binder content determines the rate of gradient formation. A higher
binder content allows for faster gradient formation because of higher
diffusion fluxes in the material.
• The absolute variations in Co content, and the overall gradient structure is
independent on the amount of binder phase.
•

Due to presence of a dispersed phase (carbides and carbonitrides), the
diffusion paths are partly blocked by the dispersed particles, which grow or
dissolve as a result of diffusion in the binder. This effect can formally be
handled by considering effective diffusivities. The diffusivity of the binder is
multiplied with a so-called labyrinth factor, X, which is dependent on the
volume fraction, / , of binder phase.

• The labyrinth factor A(f) = f gives a better agreement between
experiments and simulations than the factor f2 previously used. It can
therefore be concluded that the gradient zone thickness and binder
content show a linear relationship.
•

Earlier assumption that the gradient zone thickness is proportional to the
square root of Co content has been shown to be wrong. A consequence of
the earlier assumption would be that no gradient should be formed in
materials with less than 6 vol.% Co. For the present study, however,
gradient materials with a total binder content of 5 vol.% were
manufactured. If the gradient zone thickness is instead assumed to be
directly proportional to the Co content, extrapolation of data leads to zero
gradient growth for approximately zero Co content, as expected.
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Summary:
Dry high speed machining (HSM), particularly dry high speed milling,
demands hard coatings, which exhibit high toughness, high oxidation
resistance, a limited amount of residual stress and excellent adhesion to the
cemented carbide (CC) substrate. These requirements are met by TiAICrYN
coatings grown by the combined cathodic arc/ unbalanced magnetron
deposition method. Fully sufficient adhesion is achieved by ion implantation of
Cr into the CC prior deposition. Residual stress is controlled by an Y - free
base layer; high oxidation resistance is provided by an Y - containing 3|im
thick hard coating with 29 GPa hardness and a residual stress well below -7
GPa. Under the influence of temperatures above 800°C, Y segregates along
the columns of TiAIN and plugs the in/ outdiffusion of elements. A top layer of
Y - containing oxynitride reduces the friction against the work piece material
(0.9 to 0.65). Cutting tools coated as such may be used for dry milling up to
25k rpm in steels HRC > 60.

1. Keywords
High speed cutting, PVD, TiAIN hard coating, Yttrium, Oxidation resistance

2. Introduction
Dry high speed machining is gaining increasing importance in modern
production technology. Dry high speed milling of dies and moulds represents
the current state of the art. Cutting speeds between 15k-25k rpm have been
reported to machine steels in the hardness range of 55-62HRC. In this
application cemented carbide cutting tools must be protected with hard
oxidation resistant coatings as localised temperatures are typically up to a
1000°C. In this temperature range tungsten carbide but also PVD - TiN, PVD
- TiCN coating material, suffer severe oxidation. Since the introduction of
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PVD - TiAIN, temperatures up to 800°C can be tolerated [1]. To increase the
peak temperature still further, the addition of 1-2at% Y to TiAIN based
coatings allows peak temperatures up to 950°C [2].

E
C
'(0

(D

TiAIN
A

4

TiAICrYN

CD

TiAICrYN
+topcoat

500

600

700
800
Temperature [°C]

900

1000

Figure 1: Continuous thermogravimetric measurement. Heating rate was with 50°C/min to
400°C and with 1°C/min to 1000°C.

Thermogravimetric data shown in Figure 1 confirm the dramatic difference
in the oxidation behaviour of tungsten carbide when compared with TiAICrYN.
[2], [3]. Temperature measurements on the cutting tool indicate indeed the
occurrence of cutting temperatures greater than 900°C (Table 1). These
experiments have been evaluated by milling various steels with two flute 8mm
diameter solid carbide end mills.
The coatings described in this paper have been deposited by the
combined cathodic steered arc/ unbalanced magnetron deposition method
(Arc Bond Sputtering: ABS - Technology) [4], [5].
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Workpiece
Material

DIN

Hardness
(HRC)

1.6582

38

1.2311

48

EN24
C0.40Mn0.60Ni
1.5Crl.lMo0.3

P20
CO.32MnO.80Cr
1.60Mo0.40

H13
C0.35Sil.0Cr5.2
5Mol.5Wl.25V
0.30

1.2344

53

A2
C1.0Mn0.65Cr5
.OMol.OVO.3

1.2363

58

Cutting
Conditions
Vc =385 m/min, Ax
=3.8 mm, Radial
Feed=l mm, Feed
=0.1 mm/rev,
Spindle 16 000 rpm.
Vc =385 m/min,
Ax= 3.8 mm,
Radial Feed= 0.4
mm, Feed= 0.1
mm/rev,
Spindle 16 000 ipm.
Vc= 510 m/min,
Ax= 3.8,
Radial Feed= 0.4
mm, Feed= 0.1
mm/rev,
Spindle 20 000 rpm.
Vc=385 m/min,
Ax= 3.8 mm,
Radial Feed= 0.4
mm, Feed= 0.1
mm/rev,
Spindle 16 000 rpm.
Vc =385 m/min,
Ax= 3.8 mm,
Radial Feed= 0.4
mm, Feed= 0.1
mm/rev,
Spindle 16 000 rpm.
Vc= 510 m/min,
Ax= 3.8,
Radial Feed= 0.4
mm, Feed= 0.1
mm/rev,
Spindle 20 000 rpm.

Temperature
(after 5 minutes)
< 700 °C

<700 °C

~810°C

~810°C

~ 880 °C

~910°C

Table 1: Overview of temperatures at the cutting edge of coated cemented carbide ball
nosed end mills.
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3. The substrate/ coating interface
In dry high speed milling the tools are subjected to enormous interrupted
reciprocating mechanical impacts and under these conditions adhesion is of
paramount importance. Previous work has shown that the adhesion
measured by scratch testing (critical load : Lc) can be directly related to the
microchemistry of the interface resulting in localised epitaxial growth of the
deposited TiAIN hard coating [6], [7]. The absolute value of the critical load Lc
can be controlled by a dedicated low energy ion implantation process, carried
out in a steered arc discharge, as process step of the ABS technology, during
the metal ion etching procedure of the substrate surface (20min duration)
prior to coating [4], [5]. The implantation of 1.2keV Cr++ ions prior to
deposition of a TiAIN coating led to the highest scratch test values (Lc =
135N), when compared with a pre-treatment of 1.2keV Ar (l_c = 35N), Nb (Lc =
90N) and V (l_c = 115N) ions. Additionally a decrease of adhesion was
observed, when the accelerating voltage during ion implantation was only
0.6keV (Cr; Lc = 60N). Figure 2 reflects the life-time of TiAICrYN coated
cemented carbide end mills machining HRC 58 A2 die steel (cutting speed
15k rpm). In these experiments two-flute end mills fabricated from identical
cemented carbide material were pre-treated with various ion species and then
coated with 3|um TiAICrYN using identical deposition parameters.

45
40

Crl200V_2

Crl200V 1

135
c

•=30
J
Crl200V5min

25

Cr600V 2
Arl200V

20
20

40

60

80
LcinN

100

120

140

Figure 2: Life time in dry high speed machining versus critical load values in scratch
adhesion testing
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Figure 3: Local epitaxial growth of TiAIN on tungsten carbide after Cr ion bombardment at
Ub=-1200V (a) Selected area diffraction pattern (SADP) of TiAIN grain (b) superimposition
of the TiAIN pattern and tungsten carbide pattern (c) SADP of tungsten carbide grain.

Selected area electron diffraction patterns (Figure 3) explain the excellent
adhesion of TiAIN based coatings deposited on cemented carbide after a
1.2keV Cr++pre-treatment. Figure 3a) shows the electron diffraction pattern of
fee TiAIN, whereas Figure 3c) represents the diffraction pattern of hexagonal
tungsten carbide. The superimposed patterns of fee TiAIN and hexagonal
tungsten carbide show perfect matching of the lattices at the interface
between coating and substrate, which is a direct indication of localised
epitaxial growth.

4. Successful Layer Architecture
TiAICrYN based coatings with nanolayered Y incorporation have been
proven particularly successful in dry high speed milling operations. However,
these coatings exhibit relatively high compressive residual stresses up to 7GPa. To retain sufficient adhesion a stress reduced 250nm thick TiAICrN
base layer is employed to grade the stress between substrate interface and
TiAICrYN coating [8]. In addition, a 400nm thick special toplayer of has been
developed to achieve a reduced friction coefficient (0.9 to 0.65) of the wear
resistant ceramic hard coating against steel as work piece material. This
toplayer consists of a TiAIYN/CrN nanoscaled multilayer, which is embedded
in a TiAICrY - oxynitride. The oxygen content is continuously increased
during the deposition of the outermost 200nm of the coating by continuous
replacing in the reactive sputter deposition process nitrogen with medical dry
air [9]. Figure 4 shows a schematic diagram (a) and a TEM cross section (b)
of the coating. Detailed description of the PVD deposition process is given in
[4], [6], [5], [9].
This coating has been made commercially available as Supercote 11 by
Bodycote SHU Coatings Ltd., Sheffield.
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TiAICrYN + Topcoat

Base Layer
Ion Implanted Zone

a)

Substrate

Figure 4: TiAICrYN with topcoat as a) schematic and b) cross-sectional bright field image
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5. Diffusion

of

Substrate

Elements

at

High

Operating

Temperature
Previous work on stainless steel substrates revealed a rapid diffusion of
substrate material elements through the Y free coating above 800°C [2]. In
extreme cases (1h at 950°C) cavities started to form at the interface between
the stainless steel substrate and the hard coating, which leads automatically
to a loss of adhesion (Figure 5). The outdiffusing substrate elements form
complex mixed oxides at the coating surface containing both substrate and
coating elements. These disintegrating effects can be completely avoided by
incorporation of 1at% Y [2]. The incorporation of Y during deposition led to a
fine grained interrupted columnar growth structure, which increases the
diffusion path for in- and outward diffusion of substrate elements.
Furthermore, it has already been reported that Y diffuses preferentially to the
column boundaries after heat treatment for 1h at 950°C, thus further blocking
this diffusion path [2]. In case of cemented carbide as substrate material, we
have carried out extensive investigations using STEM and EDX mapping on
cross sectional samples to localise the influence of Y. Distribution maps of the
coating and substrate elements taken after heat treatment 1h at 900°C are
shown in Figure 6. Whereas all elements such as AI, Ti and Cr are uniformly
distributed in the coating, there is clear evidence of out-diffusion of Co from
the cemented carbide substrate into the base layer. In parallel, we found a
very uniform distribution of Y in the TiAICrYN coating. Figure 6 is a clear
indication that Co diffuses mainly along column boundaries in the base layer
and is blocked in the Y containing layer section. At the higher magnification
(Figure 7) the above mentioned Y segregation taking place in the Y
containing part of the coating becomes evident, too.

358

HM 96

W.D. Münz et al.

15" International Plansee Seminar, Eds. G. Kneringer, P. Rädhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

TiAlCrYN

TiAlCrYN

TiAICrYN+Ox on CC after 1h at900°C
Figure 6: Elemental distribution maps of TiAlCrYN with topcoat deposited onto cemented
carbide after 1h at 900°C.

Figure 7: YK map of TiAlCrYN with topcoat.

6. Oxidation Behaviour of TiAlCrYN with Topcoat
The progress in improvement of oxidation resistance is shown in Figure 1.
The oxidation resistance of TiN is substantially improved by the addition of AI
and incorporation Y. The TG analyses indicate, that the oxidation behaviour
of the layer described in Figure 4 shows an even improved performance
when compared with the toplayer free TiAlCrYN. STEM - EDX point analysis
(Figure 8) explains the important role of Cr in this context. The interlayer
consisting of the nanoscale multilayer TiAIYN/CrN seems to be fully intact
after the heat treatment in air. We observed in this region a decrease in N
and the expected increase in O content stemming from the exchange of the
reactive gases during the deposition process and indicating the formation of
TiAICrY - oxynitride. In the outermost region we found discrete particles of
TiO2 (rutile), AI2O3 (corundum) and Cr2O3 (eskolite). In the diagram shown
here AI2O3 is predominant. XPS mapping of the surface confirmed the
existence of the above mentioned discrete particles [8].
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TiAICrYN+Ox after 1h at 900°C
! - Y x 10 - o — N (nol in at%) -

- O {not in at%)

2000
2100
2200
2300
distance from substrate/ coating interface [nm]

2400

Figure 8: EDX point analysis through the topcoat region of TiAICrYN after heat treatment
for1hat900°C.

7. Results in Dry High Speed Milling
Finally, the performance of the here described TiAICrYN with the Cr
containing topcoat (Supercote 11) is compared with commercially available Y
free TiAIN coatings deposited by cathodic arc evaporation (supplier I and II)
and an increasingly popular sandwich coating TiN/TiAIN (-30 layers), also
deposited cathodic arc [10]. All tools were manufactured by the same tool
supplier using cemented carbide material stemming from an identical
production lot. In the tests 8mm two flute ball nosed end mills were used to
mill A2 (HRC 58) die steel. Figure 9 summarises the results of end of life tests
for two different cutting speeds, namely v0 = 385 m min"1 (16krpm) and vc =
500 m min"1 (20krpm). The tests at 16krpm illustrate the superiority of
Supercote 11 against arc deposited TiAIN and the multilayer system
TiN/TiAIN. In the 20krpm test Supercote 11 is compared with Supercote 02 a
coating with a similar composition to Supercote 11 however, without the
incorporation of Y. At these high cutting temperatures (see table 1, ~800°C)
the influence of Y becomes again clearly evident. One at% Y doubles the lifetime of TiAIN
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vc=500m/min
20krpm

Sputter Arc TiAIN II Arc TiAIN I Arc TIN/
TiAiCrYN
TiAIN
Supercote
11

Sputter
Sputter
TiAiCrYN TiAiCrYN
Supercote Supercote

2

11

Figure 9: Milling test results from various coating grown on cemented carbide ball nosed
end mills.
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Neue Oxid-Composite Beschichtung
für schwierige Zerspanungsaufgaben
Hartmut Westphal, Henk van den Berg, Volkmar Sottke, Ralf Tabersky
WIDIAGmbH, Essen (Germany)
Summary
The changes in today's metal working technology are driven by increasing
cutting speeds, heavy/hard machining and an enormous amount by changes
in workpiece materials. These applications are asking for more tailor made
cutting tool solutions. Together with the well established multi component
coating technology a new approach of composite coatings is giving solutions
for the tough demands of the cutting tool market. In this paper is presented
composite coatings of AI2O3/ZrO2/TiOx made by CVD. The coating is like High
Performance Oxide Ceramics for cutting applications. The coating is used in
combination with MT CVD coatings and different carbide substrates. The
CVD coating has optimum stress for cutting applications, low friction and very
high thermal isolation. The outstanding performance of this coating is demonstrated in different applications.

1. Einleitung
Um im Fahrzeugbau Gewichte zu verringern oder im Maschinen- und Anlagenbau Aggregate mit höherer Leistungsfähigkeit zu bauen, werden zunehmend höherfeste metallische Werkstoffe eingesetzt, die meistens eine ungünstigere Zerspanbarkeit aufweisen. Gleichzeitig besteht die permanente
Forderung nach effektiveren Bearbeitungsverfahren, was für Spanungsoperationen mit geometrisch bestimmter Schneide bedeutet, schnell, mit großem
Zeitspanvolumen, möglichst trocken und dabei prozesssicher zu arbeiten.
Nach dem CVD-Verfahren erzeugte Mehrkomponentenschichten bieten zur
Lösung solcher Aufgaben ein interessantes Leistungspotenzial [1]. Den Anforderungen der Zerspanungstechnik Rechnung tragend und unter Anwendung der CVD-Mehrkomponenten-Beschichtung wurde auch in Anlehnung an
Erfahrungen aus der Hochleistungsschneidkeramik eine neue Oxid-
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Composite Beschichtung zur Lösung schwieriger Bearbeitungsaufgaben und
für HSC-Anwendungen entwickelt.

2. Aufbau und Herstellung der Oxid-Composite Beschichtung
Diese wird nach dem Niederdruck CVD-Prozess erzeugt und ist mit MT-CVD
Schichten kombiniert. Die aus 3 Komponenten bestehende Oxidschicht wird
aus einem aus AICI3, ZrCI4, TiCI4, CO2, H2, N2 und Ar bestehenden Gasgemisch kondensiert. AI2O3 liegt danach als K-Phase und ZrO2 in Abhängigkeit
von der Beschichtungstemperatur >990°C als Phasengemisch tetragonal/monoklin und bei Beschichtungstemperaturen <960°C monoklin vor. Da
das ZrO2 in diesem Schichtsystem nicht stabilisiert ist, ist davon auszugehen,
dass sich tetragonales ZrO2 teilweise mit Volumenzuwachs in monoklines
ZrO2 umwandelt. Die aus AI2O3, ZrO2 und TiOx bestehende Composite
Schicht erinnert auch hinsichtlich ihrer Zusammensetzung mit 5 bis 15% ZrO2
sowie 0,5 bis 5% TiOx und Rest AI2O3 an Hochleistungsschneidkeramiken
ähnlicher Zusammensetzung. In Abb. 1 ist die Composite Schicht in Kombination mit MT-CVD TiCN dargestellt. In der dargestellten Ausprägung ist dieses Schichtsystem auf allen gängigen Substrathartmetallen anwendbar.
Bruchgefüge

Kalottenschliff
Composite
Al2O3/ZrO2/TiOv

Ti(C,N) (MTCVD) -*•

Abb. 1: Kalottenschliff und Bruchgefüge einer TiN-TiCN(MT)-AI203/Zr02/Ti0xSchicht
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Aus dem Schliffbild ist ersichtlich, dass die ZrO2-Teilchen in die AI2O3 Matrix
eingelagert sind. TiOx ist im Schliff und im Bruchgefügebild nicht sichtbar, es
ist z. B. mittels EDX-Analyse gut nachweisbar, bisher aber als Phase nicht
eindeutig identifiziert [2]. Wegen seiner nanodispersiven Verteilung hat TiOx
eine positive Auswirkung auf das Schichtwachstum und die Korngröße der
beiden anderen Oxide.

3. Eigenspannungen der Oxid-Composite Beschichtung
Für beschichtete Schneidkörper ist die Einstellung von Druckeigenspannungen in der Hartstoffbeschichtung wünschenswert, weil Druckeigenspannungen der Rissentstehung und der Rissausbreitung entgegenwirken und deshalb vorzugsweise beim Zerspanen mit Schnittunterbrechungen höhere
Standzeiten erwartet werden können.
Abb. 2 zeigt Fräs-Standzeitvergleiche von Proben mit Zugeigenspannungen
und mit Druckeigenspannungen in der Hartstoffschicht. Die Beschichtung ist
identisch mit der in Abb. 1 dargestellten, Substrathartmetall und Geometrie
sind ebenfalls identisch. Im AI2O3 der Composite Schicht wurden die Eigenspannungen röntgenographisch nach dem sin2\|/-Verfahren [3] an jeweils 3
unterschiedlichen Gitterebenen bestimmt und der Mittelwert gebildet. Die für
die unterschiedlichen Gitterebenen erhaltenen Spannungswerte differieren im
Mittel um ca. 20%. Das Vorzeichen - (minus) steht für Druckeigenspannungen.
Noch deutlicher als im Standzeitdiagramm sichtbar, zeigt sich der Unterschied zwischen den Schneiden mit Zug- und Druckspannungen in der Ausbildung des Verschleißes. In Abb. 3 sind solche Schneiden mit Sicht auf die
Spanfläche abgebildet. Während die Schneide mit Zugspannungen in der
Beschichtung eine große Ausplatzung über die Nebenschneide zeigt, ist die
mit Druckspannungen normal verschlissen.
Die Änderung des Spannungszustandes von Zug- in Druckspannungen wurde durch Mikrostrahlen mit Korund erzeugt. Weiterhin zeigte die Untersuchung der Eigenspannungszustände in der unter der Oxidschicht befindlichen
TiCN-Zwischenschicht eine deutliche Verkleinerung der Zugspannungen und
die in der WC-Phase des Substrathartmetalls gemessenen Werte eine Erhöhung der Druckeigenspannung im Vergleich zu den nicht gestrahlten Proben.
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D =-3800Mpa

D

=+350MPa
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Abb. 2: Einfluss der Eigenspannungen in der Beschichtung
auf die Standzeit beim Fräsen von GGG70

Abb. 3: Verschleißbilder auf der Spanfläche nach Standzeitende
aus Frästest gem. Abb. 2
- links Beschichtung mit Zugspannung,
- rechts Beschichtung mit Druckspannung.
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4. Anwendungen der Oxid-Composite Beschichtung
Zur Erhöhung der Lebensdauer von Schmiedegesenken werden diese mit
Stellitaufschweißungen gepanzert. Sicher wäre diese Technologie schon weiter verbreitet, wenn die meist 2 bis 3 mm starke Stellitpanzerung nicht so
schwierig zu bearbeiten wäre. Wie die Abb. 4 verdeutlicht, sind die im Formen- und Gesenkbau zum HSC-Fräsen herkömmlich beschichteten Hartmetallschneidkörper für die Bearbeitung von Stellitpanzerungen eher ungeeignet. Sie versagen schon bei relativ geringen Schnittgeschwindigkeiten wegen
Aufbauschneidenbildung und thermischer Überlastung. Der in der Composite
Beschichtung enthaltene ZrO2-Anteil trägt offensichtlich erheblich zum Erfolg
bei dieser Fräsbearbeitung bei.
VB max
• K10+Composite

[mm]

-K10-TiAlN

Fräsen
auf Stellit21EHL
RDMW 0802MO

2,5

vc (siehe links)
ap = 0,3 mm
ae = 4 mm
fz = 0,4 mm
Fräsweg = 2000 mm

1,5

80

100

200

300

400

500

600

Vc [m/min]

Abb. 4: Verschleißverhalten bei der Bearbeitung aufgeschweißter
Stellitpanzerungen
Bekanntlich hat ZrO2 einen geringen Reibwert zu Bestandteilen des Stellit
und eine sehr geringe Wärmeleitfähigkeit, die den Schneidkeil zusätzlich vor
thermischer Überlastung schützt [4]. Um den Nachweis zu führen, dass dieser Schneidstoff sowohl zum Schruppen als auch zum Schlichten von Stellitpanzerungen geeignet ist, wurde über einen Vorschubbereich fz von 0,2 bis
0,6 mm getestet. Die Ergebnisse sind in Abb. 5 zusammengefasst dargestellt.
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Material:
Werkzeug:
Schneidstoff:
Beschichtung:
KSS:
Parameter:
Fräsweg:

Stellit21EHL
Torusfräser
D = 16 mm, r = 4 mm
Widia W6-42
Typ RDMW0802MO
A12O3/ZrO2/TiOx
Druckluft 2 bar
ap = 0,3 mm, ae = 4 mm
s = 2000 mm

3 0,21

I o.o
100
200
300
400
500
Schnittgeschwindigkeit vc [m/min]
Abb. 5: Verschleißverhalten bei der Bearbeitung aufgeschweißter Stellitpanzerungen in Abhängigkeit von der Schnittgeschwindigkeit
und des Zahnvorschubs
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Wie in Abb. 5 darstellt, gibt es um 400m/min Schnittgeschwindigkeit einen nur
unwesentlichen Einfluss des Zahnvorschubs auf die Standzeit. Die ganze Untersuchung wurde im Einzahnversuch durchgeführt.
Nach der für den verwendeten Stellit angegebenen Richtanalyse enthält das
Material 0,15 - 0,30 % C / 30 - 33 % Cr / 4,5 - 5,5 % Mo / 3,0 - 4,0 % Ni / Rest
Co.
In Praxiseinsätzen konnten die hier ermittelten Schnittwerte gut reproduziert
werden. Für die Gesenkhersteller bedeutet dieses Ergebnis, dass für die Bearbeitung der Stellitpanzerungen ähnliche oder gleiche Schnittwerte anwendbar sind, wie sie für den Grundkörper aus Werkzeugstahl verwendet werden,
wenn der neuentwickelte Schneidstoff aus feinkörnigem K10 Substrathartmetall mit der in Abb. 1 dargestellten Beschichtung eingesetzt wird.
In einer weiteren Anwendung wurde der beim Stellitfräsen erfolgreiche
Schneidstoff mit dem in Abb. 6 abgebildeten Fräser für die Zylinderkopfbearbeitung von Truck-Dieselmotoren verwendet. Wie beim Stellitfräsen ergibt
sich auch hier eine deutliche Leistungsverbesserung bei höherer Schnittgeschwindigkeit (Abb. 7).

Abb. 6: Planfräser M750 Hexacut (Werksfoto WIDIA)
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Standzeit pro Schneide
in min

M750 (Hexacut) 60°
HNGX-MM

Planfräser 75°

SPKN 1204 EDR

vc = 400 m/min
ap = 2,0 - 4,0 mm
fz = 0,14 mm
Z = 20

SPFR 1204 EDR

K10+TiN-TiCNAI2O3/ZrO2/TiOx

K10+TiN-TiCN-AI2O3

K10+TiN-TiCN-AI2O3

Abb. 7: Planfräsen Zylinderkopf GG25 mit Sinterhaut (trocken)
Die mit Abstand umfangreichste Anwendung findet die Oxid-Composite Beschichtung beim Außenfräsen von Kurbelwellen [5]. Diese Bearbeitung ist
immer trocken, in Abhängigkeit vom Material der Kurbelwellen mit Schnittgeschwindigkeiten zwischen 250 und 350 m/min bei der Zapfenbearbeitung
(Hub- und Mittellager) und beim Topping, sowie mit 180 bis 250 m/min an
den Wangen. Der Zahnvorschub (hmax) wird mit 0,20 bis 0,30 mm eingestellt.
Problematisch ist die Gußhaut bei Kurbelwellen aus GGG-Material, ungleiche
Aufmaße und Schmiedekruste sind typisch für Stahlkurbelwellen. In Abb. 8 ist
ein solches Fräswerkzeug zur Lagerzapfen-, Unterstich- und Wangenbearbeitung zu sehen.
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Abb. 8: Fräswerkzeug zum HSC-Außenfräsen von Kurbelwellen
(Werksfoto WIDIA HEINLEIN)
Anzahl der bearbeiteten Zapfen

10000 7
9000
8000

WSP- Geometrie:

7000

Schnittbedinqunqen:

spezial

6000
5000
4000
3000

vc

= 320 m/min

ap

= 2,0-2,9 mm

hma>i

= 0,24 mm

2000

Trockenbearbeitung
1000
0

I
TiN/Ti(C,N)/AI 2O3-Schicht
Substrat: K10Feinstkorn-HM

TiN/Ti(C,N)/AI 2O3-ZrO 2-TiO ^-Schicht
Substrat: K10Feinstkorn-HM

Abb. 9: Standzeit beim Hochgeschwindigkeitsaußenfräsen von Kurbelwellen aus GGG70 (Unterstich Zapfen)
Die außerordentliche Verschleißbeständigkeit der Oxid-Composite Beschichtung verdeutlicht der Standzeitvergleich in Abb. 9. Die Verbesserung wurde in
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diesem Falle ausschließlich durch die Änderung der oxidischen Deckschicht
von reinem AI2O3 auf AI203/Zr02/Ti0x erzielt.
Die in diesem Beitrag beschriebene Oxid-Composite Beschichtung wird zur
Zeit auch für Drehoperationen mit gutem Erfolg in der Schwerzerspanung erprobt.

5. Literaturverzeichnis
[1] H. Westphal, U. König, H. van den Berg, R. Tabersky, V. Sottke: Neue
Hartstoffbeschichtungen auf Basis der Carbonitride von Titan und Zirkon;
14. Int. Plansee-Seminar 1997, Vol. 3, C7, S. 55-62
[2] H. van den Berg, H. Westphal, R. Tabersky, V. Sottke und U. König:
New Multi-Component and Multi-Phase Coatings by CVD and PVD;
EURO PM'99 Advances in Hard Materials Production, Turin, 8.10.11.1999
[3] K. Kamachi, T. Ito and T. Ymamoto: Comparison of residual stress in cemented carbide tips coated with TiN by the CVD and PVD processes and
their effect on failure resistance; Surfacing Journal International 1986,
Vol. 1, No. 3, S. 82-86
[4] H. Westphal, H. van den Berg, V. Sottke: Neuere CVD-beschichtete
Hartmetalle für die Metallbearbeitung; Spanende Fertigung, 3. Auflage,
Vulkan-Verlag Essen, erscheint zur EMO 2001
[5] H. Westphal, H. van den Berg, V. Sottke; mav Innovationsforum Werkzeugtechnik 10, 2000, S. 74-75

AT0200487
372

HM 101

R. Haubner et al.

15'" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

LOW-PRESSURE c-BN DEPOSITION - IS A CVD PROCESS POSSIBLE ?

Roland Haubner, Xinhe Tang
Institute for Chemical Technology of Inorganic Materials, TU-Vienna,
Getreidemarkt 9/161, A-1060 Vienna, Austria
Summary
Since the low-pressure diamond deposition was discovered in 1982 there is a
high interest to find a similar process for the c-BN synthesis.
During the last years many researchers propagated success, but many of
them failed in analytical problems characterizing the BN coatings. A new
paper by S. Matsumoto and W. Zhang shows c-BN deposition using a DC
Plasma Jet and characterization by various analytical methods.
Our experiments were carried out with a simple CVD reactor without plasma
activation. Various BN layers were deposited and characterized. X-ray
diffraction, IR-spectroscopy and SIMS indicate that BN-coatings containing
c-BN were deposited.
However a final verification of c-BN crystallites by TEM investigations was
not possible till now.
Key words: c-BN, Physical Vapor Deposition (PVD), Chemical Vapor
Deposition (CVD)

1. Introduction
Boron and nitrogen are neighbors of carbon in the periodic table and
therefore BN phases are isoelectric to the corresponding carbon phases.
Because of structural similarities between h-BN and graphite Wentorf [1]
successfully tried the high-pressure high-temperature (HP-HT) synthesis of
c-BN in 1957, equally to the diamond synthesis. The second hardest material
- after diamond - was bom.
After the first high-pressure experiments the B-N phase diagram was
designed [2] and after some modifications the c-BN was described as
metastable phase at room temperature [3]. Contrary to this opinion it was
reported in 1988 that c-BN is the stable phase and many experiments
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confirmed this result, but exact thermodynamic data are still not available
[4,5,6].
Therefore conversion experiments of c-BN into h-BN were carried out under
normal and high pressure. Such experiments are helpful to understand the
BN phase diagram.
The transformation at normal pressure was investigated during DTA-analysis
and exhibits the stability of c-BN under standard conditions [7].
Influences of c-BN grain size and purity (oxide content) on the conversion
temperature become obvious. The lowest conversion temperature observed
was at about 900°C for 1.5 urn c-BN powders containing boron oxide.
Based on SEM images of various conversion stages it could be shown that
the reaction can be explained by two mechanism:
« Solid state mechanism: The c-BN reacts to the intermediate rhombohedral
BN phase (r-BN) which is at least transferred into the hexagonal BN
modification.
• Gas phase mechanism: This is possible because h-BN shows a vapor
pressure (1 mbar at 1300°C [8,9]). According to this vapor transport the
reaction (phase transformation) is not reversible.
High pressure transformation of h-BN into c-BN (at 6.5 GPa) and the reverse
transformation of c-BN into h-BN (from 0.6 to 2.1 GPa) were investigated in a
Li3N-BN catalyst system [10]. These experiments showed that the phase
boundary line in the BN phase diagram should be at about 500°C
(extrapolated to normal pressure) [10].
Because HP-HT synthesis for c-BN and diamond work under similar
conditions, it was considered that the low-pressure synthesis of c-BN should
be possible equally to that of diamond. But a lot of differences between c-BN
and diamond make a low-pressure deposition of c-BN rather difficult:
• c-BN is the stable phase - diamond is metastable (at standard conditions)
• c-BN consists of two elements - diamond is only carbon
• selective etching of h-BN is complicate - graphite can be etched easily by
atomic hydrogen
• stabilization of c-BN surface is difficult - diamond surface is stabilized by
hydrogen
• complex precursors are required to deposit c-BN - for diamond methane
is convenient
• analytical characterization of c-BN is complex - diamond can be identified
easily by Raman.
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Deposition of nano-cBN films is possible with ion-assisted CVD and ionassisted PVD techniques. The amount of grain boundaries in such materials
is rather high and therefore these materials should be called nano-cBN
instead of "pure c-BN".
The PVD methods for nano-cBN deposition are:
• ion-beam-assisted deposition (IBAD) [11]
• mass selected ion beam deposition (IBD) [12]
• ion plating [13]
• RF- or magnetron sputtering [14] and
• laser deposition [15].
Most methods for nano-cBN deposition generate ions, which are accelerated
and hit the substrate surface. Parameters for the substrate bias (ion energy,
ion mass, etc. [16]) are mostly similar and therefore an equal growth
mechanism was considered for the different methods.
By starting the deposition process commonly an oriented h-BN layer is
deposited onto the substrate surface. On this interlayer the c-BN nucleates
and forms a layer [17]. Because of the deposition conditions and the ionbombardment - which are necessary for the c-BN deposition - crystal
defects and secondary nucleation occur and the single crystalline areas are
very small (nm range) [18].
To describe the nano-cBN deposition four models have been proposed:
• the compressive stress model [19,20]
• the subplantation model [21,22]
• the selective sputter model [23] and
• the momentum transfer model [24].
Plasma CVD methods can be applied to activate the gas phase. Using
conventional thermal CVD various BN modifications but no c-BN or
nano-cBN are formed. Typical plasma CVD deposition methods are:
• ECR plasma CVD [25,26];
. ICP CVD [27];
• Bias enhanced Plasma CVD [28] and
• DC Plasma Jet [29].
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Selective etching of h-BN compared to c-BN is one possibility to increase the
c-BN grain size in the layers. For a successful CVD-synthesis of c-BN a
reaction system has to be found where c-BN is deposited and h-BN and
amorphous BN formation can be prevented or be removed by selective
etching during the deposition.
In order to find a substance which allows selective etching of h-BN several
compounds (e.g. atomic hydrogen, chlorine, mixtures of chlorine with
hydrogen, BF3) were tested. From these substances BF3 showed the best
selectivity for etching the h-BN compared to c-BN [30,31]. The disadvantage
of BF3 - in contrast to atomic hydrogen in the carbon system - is the smaller
etching rate of h-BN (about 10 times lower than in the carbon / atomic
hydrogen system). The consequence is that only at very low BN growth rates
the selective etching becomes relevant.
Matsumoto et al. [29] tried a combination of bias assisted plasma jet and the
reactive gas mixture Ar-N2-BF3-H2 for selective etching of h-BN [32]. Using a
d.c. bias voltage the nano-cBN grain size in the layers could be increased
from 7 nm (-150 V) to 12 nm (-80 V) [33]. By optimizing the process nanocBN coatings thicker than 20 urn and c-BN grain size up to 100 nm could be
deposited.
The simple chemical way ?
Several attempts to grow c-BN at normal pressure were performed. Similar to
the high-pressure high-temperature synthesis melts were used in the
temperature range between 600 and 800°C at normal pressure [34]. Various
compounds were mixed with fine grained c-BN powder (for seeding) and then
heated up to allow grain growth. The stability of c-BN in chemical active
media depends on the properties of the reacting agent. Reductive media like
lithium metal or lithium-boride generally leads to a strong degradation of
c-BN. In this case there is no uniform reaction with c-BN, and different
phases occur. The reductive dissolution of c-BN first led to the formation of
boron or boron-rich boron nitride B50N2, which further reacts with excess of
lithium to lithium-borides.
It could be shown that the system Li3BN2/c-BN is interacting at elevated
temperatures leading to a severe change in the morphology of the c-BN seed
crystals. In all cases a formation of well faceted surfaces could be detected.
From this system the growth of c-BN is most likely [34].
Actually a spontaneous nucleation of c-BN from a degradation of Li3BN2 will
not occur due to the fact that the less dense phase will nucleate first
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according to Ostwald-Volmer rule, which is a general thumb rule for the
kinetic behavior of reactions [35]. Thus, seeding with c-BN can overcome this
problem. Hence, this approach seems to be well suited to develop a lowpressure synthesis of c-BN.

2. Characterization of BN products
Characterization of BN-phases by spectroscopic methods (e.g. IR and
Raman) is difficult due to the complexity of BN-structures and atomic bonding
conditions. For example the x-ray diffraction lines of c-BN correspond with
those of Cu, Ni and many other cubic phases. Elemental composition must
be known or measured to be sure that no other phases are present.
Some data are summarized below.
Infrared spectroscopy (IR) or Fourier transform infrared spectroscopy
(FTIR) are often used to characterize BN products. To identify c-BN the
Transverse Optical mode (TO) at 1065 cm"1 and the Logitudinal Optical mode
(LO) at 1340 cm"1 were described [36]. Investigating commercial c-BN only
one IR-peak between 1050 and 1100 cm"1 is observed commonly. If pure BN
mixtures with B:N ratio of 1:1 are analyzed it will be easy to distinguish
between h-BN and c-BN. However, if the chemical composition of the sample
is unknown many artifacts can occur and a clear statement will often not be
possible.
More complex is the situation for h-BN, t-BN and a-BN because all of them
show peaks between 780 and 1370 cm"1, which makes it impossible to differ
between these phases. An IR-spectrum of c-BN and the peak positions of
other compounds are shown in Fig. 1.
Raman spectroscopy is also useful to differ between h-BN and c-BN. As
described above impurities as well as non-stoichiometrical mixtures can
result in miss-interpretations.
In case of c-BN two characteristic peaks are observed; h-BN shows only one
peak.
The two peaks for c-BN are described by several authors as TO-mode at
1055-1057 cm"1 and as LO-mode at 1305-1306 cm"1 [37-39]. The
crystaliinity seems to be important for the Raman peaks of c-BN because in
case of very fine grained c-BN (mainly in PVD layers) these peaks were not
observed [40]. For h-BN the typical peak is located at 1367 cm"1 [38].
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Raman spectrum of c-BN and the peak positions of other compounds are
shown in Fig. 2.
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Fig. 1: IR spectrum of a nano-cBN coating and peak positions of other
compounds in the relevant region are marked.
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Fig. 2: Raman spectrum of a HP-HT c-BN powder. Peak positions of other
compounds in the relevant region are marked.
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X-ray diffraction is another possibility to distinguish between c-BN and
h-BN. In that case again the elemental composition of the sample is
important because many cubic substances pretend c-BN (e.g. Cu, Ni,...)
(Fig. 3). The peak position and its intensity are mainly influenced by grain
size, stress within the layers and impurities.

(111)
(200)

(220)

(311)

c "
'S ,

1

Cu
Ni
c-BN

30

40

50

60
2G

70

90
(calculated diagram, Cu Ka)

Fig. 3: X-ray diffractograms of c-BN, copper and nickel. The peak positions
are very similar.
Methods for measuring the composition of the layers as weil as the B : N
ratio are important. Mainly SIMS and Auger spectroscopy are used for such
characterizations but for this methods it is difficult to get high quality
standards [41].
Summing up, it may be said that for the characterization of c-BN in unknown
samples (mainly PVD and Plasma-CVD deposits), the results of only one
analytical method is not adequate for a statement. Measurements of the
elemental composition in combination with IR and/or Raman and/or X-ray
diffraction are necessary to ensure that c-BN is present.
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3. Low-pressure BN and BCN deposition
For the deposition experiments Tris(dimetylamino)borane was used as single
source precursor which was decomposed in a cold wall reactor.
3.1 Experimental procedure
In a cold-wall reactor (Fig. 4) substrates were heated up by high-frequency
[42]. Argon at normal pressure (1 bar) was used as protecting gas and for
carrying the precursor. The carrier gas (regulated by a mass flow controller)
is saturated with the Tris(dimetylamino)borane precursor [43] according to its
vapor pressure [44] in the evaporator/cooler unit. The carrier gas transports
the precursor to the hot substrate, where deposition occurs. WC-Co
hardmetal plates containing 6 wt.% Co, Mo and Si were used as substrates.
Gravimetric analysis of the deposited layers reveals deposition rates
([mg/cm2*h]) and an estimation for the layer thickness (assumption: density
of the obtained layer is similar to h-BN and graphite: 2.2 g/cm3).

Sample

C

Fig. 4: Apparatus for deposition of BCN-layers by inductive heating of the
samples
TC temperature control,
C gas cleaning
R
rotation pump (needed for evacuation/flushing)
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The morphologies of the BCN-layers were determined by Secondary Electron
Microscopy (SEM JEOL 6400). Chemical composition was measured by
EPMA (electron probe micro analysis) integrated to the SEM. Such
microprobe measurements give only uncertain hints about the composition
because the elements B, C, N and O can not be detected by the system.
Micro-Raman-spectroscopy (ISA Ramanor U1000, 488 nm Ar-ion Laser with
100 mW power, back-scattering geometry) was carried out to determine the
film quality and phase composition.
Also infrared-spectroscopy (Biorad FTS 175 with microscope) was used to
characterize the deposits obtained.
X-ray diffraction (CuKa radiation) was used to investigate the phase
composition of the layers and products formed be reactions with the
substrates. SEM, Raman and XRD examinations were normally carried out in
the center of the samples.
3.2 BN layers deposited from Tris(dimethylamino)borane
Deposition experiments were carried out in a wide parameter range [45,46],
but only in a very small region XRD and IR peaks of c-BN could be observed.
Typical parameters for such deposits are: hardmetal substrates 750 - 800°C,
100 - 400 seem Ar, 2.0*10"2 mmol/min Tris(dimetylamino)borane flux, normal
pressure 6 - 8 h deposition.
The layer growth rate is mostly very low and therefore the layer thickness
was below 1 urn. Some SEM pictures are shown in Fig. 5.

• ' • , ' . . -** J*£fV* ft • « ' , ' - *

100 urn

M

10 urn

Fig. 5: BN deposits on hardmetal substrates (deposition time 7 h,
2.0*10"2 mmol/min precursor, WC-Co substrates, 100 seem Ar/min)
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The IR-spectrum of such layers clearly show the peak for c-BN at
1088.3 cm"1 and additionally a peak at 1551.5 cm'1 is observed
corresponding to sp2 carbon. A peak for h-BN at 1380 cm"1 was not
observed but a small peak at 814.35 cm"1 which can be caused by the two
h-BN peaks 780 cm"1 and 828 cm 1 .
X-ray diffraction of such layers show a clear peak at 29 = 43.2°
corresponding with c-BN (111). Also peaks of WC and Co could be
observed and a small peak for h-BN (29 = 40.7°) (Fig. 6).
The elemental composition measured by SIMS and Auger-spectroscopy
shows a B : N ratio of about 1 : 1 and additional carbon. Other impurities
like Co and oxygen are not observed in the layers.
TEM investigations were also carried out but no clear reflexes of c-BN
could be observed by electron diffraction [47].

4. Conclusions
In the field of c-BN deposition one goal might be the coating of tools, which
could be used for the machining of iron based materials. Such coatings offer
the possibility to use a superhard material instead of the conventional carbide
and oxide layers.
From the present point of few the outlook for industrial applications of nanocBN coatings is quite good, but some problems with the deposition process
and the substrate materials still have to be solved.
4.1.1 Properties and applications of nano-cBN coatings
Matsumoto and co-workers showed that the deposition of thick nano-cBN
layers is possible and the adhesion on Si substrates is acceptable [32,33].
The one major question is whether this process is also suitable for hardmetal
(WC-Co) substrates or not and if there will be any problems with the Co
binder phase and the BF3 in the gas phase?
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Fig. 6: IR spectrum and XRD diagram from layers deposited by
decomposition of Tris(dimetylamino)borane

The stress within the c-BN layers which is caused by the high energetic ions
is a problem, because many of the nano-cBN coatings delaminate
immediately after or during deposition. Several investigations show ways to
reduce the stress within the layers (e.g. buffer layers [25,48], regulation of
the ion energy [27], or ion-induced stress relaxation [49]).
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4.1.2 A CVD process for c-BN deposition?
The present results are promising for the future that c-BN deposition is
possible by a simple CVD process. From the parameters which were found
further experiments are necessary to verify and optimize c-BN growth.
It would be too early to talk about the industrial realization of such a CVD
process and its applications.
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Gradient structures in SiAION's for improved cutting
performance
Georg. Korb*, Friedrich Ivo Bulic*, Pavol Sajgalik** and Zoltan Lences**
*)
**)

Austrian Research Centers Seibersdorf, A-2444, Seibersdorf,Austria
Institute of Inorganic Chemistry, SAS (Slovak Academy of Sciences);
SK-84236 Bratislava, Slovakia

Summary
Typically at the present time used SiAION's for cutting purposes consist of
ß-type, which has a hardness of about 1500 HV and a significant toughness.
The authors have made available a type of SiAION which has a relatively tough
core of a'/ß'-SiAION with a rim of nearly complete a'-SiAION.
The hardness and microstructure have been illustrated. A true gradient in
concentrations and microstructure can be observed from the inner core
continuously to the outer region. It could be imagined, that an insert with such a
structure together with the more tough core can be used as a cutting tool with
high performance.

Keywords
Silicon Nitride, SiAION, Ceramic, cutting tools, cutting FGM, Functionally
Graded Materials ,wear resistance, inserts, Si3N4,
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1

Introduction

The well known types of Si3N4 based ceramic cutting materials are based on a
composition of Si3N4, AIN, AI2O3, Y2O3 in a complex inner Silicon NitrideOxide- called "SiAION "
Typical SiAION's have a composition of about
Si3N4
AIN
AI2O3
Y2O3

to
to
to
to

83,77
5,54
8,79
1,09

wt%
wt%
wt%
wt%

RNrSAIN

SUä 2'FI SIM l i H ^ H

glass
roolon

A!N
flJK
ct'-SiAION plsfie

The system between the constituents is given in Fig. 1
Fig. 1 Janecke prism of oxynitride systems of silicon, aluminum and R
(rare-earth cation) a'-SiAION plane lies on an inclined plane spanned
by Si3N4-RN:3AIN line and the Si3N4-AIN:AI2O3 line
At present commercially used cutting tools consist of ß-SiAION, this type does
have sufficient toughness for machining purposes. The a-SiAION is much
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more brittle but has an outstanding hardness about HV 2000; and could be
expected to keep sharp edges for a longer period of time and to have lower
wear.
At present, generally nitrogen ceramics (or called nitrides) have generated
great interest as a group of attractive new ceramic materials due to their unique
combinations of higher fracture toughness and better thermal shock resistance
compared with the other structural ceramics [2]. Since Si3N4 does not occur
naturally, it has been synthesized by several different processes. The major
technical barrier for structural application was the densification of Si3N4: it is
virtually impossible to fabricate it into a fully dense body by classical
processing technology, e.g. solid state sintering, because the volume diffusivity
in Si3N4 is not large enough to offset the densification retardation effects of
surface diffusion and volatilization phenomena. The covalent bond is believed
to be the reason for such a low volume diffusivity. To allow easier sintering
during hot-pressing and to tailor the product properties to use, additives have
been introduced into Si3N4 powder.
1.1 Silicon Nitride [2] [3]
Silicon nitride exists in two phases a and ß both of which have hexagonal
crystal structures. The a-phase has a unit cell approximately twice as large as
that of the ß-phase. The dense body of ß-Si3N4 is e.g. fabricated by
hot-pressing a-Si3N4 powder with a suitable densification additive (e.g. Y2O3,
MgO, or AI2O3) at 30 MPa in a graphite mold at 1700 - 1800°C. The Si3N4
powder is generally covered with a thin layer of SiO2. The purpose of the
additives is to react with this SiO2 and a small amount of Si3N4 at the high
hot-pressing temperature to form oxynitride liquid in which a-Si3N4 dissolves
and from which ß-Si3N4 is precipitated. Si3N4 based ceramics are densified by
liquid phase sintering and consist of two phases such as crystalline Si3N4and
an intergranular bonding phase. The intergranular phase is a glass or partially
devitrified glass phase based on SiO2 and sintering aids - However, the
intergranular glassy phases in Si3N4 tends to soften at elevated temperature
and thus leads to reduced strength.
Several commercial products in various compositions have been introduced.
For instance, to improve hardness and abrasive wear resistance, a composite
consists of a matrix phase of 70% (92% Si3N4. 6% Y2O3, and 2% AI2O3) and a
dispersed phase of 30% TiC, orTiN. Another composition consists of Si3N4
with additions of AI2O3 and Y2O3 but, do not contain TiC orTiN.

G. Korb et al.

HM 46

389

15* International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

1.2 SiAlON [2] [3]
In the early 1970's it, was found that aluminum and oxygen could be
substituted for silicon and nitrogen, respectively, in the Si3N4 crystal structure to
form an Si(6-z)Alz0zN(8.2) solid solution -, usually referred to by the acronym
"SiAlON". To produce solid solution ß-SiAION, a mixture of ß-Si3N4(77%). AI2O3
(13%). Y2O3(10%), and Metal Nitride is used as the starting material. The
powder mixture is preformed by cold isostatic pressing, and subsequently
sintered at 1800°C for 1 hour. During sintering, the mixture for ß-SiAION
produces a larger volume of lower-viscosity liquid than in the synthesis of
Y2O3-stabilized Si 3 N 4 - Therefore ß-SiALON can be fully densified by
pressureless sintering. Rapid cooling from processing temperature produces a
microstructure of ß-SiALON grains with an intergranular glassy phase. If Y2O3
is the sintering aid, a portion of this glassy phase can be converted to
crystalline yttrium-aluminum-garnet (YAG) by heat treatment or slow cooling.
However, most sintered SiAlON s contain some residual glass phase,
particularly at grain-boundary triple points. Like the Si3N4 sintering aid systems,
the properties of SiAION's are dependent on the type and amount of sintering
aids employed the processing route followed during part fabrication. In general,
silicon nitride cutting tools have better thermal shock resistance but lower
chemical inertness than alumina tools have. To improve the chemical stability
AI2O3 can be added in ß-SiAION.
To improve fracture toughness ZrO2 can be added in ß-SiALON, however, the
addition of only ZrO2 causes an undesirable chemical reaction without
densification. Therefore, AI2O3 and AIN are further added to produce a dense
material consisting of
ß-SiAION and ZrO2 [2].
1.3 Graded SiAION's [1]
First attempts have been made to achieve gradients in 1996/97 by Limin Chen
[1] where the outer layers consist of a-SiAION . This was achieved by a special
"powder bed" sintering process.
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2

Experimental

As a starting point a designed a + ß composition has been prepared in
quadratic shaped specimens. Atypical starting composition was e.g.
Si3N4

AI2O3

AIN

Y2O3

79,02 wt%

8,00 wt%

8,24 wt%

4,25 wt%

The material had a porosity of about 50%. By a special chemical method (at
present proprietary) the continuos changing phase from a'/ß' (in the center) to
a' in the rim has been introduced.

Fig. 2. piece of graded SiAION after grinding off most outside layers (barrier,
impurities) roughness etc.
After full densification a density of 3,2 g/cm3 has been achieved.
After grinding off the most outside impurities and barrier layer, a typical size
which is useful for cutting inserts has been obtained. Fig. 2 (12 mm by 12 mm
by 4 mm).
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3

Investigations and results

3.1 Microstructural Investigations
The specimens have been partially been broken and also cutted and grinded
through the center to make visible the core-rim structure.
Fig. 2, Fig. 3 and Fig. 4 are demonstrating the gradient structure achieved. The
different "grey"-graduation is clearly visible. The high resolution in Fig. 5 is
demonstrating the typical microstructure of the SiAION, a free Si3N4 -SiAION
matrix material with glassy phase.

Fig. 3 Gradient structure from center to the outside of the specimen

Fig. 4 Different microstructures in the FGM material, higher magnification
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Fig. 5 Microstructure of the rim and core (magnification: 1000x)
3.2 Chemical composition
A typical line scan for Yttrium in the SEM shows a gradient from the inner to the
outer regions which is typically for the compositional change in such FGM
materials (Fig. 6)

--. ,-*

s
i= 16,48 GPa

!= 20,94 GPa

Fig. 6 EDS-line scan for Yttrium on the FGM sample plus different hardness
indentation (HV1)

G. Korb et al.

HM 46

393

15'" International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

3.3 Hardness
Hardness as HVi (1 kg indentation load) from the center to the outer region
step by step is given in Fig.7 that means an outer hardness of about 2000 HV
was achieved in comparison to 1600 in the center.
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Fig. 7Hardness HV-, of the graded a'/ß' SiAION vs. distance from the surface
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3.4 Crystallographic Structures
XRD patters of the surface gave the confirmed result, that the outside region of
the specimen consist of mainly a'-SiAION. The X-ray pattern is given in Fig. 8
where clearly both phases can be identified but of course the a is much
stronger. A rough but specific calculation out of the peak intensities gives a
ratio of a'/(a'+ß') of about 87% for the a-modification on the surface.
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Fig. 8 X-Ray pattern of outer zone of FGM SiAION
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4

Discussion

To achieve substantial change in microstructure and achieve sufficient
toughness in a SiAION-structure one has two possibilities:
first to change the outer region to a'-SiAION and to keep ß or (a + ß) core or
second to change the a-structure in that way that elongated grains can cause
the desired thougness property, (see also contribution of Mr. Li, Jang Tao, this
seminar, paper No. HM 48) [4].
Unfortunately the wear at cutting operations does not consist of one type of
wear. Resistivity against e.g. pure mechanical wear can be influenced by
increase of hardness but chemical wear, which is a type, when e.g. chemical
diffusion from chip to insert or vice versa takes place, can only be influenced by
changing the chemical composition of the cutting insert. Both possibilities are
feasible with the SiAION but a wide field of scientific work and a great challenge
is given.
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The Effect of Cr2O3 Additions on the Pressureless Sintering of B4C.
N. Frage, M. Bizaoui and M. P. Dariel
Department of Materials Engineering, Ben-Gurion University of the Negev,
Beer-Sheva, Israel
Summary:
The effect of Cr2O3 and CrB2 additions on the sintering behaviour of B4C was
studied in the 2050 to 2130°C temperature range. According to
thermodynamic predictions, chromium oxide is reduced by carbon from the
B4C phase, thereby generating carbon deficient carbide. CrB2 is formed in
situ in the course of the interaction between B4C and Cr2O3. By sintering at
2130°C for 1h, a mixture of B4C and 15wt% Cr2O3 is transformed into a 94%
dense two-phase composite that consists of sub-stoichiometric boron carbide
and CrB2 and displays a bending strength of 170 MPa. The significantly
improved sintering behaviour of this composite ceramic is attributed to the
enhanced mass transport processes that take place in sub-stoichiometric
B4C. The relatively low value of the bending strength reflects, probably, the
influence of the cracks generated as a result of thermal stresses that arise at
the CrB2/B4C interface during the cooling of the sintered samples.
Keywords: Boron carbide, chromium diboride, reactive sintering
1. Introduction:
The well-documented, outstanding properties of B4C make it a valuable
potential material for a variety of applications (1,2). The realization of this
potential is hindered, however, by two major drawbacks, namely, the low
fracture toughness of B4C and the very high temperature required for its
sintering. Nearly full density cannot be achieved by pressureless sintering
and can be attained in pure B4C only by hot pressing above 2300°C.
Numerous proposals (1-20), which were discussed in a previous paper (21),
have been put forward in order to lower the sintering temperature of boron
carbide.
The present study was undertaken with the purpose of gaining additional
insight into the mechanism whereby Cr2O3 additions improve the sintering
behavior of B4C.
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Boron carbide exists over a wide composition domain that extends from
stoichiometric B4C (20 at% C) to a sub-stoichiometric compound with 9 at%C.
It was of interest to find out whether, in the absence of an extraneous carbon
addition, chromium oxide could be reduced by carbon that originated from
boron carbide, thereby altering the composition of the latter. A specific
objective of this study was to determine the contribution of the in situ
developed deviations from stoichiometry on the sinterability of B4C. In order
to provide an appropriate frame of reference, a comparative study was
carried out on two sets of samples, namely boron carbide with: (a) additions
of Cr2O3, leading to the formation of TiB2 simultaneously with depletion of the
carbon content in the carbide phase, (b) additions of CrB2. An analysis of the
deviations from stoichiometry due to the reduction of oxides was suggested in
(21). The first part of this paper describes the thermodynamic analysis. The
results of the analysis led to the experimental study described subsequently.
2. Thermodynamic Considerations
A. The effect of Cr2O3 additions on the final composition of the sintered
samples.
The interaction between B4C and Cr2O3 additives at high temperature leads to
the partial decomposition of B4C and to the formation of new phases according
to reactions:

2+x
-D4C H

Lr2Ui =

Crx>2 H

2+x
LC>2 H

-°4M-x

f2)

The relative amounts of B4C and CrB2 in the final product and the
composition of the boron carbide depend obviously on the amount of Cr2O3
that had been added and on the importance of reaction (1) as compared to
reaction (2). The calculations are straightforward and are detailed in (21).
The weight losses (per 100g of mixture) Am(l)and Am(2) in the course of the
interaction according to reactions (1) and (2), respectively, may be expressed
as:

Am(l) = 0.553 • (Cr2O3,%) and Am(2) = 0.434 • (Cr2O3,%).
The CrB2 content in the final mixtures, calculated according to the
stoichiometric coefficients for reactions (1) and (2), are shown in Fig.1.
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40
for reaction ( I ) .
CrB2,Vo =

0.969 •(Cr2O3,%)

100-0.553-(O-203,%)

20-

for reaction (2)
S
2

10-

10

0.969.(0-A,Q/o)
100-0.434-(O-203,%)

15
20 25
Cr2O3,wt.%

30

35

Fig.1. The CrB2 content in the final mixtures as function of the amount of
added Cr2O3.
The carbon content in the residual boron carbide phase, as a function of the
amount of Cr2O3 that had been added, is shown in Fig.2. The two curves
stand for the two limiting cases, corresponding to reactions (1) and (2),
respectively.

60
Cr 2 O 3 , %

Fig.2. The dependence of the carbon content in the boron carbide phase on
the amount of Cr2O3 that had been added.
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According to Fig.2, up to 41.0 wt.%, Cr2O3, if eq.(1) is valid, or 59.0 wt.%,
Cr2O3p if eq.(2) is valid, can be added without any free boron being formed.
B.
The effect of the carbon content of the boron carbide phase on the
equilibrium parameters
For a thermodynamic analysis of Cr2O3 being reduced by carbon that
originated in non-stoichiometric boron carbide, it is useful to treat the latter
phase as a solid solution of B and C with varying composition. For the simple
case, when only CO gas is formed during the interaction, the equilibrium in
the Cr-C-B-0 system can be described by the chemical reaction:
4[B] + 3[C] + Cr2O, = 2CrB2 + 3CO
(3)
where the square brackets denote that boron and carbon are in solid solution
B-C within the composition limits, corresponding to the stability range of the
boron carbide phase.
The equilibrium constants for reaction (3) can be written as
A

VV =

43
aBac

(4)

where at is the activity of the components in boron carbide, Pco is the partial
pressures of the components of the gaseous phase (atm).
According to equations (4), at a given temperature, the composition of the
boron carbide determines the composition of the gaseous phase. In order to
determine the equilibrium pressure, values of the activities and the
temperature dependence of the equilibrium constants K(3) must be known.
The temperature dependence of AG°(3) was
thermodynamic data [22, 23] of the following reactions:
C + O2 = CO2 AG° = -394762 - 0.8367
-O2 + 2Cr = Cr2O3 AG° = -1120266 + 259.8267

CO2+C = 2CO AG° =+169008-172.19T
Cr + 2B = CrB2 AG° = -134122 +14.237

derived

from

the
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For reaction (3), we have: ÄG°(3) = 513391-4888.397 and
+ 58.744

(5)

For the determination of the thermodynamic properties of boron carbide
within its range of the stability, the only available results are those of Froment
et. al., (24,25). These results were used to derive the composition
dependence of the activities, as shown in eqs. (6,7). The details of this
derivation are given in ref. (21),
'c2c -0.0081) +0.0943
(6)
T
53524
[ ( l - x c ) 2 - 0.64] + 1.609
In ac - In xc (7)
T
By combining equations (4-7), it became possible to calculate the equilibrium
parameters for the reduction of Cr2O3 by carbon originating from the boron
carbide phase. The equilibrium compositions of the gaseous phase as
function of carbon content in the carbide phase at various temperatures are
shown in Fig.3.
In aB = In xB -

53524

As can be seen from Fig.2, the CO partial pressure in the gaseous phase is
high enough to ensure reducing of chromium oxide by the carbon that
originated from the boron carbide phase.
3.5
'
•

1 700K
1 300K
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1 QnnTif
1 yuuiv

2.0
1.5
1.0
0.5

o.o

0.10

0.12 0.14 0.16 0.18
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0.20

Fig. 3. The equilibrium partial pressure at various temperatures of CO for the
reduction of Cr2O3 by carbon originating from B4C.
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3. Experimental Procedures
Boron carbide (Fig. 4) of about 5.9 fim mean particle size (a carbon-to-boron
atomic ratio of 3.94), Cr2O3 (2 jam and less particle size) and CrB2 powder of
about 3 jam average particle size were used to prepare ceramic B4C samples
containing 5-25 wt.% Cr2O3 or CrB2additions.
Powder compacted powder mixtures were heated to 1300-1500°C for two
hours in a vacuum furnace to ensure the completion of the reaction between
the B4C and the additives. Sintering was carried out for 1h, in a "ASTRO"
furnace with graphite heat elements under an argon atmosphere in the 20002130°C temperature range. The density of the sintered samples was
measured by the liquid displacement method in distilled water. The relative
densities were calculated using the theoretical density values of the mixtures.
Flexural strength was measured by the three-point method with a fulcrum
spacing of 9 mm in an "lnstron-1186" instrument, at a constant crosshead
speed of 0.5 mm/min. For each composition and treatment temperature, five
or six identical samples were tested. The reported data points represent the
average of the measured values and the error bars stand for the standard
deviation.

0

5

10
Particle size,|am
Fig.4. Particle size distribution of the boron carbide powder.
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X-ray diffraction ("Rigaku", RINT-2100, Cu-K, line) and diffraction line fitting
were applied to identify the phases present in the sample and determine the
lattice parameters of the boron carbide phase.
The weight-loss of samples that underwent high temperature anneals was
determined at room temperature. Samples that contained Cr2O3 additives lost
weight due to the reaction between B4C and the additive and formation of
volatile, CO and CO2, reaction products. Even for B4C samples with no Cr2O3
additive, a loss of approximately 4 wt.% was observed and attributed to the
evaporation of B2O3 on the surface of the carbide particles or/and to its reaction
with some excess carbon present in the carbide. The experimental results
regarding to the weight losses were corrected accordingly.
4. Results and Discussion:
A. Phase composition
The weight losses incurred during the heat treatment of mixtures that had
different Cr2O3 content are shown in Fig. 5. The results fall within the range
defined by the two calculated curves that correspond to the presence of either
CO or CO2 in the gaseous phase. In Fig.3, the 4 % weight-loss of blank boron
carbide was taken into account. The composition of the gaseous phase
cannot be defined unambiguously. It varies as a function of the time elapsed;
it also varies as a function of the location within the sample and is probably
dominated by kinetic factors in addition to the thermodynamic factors.
X-ray diffraction patterns of sintered B4C with Cr2O3 additions are in
agreement with thermodynamic predictions and the only phases detected
were boron carbide and chromium diboride.
The measured lattice parameters of the B4C compound provide additional
support for the thermodynamic prediction. The dependence of the lattice
parameters of boron carbide on the additive fraction of Cr2O3 is shown in
Fig.6 (a and b). The additions of Cr2O3 increase both the a and c lattice
parameters of B4C. According to Aselage and Emin (26), the lattice
parameters of B4C, increase with decreasing carbon content in the carbide.
Thus, the formation of sub-stoichiometric boron carbide that was predicted by
the thermodynamic analysis was actually observed experimentally.
B. Densification
No noticeable densification was observed for treatments carried out up to
2000°C. In the 2050-2130°C temperature range, significant densification
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occurred with a strong dependence on the composition of the mixture. The
results are shown in Fig. 7 for two sintering temperatures.
Both, the Cr2O3 and the CrB2 additives improve the densification. Chromium
oxide, however, is significantly more effective than CrB2 in improving the
densification of the boron carbide powder. This feature is more remarkable at
2050°C than at 2130°C and may be due to the dissolution of carbon in the
nonstoichiometric carbide and the change of the boron carbide stoichiometry
during sintering at high temperature in a furnace with graphite heat elements.
In principle, a sub-stoichiometric compound with a significantly higher
structural defect concentration may display improved mobility of its
constituents, leading to higher diffusivities and, thence, to higher sinterability.
A multi-step dynamic mass transport process in which the evaporationcondensation mechanism plays a major role can also be considered. Over
the width of the carbide phase, the activity of boron increases by an order of
magnitude to reach its highest value in equilibrium with pure boron at the
boron-rich boundary. Thus the rate of evaporation increases with decreasing
carbon content in the carbide phase. Condensation of the boron vapour onto
neighbouring boron carbide particles gives rise to carbon concentration
gradients and associated carbon atom fluxes. The resulting chemical diffusion
may lead to the enhanced densification that was observed.

Cr2O3, %

Fig. 5. Weight loss of mixtures of various Cr2O3 content. The full lines
standfor the calculated values, the open circles for the experimental data.
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The optimal amount of additives was 15% Cr2O3. The relative density of such
mixture reaches 94-95% of TD after sintering at 2130°C.
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Fig.6. Cell dimensions of B4C after its interaction with Cr2O3.
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Fig. 7. Relative density of the B4C samples with Cr2O3 and CrB2 additives,
sintered at temperature range 2050-2130°C
C.
Microstructure
The optical micrographs of the sintered and polished ceramic samples
containing of 15% Cr2O3, before and after electrolytic etching ( 1 % KOH, 5V,
45s) are shown in Figs. 8 and 9. The bright particles in Fig.6 were identified
as CrB2 particles, the dark spots are either residual pores or voids formed
when CrB2 particles were torn out from the free surface, in the course of the
specimen preparation. The relatively easy removal of the CrB2 particles may
be due to the substantial residual thermal stresses that arise at the interface
between the CrB2and B4C particles as a result of the significant difference in
their respective thermal expansion coefficients. The thermal expansion
coefficient (TEC) of the boron carbide phase is 4.5-10"6K"1, whereas that for
the CrB2 phase is significantly higher (about 11.58-10' K"1) (22). The level of
the stresses at the interface, ar, can be estimated (eq.8) according to (27)

0.5(1

(8)

where E , a , and v are the elastic moduli, thermal expansion coefficients
and Poisson coefficients, respectively, of the components.
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The Young modulus and the thermal expansion coefficient for B4C are
445GPa and 0.19, the respective values for CrB2 are 211 GPa and 0.25 (22).
For a A71 value of 2000°, the calculated residual stress is about 3.3GPa.
Such level of residual stresses may easily lead to crack formation during
cooling of the samples after sintering.
Almost all CrB2 particles were removed after electrolytic etching (Fig.9), the
grain boundaries between the B4C particles however, are clearly visible. The
average size of the boron carbide grains, derived by image analysis, is about
40)am. According to these results, significant coarsening took place during
sintering.

Fig.8. Microstructure of the sintered B4C with 15% Cr2O3 additive (x400)

Fig.9. Sintered boron carbide with 15% Cr2O3 additive after etching.
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D. Mechanical properties
The measured bending strength of the sintered samples is shown in Fig. 10.
The bending strength of the samples that were sintered at the lower
temperature was about 50-80 MPa. As shown in Fig.8, the bending strength
of samples that were obtained from a mixture of B4C with 15% chromium
oxide reaches 170 MPa. This relatively low value reflects, probably, the
influence of the weak CrB2/B4C interfaces. This feature is more remarkable
for the samples with 25% additives and leads to a considerable decrease of
the bending strength.
150-
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Fig. 10. Bending strength of the sintered (2130°C) boron carbide as a function
of the amount of additives.
4. Summaries
1. Thermodynamic analysis of the B4C+Cr203 system and its experimental
verification indicate that chromium oxide is reduced by carbon that originated
in the carbide phase. The resulting product is a mixture of sub-stoichiometric
boron carbide with in situ formed CrB2.
2. The addition of Cr2O3 and CrB2 improves the sintering behaviour of B4C.
Thus the addition of 15 wt.% Cr2O3 to B4C powder allows reaching 94%
relative density after sintering for 1 h at 2130 °C. This density level is higher
than that attained with an equivalent amount of CrB2 addition.
3. The striking improvement of the sintering behaviour of B4C by Cr2O3

N. Frage et al.

HM 49

409

15* International Plansee Seminar, Eds. G. Kneringer, P. Rödhammer and H. Wildner, Plansee Holding AG, Reutte (2001), Vol. 4

additions is attributed to the formation of sub-stoichiometric boron carbide.
4. Metallographic examination of the compact sintered at 2130°C revealed a
two-phase microstructure with 40 ^m size B4C grains. The in situ formed
CrB2 has a weak interface with B4C grains due to the difference between
their thermal expansion coefficients.
5. The maximum bending strength was reached for samples with 15% of
Cr2O3. The relatively low value of the bending strength (170MPa) and its
considerable decrease for samples with 25% additive represent, probably,
the influence of crack formation at the weak CrB2/B4C interfaces during
cooling of the sintered samples.
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PHASE REACTIONS IN Ti(C,N)/(Ti,W)C, Ti(C,N)/(Ti,Mo)C,
(Ti,W)(C,N)/Co AND (Ti,W)(C,N)/Ni DIFFUSION COUPLES

B. Wollein, W. Lengauer
Institute for Chemical Technology of Inorganic Materials, Vienna University of Technology,
Getreidemarkt 9/161, A-1060 Vienna, Austria; www.tuwien.ac.at/physmet

Summary:
In order to investigate interactions of (Ti,W)(C,N) and (Ti,Mo)(C,N) with binder
metals solid/solid diffusion couples were annealed. These two-dimensional
arrangements provide good access to phase reactions occurring upon
sintering already in the solid state. It was found in (Ti,W)(C,N)/Co- and
(Ti,W)(C,N)/Ni-based couples that the reaction zone is thinner in contact with
Co than with Ni. It was also observed that the reaction rate with both Co and
Ni is lower if nitrogen is added to the hard phases. Beside a thickness
variation of the diffusion zones a change in the microstructure was found. At
the interface of nitrogen-free hard phases in contact with Co elongated
microstructural constituents are formed with the main axis perpendicular to
the interface, while at the interface of nitrogen-containing hard phases these
elongated microstructural constituents were found in contact with Ni.
Also phase reactions and the diffusion behaviour between the different hard
phases were studied by means of solid/solid diffusion couples of the type
Ti(C,N)/(Ti,W)C and Ti(C,N)/(Ti,Mo)C with various concentrations. After
1008h inside the Ti(C,N) phase of the Ti(C,N)/(Ti,W)C diffusion couple W-rich
rims were found around Ti-rich cores. The thickness of these rims did not
change with time. If W is exchanged by Mo it was observed that the well
known core-rim structure is built by diffusion of Mo into the Ti(C,N) grains. But
with time the Mo diffuses into the core of Ti(C,N) phase showing that the
structure is not stable.
Keywords:
hardmetals, binder metals, EPMA, X-ray mapping
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1. Introduction:
The W-C-Co system is one of the most important material systems in the field
of hardmetal cutting tools. The interactions in WC-Co or WC-Ni based
hardmetals which often contain a number of other hard phases such as TaC,
NbC, TiC and TiN, are difficult to investigate because of the small grain size
(ca. 1um) of the hard particles embedded in the Co or Ni binder phase. In
order to investigate the interactions of hard phases with the binder metal and
also the reactions in between the hard phases diffusion couples were made.
The diffusion couples should provide a better access to investigate phase
reactions at the interfaces (1,2). The first step in our investigations reported
here were diffusion couples based on (Ti,W)(C,N) hard phases contacted with
different binder metals. To investigate the two main regimes the reactions
were performed below and above the melting temperature of the binder
metal. Beside the conventionally used binder metals Co and Ni, also mixtures
of Fe/Ni/Co were used.
Another part of this work consisted of solid/solid reactions in diffusion couples
of the type Ti(C,N)/(Ti,W)C and Ti(C,N)/(Ti,Mo)C with various concentrations
in order to observe the tendency of mutual solubility of these ternary phases.
From contact reaction investigations (3) it is known that increasing nitrogen
content influences the diffusion kinetics in such a way that faster diffusion
rates are observed. In our work we investigated the change of diffusion
kinetics if Mo is exchanged by W.
2. Experimental:
2.1 Sample preparation:
2.1.1 Hard phase/binder metal diffusion couples:
The different powders (WC, TiC, TiN, Mo2C, C, W) were mixed and hot
pressed at ca. 2200°C and 620bar in Ar to get almost dense samples. The
compositions were (vVo.48Tio.52)C, (Wo.42Tio.52)C and (Wo^TiojeXCo./No.a). The
binder metals were Co and Ni sheets and pre-sintered powders of the
composition Co/Ni 50/50 and Fe/Ni/Co 30/30/40.
For the solid/solid diffusion experiments, both the hard phases and the binder
metals, were lapped on a cast iron disk with B4C in order to get plane
surfaces to guarantee good contact between the plates during annealing. The
samples were annealed in an induction furnace in 200mbar Ar. Firstly, a
Co/Ni diffusion couple was prepared by annealing a Co plate contacted to a
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Ni plate at 1300°C for 40h to reach a gradient from 100% Co to 100% Ni.
Afterwards the Co/Ni sample was cut, lapped and annealed in contact with a
hard phase plate. A sketch of the arrangement is shown in Fig.1 and the
annealing conditions are listed in Tab.1.

W weight
ca. 2 kg

Fig.1
Arrangement of the contacted plates (solid/solid diffusion couples).
For the solid/liquid hard phase/binder metal diffusion couples the hard phases
were hot pressed (see above), cut into small pieces and put into AI2O3
crucibles. Onto these pieces pre-alloyed binder metal powders were pressed.
The crucibles were covered with an AI2O3 plate to avoid vaporisation of the
binder metals and annealed in a Mo crucible, which served as susceptor, in
an induction furnace at 800mbar Ar. The annealing temperatures were
slightly above the melting temperature of the various alloys and metals

(Tab A).
2.1.2 Hard phase/hard phase diffusion couples:
Onto hot-pressed (see above) Ti(C,N) samples mixed hard phase powders,
different in composition, were pressed in Ar at 2200°C and ca. 620bar. The
composition
of
the
samples
was
Ti(Co.7No.3)/(Tio.7Wo.3)C
and
Ti(C0.8No.2)/(Tio.8Moo.2)C. These samples were annealed at 1bar Ar above
ambient pressure at 1500°Cfor504, 1008 and 1512h.
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Tab.1
Annealing conditions of the solid/solid and solid/liquid diffusion couples;
hard phase
(W0.48Tio.52)C
(WO.48Tio.52)C
(Wo.24TiO.76)(Co.7NO.3)
(Wo.24Ti0.76)(Co.7No.3)
(WO.48Tio.52)C
(W0.48Ti0.52)C
(W0.24Tio.76)(Co.7No.3)
(WO.24Tio.76)(Co.7No.3)

T[°C]
binder metal
Co
1230
Ni
1230
Co
1230
1230
Ni
Co/Ni 50/50
1445
Fe/Ni/Co 30/30/40 1460
1440
Co/Ni 50/50
Fe/Ni/Co 30/30/40 1475

t
69h
69h
97h
97h
5min
5min
10min
10min

2.2 Metallography:
The samples were cut with a diamond disk, embedded in cold-setting resin
(Araldite®, Bayer) and ground with a 20pm diamond disk. After this procedure
a 3um diamond paste was applied on a hard cloth (Struers DP-NAP) for
polishing.
2.3 Microprobe investigations:
The microprobe investigations were performed with a CAMECA SX 50
microprobe equipped with five spectrometers and a variety of crystals to
make the characteristic radiation of a full range of elements accessible.
Chemically analysed carbide and nitride standards were used.
2.3.1 Linescans:
A variety of different conditions was chosen for the beam current, voltage,
type of crystal and background position to carry out the measurements (see
Tab. 2).
To avoid the problem of peak coincidences and reduce the problem of
contamination during measurements, C was subtracted from all elements, N
from Co, Ni and Ti (4).
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Tab.2
EPMA conditions for the systems (Ti,W)(C,N) + Co and (Ti,W)(C,N) + Ni
Element0

W

Crystal a
Peak
Beam
conditions
Position
[kV/nA]
[1O 5 sin0]
27176
10/100
TAP

+bgb
-bgb
[105 sin 0] [10 5 sin©]
820

530

C

10/100

PC1

74125

7000

7000

Ti

10/100

PET

31424

800

600

Mo

10/100

PET

61787

600

1.2

Ni

10/100

TAP

56705

600

1.2

Co

10/100

TAP

62139

600

1.2

N

52998
5000
4500
10/100
PC1
PC1:59.8A, PET:8.742A, TAP: 25.9Ä
b
Background to be added to (+bg) or subtracted from (-bg) the peak
position.
c
All the measurements were carried out with cold trap and without

oxygen jet
2.3.2 X-ray mapping:
For X-ray mapping the beam was fixed and the sample holder moved across
a defined area. This provides strictly focused conditions in the spectrometer.
The scanning time per point and per element was 50ms. It should be noted
that the X-ray mapping was not quantified, meaning that the same colour in
different images is not equal to the same concentration.
A difficulty in this approach is the low intensity of the X-ray signal. Compared
to the BSE signal, the X-ray signal from an element is lower by several orders
of magnitude. Quantification of the X-ray mapping would cause a much
longer scanning time (e.g.: to neglect matrix effects for an element with
around 1wt%, the scanning time would have to be increased to 2000s) (5).
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3. Results:
3.1 Solid/solid hard phase/binder metal diffusion couples:
Comparing the reaction behaviour of the solid hard phase (W0.48Ti0.52)C with
different solid binder metals it was found that the reaction zone is 2 1/i times
thicker in contact with Ni than with Co (compare Fig.2b and Fig.3b). In
addition, elongated microstructural constituents perpendicular to the interface
were found (see Fig.3a) if Co is in contact with the hard phase. It was not
possible yet to characterise these parts by SEM or EPMA. This phenomenon
is in so far interesting as the microstructure changes if nitrogen is added to
the hard phase which will be shown later. The reaction zone with Ni builds
two zones while in contact with Co only one zone can be identified (Fig.2a,
brighter and darker parallel zones and Fig.3a). This observation was
confirmed by the EPMA line scans made across the interface of both diffusion
couples (Fig.2b, 3b), which also provide quantitative information on the
reaction zones. In the line scan of the Ni/hard phase diffusion couple (Fig.2b)
it can be seen (13) that Ti, C and W first decrease from right to left slowly to
26at% Ti, 38at% C and 12at% W (12) and then steeply to 4at% Ti, 12at% C
and 6at% W. Inverse to this, Ni increases from 13 to 12, then steeply to 11.
Comparing these results with the line scan of the Co/hard phase diffusion
couple (Fig.3b) the concentrations of Ti, C and W decrease steeply from
42at%, 46at% and 12at% (12) to 2at% Ti, 9at% C and 3at% W (11), while Co
increases from Oat% (12) to 86at% (11).
If the results of the Ni/hard phase diffusion couple (Fig.2) and the Co/hard
phase diffusion couple (Fig.3) are compared it is obvious that 4at% Ti and
6at% W diffused into Ni (Fig.2b, 11) while nearly no Ti and W was found in Co
(Fig.3b, 11). The better solubility of Ti in Ni is in agreement with other
investigations (6,7) and deviated somewhat from (8), who found 11at% W in
Co. Because of the long annealing time Ti was found in Ni up to about 500um
away from the interface.
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Fig.2
a: Microstructure of the diffusion couple Ni/(Wo.48Tio.52)C etched with
FeCb/HCI and Murakami solution; b: Line scan over a distance of 400um
across sample Ni/(Wo.48Tio.52)C.
To investigate the influence of nitrogen on the diffusion behaviour diffusion
couples with the solid hard phase (W0.24Tio.76)(Co.7N0.3) were annealed in
contact with solid binder metals. The most interesting phenomenon found
was, that contrary to the samples without nitrogen, in the
Ni/(Wo.24Tio.76)(Co.7No.3) diffusion couple the black microstructural constituents
perpendicular to the interface were found, while in the Co/(Wo.24Tio.76)(Co.7N0.3)
diffusion couple they were absent (see Fig.2a, 3a, 4a and 5a). Comparing the
different hard phases with the same binder metal the reaction zone is thinner,
both with Ni and Co, if the hard phase contains nitrogen (Figs. 2b, 3b, 4b and
5b) although the reaction time was 30% longer.
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Fig.3
a: Microstructure of the diffusion couple Co/(W0.48Ti0.52)C etched with
FeCb/HCI and Murakami solution; b: Line scan over a distance of 350um
across sample Co/(W0.48Tio.52)C.
If the nitrogen-containing hard phase is contacted with Ni again two zones
within the diffusion zone were built (Fig.4b). Contrary to the reaction of Co
with the nitrogen-free hard phase (Fig.3), two zones have built in the reaction
zone of Co with the nitrogen-containing sample (Fig.5b). In the line scan of
the Ni/(Wo.24Tio.76)(Co.7No.3) sample (Fig.4b) it was found that the nitrogen
content decreases down to Oat% in the first zone (13 to 12), while Ti and C
decrease slowly to 4at% Ti and 7at% C across the reaction zone (13 to 11). W
remains nearly constant in between the reaction zone and decreases within
Ni. Analysing the line scan of sample Co/(Wo.24Tio.76)(C0.7N0.3) (Fig.5b) a slight
decrease of Ti from 13 to 36at% (12) was found. Contrary to this the N and C
content increase from 13 to 11at%N and 42at% C (12), while the W
concentration is nearly constant in between 13 and 12. Then W, Ti and C
decreases to 3at% W, 1at%Ti and 5at% C (11). The N concentration
decreases to 8at% (11) and remains constant at around 7at% in the binder
phase (Fig.5b).
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a: Microstructure of the diffusion couple Ni/(Wo.24Tio.76)(Co.7N0.3) etched with
FeCI 3 /HCI and Murakami solution; b: Line scan over a distance of 280um
across sample Co/(Wo.24Tio.76)(C0.7N0.3).

If the reaction of (Wo.24Tio.76)(Q).7No.3) w ^h Ni is compared with that of the Co
side it was found that again Ni reacts faster with the nitrogen-containing hard
phase (compare Fig.4b, 5b). The most significant difference is the N diffusion
into the binder metals. While the N concentration with Ni as the binder metal
decreases down to Oat% already in the reaction zone (Fig.4b, 12), 8at% N
were found within Co at 11 (Fig.5b). This change of solubility of N was already
seen in contact with a binder metal with the composition of 56at% Co and
35at% Ni where the N concentration decreased already to Oat% in within the
reaction zone. So already little additions of Ni influence the solubility of N in
the binder metal substantially.
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FeCI 3 /HCI and Murakami solution; b: Line scan over a distance of 140um
across sample Co/(W0.24Tio.76)(Co.7N0.3);

3.2 Solid/liquid hard phase/binder metal diffusion couples:
In order to investigate the influence of addition of Fe to Co and Ni the
reactions of two hard phases, one with and one without nitrogen, with liquid
Co/Ni and Fe/Ni/Co binder phases were investigated. The reaction of
(W0.48Ti0.52)C with Co/Ni 50/50 is such intensive that after 5 minutes annealing
the compact hard phase was dissolved completely (Fig.6a). If only the binder
metal is changed to Fe/Ni/Co it was observed (Fig.6c) that the reaction slows
down substantially. This reduction in reaction rate was also observed in the
nitrogen-containing diffusion couples (Fig.6c, 6d). Interestingly, the reaction of
the nitrogen-containing sample in contact with the Fe-containing binder metal
(Fig.6b) is much faster than the reaction of the nitrogen-free sample
contacted with the same Fe-containing binder metal (Fig.6c).
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Abb. 6a-d
Microstructures of solid/liquid hard phase/binder metal diffusion couples;
This is inverse to the results of the solid/solid diffusion experiments, where
the reaction zones of the nitrogen-free diffusion couples were, independent of
the composition of the hard phase, thicker than the reaction zones in
nitrogen-containing samples (compare Figs. 1-5). Another phenomenon is the
change in the microstructures of the nitrogen-containing samples by changing
the binder metal from Co/Ni to Fe/Ni/Co. In the Fe-containing diffusion couple
it is possible to identify the original shape - and also the original interface - of
the hard phase (Fig.6b), while with in the Fe-free binder metal the hard phase
is dissolved (Fig.6d). Comparing the reaction of the Fe-containing binder
metal with a nitrogen-containing (fig.6b) and a nitrogen-free (Fig.6c) hard
phase the same change in microstructures was found. The nitrogen-free hard
phase (Fig.6c) is dissolved within the binder metal without the possibility to
identify the original geometry of the hard phase.
3.3 Hard phase/hard phase diffusion couples:
At 1500°C the reaction rate of the Ti(Co.7No.3)/(Tio.7Wo.3)C diffusion couple is
so low that after an annealing time of 1008h it was not possible to identify an
diffusion zone by light-optical microscopy. In Fig.7 the SEM images of the
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sample Ti(Co.7No,3)/(Tio,7Wo.3)C (a) and Ti(C0.8No.2)/(Tio.8IVlOo.2)C (b) after
1512h are shown. In both of these microstructures it is possible to identify a
reaction zone between the two hard phases but it can be seen that the
diffusion zone of sample Ti(Co.8N0.2)/(Tio.8Mo0.2)C (Fig.7b) is thicker than in
sample Ti(Co.7No.3)/(Tio.7Wo.3)C (Fig.7a). Hence, the Mo-containing couple
shows faster reaction than the W-containing diffusion couple.

50 urn

50 urn

(TL 8 Mo 0 ,)C

Fig.7
A, b: SEM images of the hard phase/hard phase diffusion couples annealed
for1512hat1500°C;
In the X-ray maps made across the interface of the diffusion couple
Ti(Co.7No.3)/(Tio.7Wo.3)C annealed for 1008h thin W-rich rims can be observed
(Fig.8a) In these rims the nitrogen content decreases (Fig.8b). This
corresponds to the low chemical affinity between W and N. By continuing the
annealing of this diffusion couple it was found that the thickness of these rims
remains constant (Fig.8a, 8c) and W diffuses deeper along the grain
boundaries into the Ti(C,N) side. Obviously, the core-rim structure remains
stable at positions near the interface where near-equilibrium conditions are
reached. To find out more about the diffusion processes it seems to be
necessary to anneal the diffusion couples even for a longer time to
investigate whether the thickness of the W-rich rims remains constant or
changes if the equilibrium is reached.
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Fig.8
X-ray maps on sample Ti(CojNo.3)/(Tio.7Wo.3)C; a: W; b: N; c: W; d: N; a, b:
1008h; c, d: 1512h; white: high concentration, black: low concentration of the
respective elements; for the colour version see the microstructure section at
www.tuwien.ac.at/physmet
In the X-ray maps of the Ti(C0.8N0.2)/(Tio.8lvloo.2)C diffusion couple (Fig.9) it can
be seen that after 1008h (Fig.9a, 9b) Mo diffused already into the Ti(C,N) and
hence Mo-rich rims were built around the Ti- and N-rich zones (Fig.9a) and is
dissolved. Again an enrichment of N inside the Mo-poor parts is clearly visible
(see Fig.9b and 9d). This is due to the low chemical affinity between Mo and
nitrogen. After 1512h (Fig.9c, 9d) the rims around the Ti- and N-richer parts
grew and thus became thicker; contrary to the rims in the W-containing
diffusion couples. This diffusion couple should be annealed for a longer time
in order to observe whether the core vanishes and the grains become
homogeneous. However, already from these investigations it can be
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concluded that in the W-containing sample a stable core-rim structure is
formed because of the miscibility gap whereas no such stable miscibility gap
is present at the investigated conditions (temperature, composition) in the TiMo-C-N system and hence the grains in diffusion couples of the latter
homogenise to a single phase near the interface. In sintering experiments the
core-rim structure of hard phase particles was attributed to the presence of a
miscibility gap (compare (9)).

Fig.9
X-ray maps on sample Ti(C0.8N0.2)/(Tio.8Moo.2)C; a: Mo; b: N; c: Mo; d: N; a, b:
1008h; c, d: 1512h; white: high concentration, black: low concentration of the
respective elements; for the colour version see the microstructure section at
www.tuwien.ac.at/physmet
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4. Conclusion:
It was found that both with nitrogen-free and nitrogen-containing hard phases
the reaction with Ni is faster than with Co at T<1230°C. If the same hard
phases were compared with different binder metals it was observed that in
the nitrogen-free hard phase in contact with Ni 4at% Ti are soluble, while in
contact with Co no Ti dissolved in the binder metal. Adding nitrogen to the
hard phase the most interesting finding was the change in the
microstructures. While contacted with the nitrogen-free hard phase Co built
black microstructural constituents perpendicular to the interface, while
contacted with the nitrogen-containing hard phase Ni built black
microstructural constituents perpendicular to the interface. Future attempts
will concentrate to characterise these phases. In contact with nitrogencontaining hard phases, ca. 8at% N at the interface with Co were found,
where no N diffused into Ni. Ni seems to influence the solubility because in
the interdiffusion zone between 100at% Co and 100at% Ni it was observed
that no N diffused into a binder metal with 56at% Co and 35at% Ni. Adding
Fe to Co and Ni the reaction both with the nitrogen-free and nitrogencontaining hard phase slowed down substantially. Interestingly the Fecontaining binder metal reacts faster with nitrogen-containing hard phases
which is inverse to the Fe-free binder metals, independent on the N content.
The Ti(C,N) phase contacted with (Ti,W)C showed already after annealing for
1008h W-rich rims surrounding Ti- and N-rich cores. The thickness of these
rims did not change even if the diffusion couples were annealed for further
504h. In Ti(C,N) in contact with (Ti,Mo)C even after 1008h a core-rim
structure was built by diffusion of Mo into Ti(C,N), but the structure was not
stable and the core size decreased.
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WC GRAIN GROWTH AND GRAIN GROWTH INHIBITION IN
NICKEL AND IRON BINDER HARDMETALS
Bernhard Wittmann, Wolf-Dieter Schubert, Benno Lux
Institute for Chemical Technology of Inorganic Materials
Vienna University of Technology, A-1060 Vienna, Austria

Abstract:
WC grain growth and growth inhibition of an 0.6 (jm FSSS WC powder
(average SEM size: 0.35 pm) was studied in WC-10 wt% Ni alloys by adding
0-2 wt.% of inhibitor carbides (VC, Cr3C2, TaC, TiC and ZrC).
Alloy gross carbon content turned out to be a crucial factor for WC growth in
Ni alloys, even with high inhibitor additions. Coarsening was more
pronounced in high carbon alloys, compared with low carbon grades,
resulting in a significantly lower hardness. VC proved to be by far the most
effective grain growth inhibitor in WC-Ni hardmetals, followed by TaC, Cr3C2,
TiC and ZrC. Hardness increased with increasing amount of additive but
reached a maximum above which it remained about the same.
Experiments on WC-Fe-(VC) alloys revealed that WC grain growth is strongly
restricted in Fe-binder alloys, even without additions of growth inhibitors.
Binder chemistry thus strongly influences both continuous and discontinuous
WC grain growth. This chemistry is determined by the nature of the binder
matrix (Fe, Co, Ni), the alloy gross carbon content (which determines the
composition of the binder matrix) as well as the inhibitor additive.
Keywords: hardmetal, alternative binder, WC grain growth, WC grain growth
inhibition.
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1

Introduction

For the production of hardmetals tungsten carbide (WC) is the basic and most
widely used hard compound, whereas cobalt was found to be the optimal
binder metal for most applications. Other iron group metals (nickel and iron)
are employed only to a limited extent for specialized applications, e.g. where
hot hardness and resistance against thermal cracking or corrosion/oxidation
resistance are required [1,2]. Compared with the WC-Co system, which has
been extensively investigated in the past due to its commercial importance,
there is still limited information on alternative binders.
Up to now, for example, no systematic study has been performed on WC
grain growth and growth inhibition in those systems. Thus it appeared to be
worthwhile to carry out a respective investigation, and to compare the results
on WC grain grain growth and growth inhibition with those already known
from the well investigated WC-Co system [3].
WC grain growth and grain growth inhibition was investigated using a straight
WC-10 wt% Ni grade and additions of small amounts of inhibitor carbides
(VC, Cr3C2, TaC, TiC, ZrC); as practice in the manufacture of fine-grained
WC-Co hardmetals. WC grain coarsening in a WC-10 wt% Fe alloy was
additionally investigated.

2

Literature

Little has been reported concerning WC grain growth and growth inhibition in
WC-Ni alloys. No direct evidence was found in related literature on grain
growth in unalloyed WC-Ni. However, the early results of Suzuki et al. [4]
demonstrated a strong influence of the carbon content on the hardness of the
sintered material. For a WC-10 wt% Ni alloy, the hardness varied between
-1060 HV30 for a high carbon alloy and -1280 HV30 for a low carbon alloy,
indicating a strong impact of binder chemistry on WC grain coarsening.
Excessive grain growth was observed in WC-6 wt% Ni alloys at 1500°C with
a plain nickel binder [5]. Both chromium and molybdenum were found to act
as grain growth inhibitors [5,6], but no systematic data were available on the
inhibiting effect. Alloying additions of V, Mo and Crwere observed to increase
the hardness in Fe-Co-Ni-bonded hardmetals, and VC was found to be the
most effective grain growth inhibitor, as it is in the WC-Co system [3]. Data for
the solubility of VC, Cr3C2, TaC, NbC, TiC and ZrC in nickel is scarce [7].
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3

Experimental

3.1 Starting materials
High purity starting materials (WC, Ni, Fe) were used for the preparation of
alloys. A SEM image of the WC powder used is presented in Fig. 1.

Fig.1: SEM image of the WC powder used for this investigation;
grain size: 0.35 |jm (estimated by SEM-image analysis)
calculated diameter from BET: 0.2 pm; magn. 20 000 x.

3.2 Alloy preparation
(90-x) wt% WC, 10 wt% Ni and x wt% inhibitor carbide were immersed in
cyclohexane and either ball milled for 72 hours (steel lining, 60% of the critical
rotation speed) or attritor milled for 2 hours (700 rpm, plate stirrer). 2 wt.%
wax was added as a pressing aid. Different amounts of carbon black were
added to the individual batches in order to obtain the desired gross carbon
content of the alloys. After milling, the cyclohexane was evaporated using a
Rotavapor. The powder mix was passed through a 0.5 mm sieve and
subsequently granulated in a Turbula Mixer for 10 minutes to obtain a
smoothly flowing granulate. 11 g of this granulate were pressed in a hydraulic
press at 200 MPa to bars of 6 x 5 x 50 mm.
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3.3 Sintering
Sintering was carried out in an industrial GCA vacuum furnace for 1 hour at
1480°C (1 hour at 1350°C in case of the iron alloys). The heating rate was
10°C/min in the temperature range to 1250°C, and 3°C/min above. The total
pressure was <0.01 mbar.
The samples were sintered in graphite boats with ribbed bottoms. In order to
achieve alloys with high gross carbon content (graphite precipitation) some of
the samples were covered with graphite or carbon black.
The boats were covered with a graphite plate in order to create a microatmosphere whose carbon potential is dominated mainly by the alloys and not
by the degassing of the carbon felt or by small furnace leakages.
3.4 Vickers hardness measurement and microscopic investigations
The sintered samples were cut with a diamond saw, embedded in Bakelite® ,
ground and mirror polished with diamond suspensions. Vickers indentations
were carried out on a hardness tester M4U 025 by EMCO (Austria).
An indenter load of 30 kgf was used for indentation, as recommended by ISO
3878. SEM imaging was performed on etched sections (Murakami solution;
~5 minutes) using a JEOL 6400 electron microscope.

4

Results

Table 1 presents an overview of the sintering experiments. Both two phase
(WC+Ni) as well as three phase alloys (WC+Ni+eta and WC+Ni+C,
respectively) were investigated, to consider the influence of the alloy gross
carbon content on the growth process.
Table 1 also summarizes the results of the hardness measurements that give
a first indication of the efficiency of the growth inhibition.
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Table 1: Overview on sintering experiments and HV 30 values of the respective alloys
(sintered at 1480°C for 1 hour)

containing
r|-phases

2-phase:
WC-10 Ni

graphite
precipitation

1403

1032

1000

0.2%
0.5%
1.0%
2.0%

1585

1582

1308

1574

1649

1464

1826

1879

1630

1738

1802

1699

Cr 3 C 2 0.2%

1355

1383

1201

0.5%
1.0%
2.0%

1480

1490

1405

1591

1580

1463

1574

1504

1467

0.2%
1.0%

1377

1012

935

1593

1615

1506

0.2%
1.0%

1589

1373

1187

1405

1370

1290

0.2%
1.0%

1554

1116

1047

1512

1357

1023

WC-10Ni
VC

TaC
TiC
ZrC

HV30:

4.1 WC grain growth in undoped (inhibitor free) WC-Ni alloys
SEM images of an undoped high carbon and low carbon alloy are presented
in Figure 2. From this comparison it can be seen that the alloy gross carbon
content exerts a considerable influence on WC grain growth. Strong grain
growth occurred in the high carbon alloy (HV30:1032); whereas a very nonuniform but significantly finer microstructure was formed in case of the low
carbon grade (HV30:1403).
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WC-10 wt% Ni; low carbon alloy
isothermal hold for 1 h at 1480°C

WC-10 wt% Ni; high carbon alloy
10 urn

Fig. 2: SEM images of microstructures of I.e. (left) and h.c. alloy (right); 2000 x.

This characteristic difference in grain growth already develops during the
heating-up of the sintering cycle, as can be demonstrated by interrupted
sintering experiments, where the samples were cooled down immediately
after heating to 1480°C (Figure 3). On isothermal liquid phase sintering, only
limited further WC grain growth occurred, shifting the average grain size to
higher values. While, in case of the low carbon alloy a significant part of the
fine-grained portion survived the isothermal sintering, most of it disappeared
in the high carbon alloy by dissolution of the finer particles and growth of the
larger (Ostwald ripening).
WC-10 wt% Ni; low carbon alloy
heated up to 1480°C/1 mm

WC-10 wt% Ni; high carbon alloy
10 um

!LJ
Fig. 3: SEM images of microstructures of I.e. (left) and h.c. alloy (right); 2000 x.
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4.2

WC grain growth in doped WC-Ni alloys

4.2.1 VC-doped alloys
VC proved to be by far the most effective grain growth inhibitor
alloys. The strong growth inhibiting effect can be deduced from
which shows a considerable hardness increase with increasing VC
corresponding to the decrease in WC grain size (Figure 5).
High carbon alloys always showed a significantly lower hardness
low carbon variants, even with high VC additions.

in WC-Ni
Figure 4,
additions,
than their

1 wt% VC turned out to be the most efficient additive, leading to a high
hardness, and a high degree of microstructural uniformity. No WC grains
larger than 1 urn were detected in this alloy. At higher additions (2 wt% VC),
no further increase in hardness was observed in two phase alloys, but nestlike precipitates of (V,W)C occurred.

2100 ,

2-phase

1900

eta-phase
1700

C-precipitations
O

ro

1500

1300

1100

_l
0,5

1

1,5

2,5

VC-addition [wt%]
Fig. 4: Hardness [HV30] vs. VC-addition [wt%]; WC-X wt% VC-10 wt% Ni alloys;
sintered at 1480°C for 1 hour.
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HV30: 1582 0.5% VC

Fig. 5: Microstructures of VC-doped two-phase WC-Ni alloys; sintered at 1480°C for
1 hour; magnification: 4000 x; at 2.0% VC additions (V,W)C is formed on cooling.

4.2.2 Cr3C2-doped alloys
The influence of Cr3C2-additions on the WC grain growth was less
pronounced than that of VC in terms of hardness and grain refinement (Fig.
6). Again, high carbon alloys showed a lower hardness than low carbon alloys
(Table 1). Growth inhibition was more pronounced with increasing amounts of
inhibitor carbide, but reached a saturation limit, above which neither a higher
hardness, nor a finer microstructure was obtained (Fig. 7).
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Hardness vs. Inhibitor addition

0

0,5

1

1,5

2

2,5

inhibitor addition [wt%]
Fig. 6: Two-phase WC-10 wt% Ni alloys with additions of VC, Cr3C2 and TiC;
sintered at 1480°C for 1 hour.

WC-10 wt% Ni-1 wt% Cr3C2
H

WC-10 wt% Ni-2 wt% Cr3C2

1 |jm

Fig. 7: Microstructures of two-phase WC-10wt% Ni alloys containing 1 and 2 wt% Cr3C2,
respectively; magnification: 4000 x.
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4.2.3.TaC-doped alloys
Small additions (0.2 wt.% TaC) did not significantly alter the grain growth as
compared with the undoped alloy, but at 1 wt% TaC a considerable growth
inhibition took place. The hardness of this alloy was about the same as that of
the 1 wt% Cr3C2 addition (HV30: 1615 [Ta] and 1580 [Cr], respectively).
At 1 wt% TaC addition, nest-like precipitation of (W,Ta)C occurred in the
microstructure, independently of the gross carbon content.

4.2.4.TiC-doped alloys
For TiC a clear growth inhibition was observed, even at a level of 0.2 wt% TiC
(Figure 6). This inhibition was more pronounced in the low carbon (eta-phase
containing) alloy. This indicates a strong additional effect, due to the
tungsten-rich melt formed in such alloys.
Even in the case of the 0.2 wt% TiC additions, precipitation of (Ti,W)C
occurred on cooling, indicating a low solubility of titanium carbide in nickel.
The most striking microstructural feature in TiC-doped alloys is the
occurrence of plate-like WC grains (sizes up to 6 urn), which are embedded
in a still fine-grained WC matrix (Fig. 8).

Fig.8: Microstructure of a WC-1 wt% TiC-10 wt% Ni alloy;
sintered at 1480°C for 1 hour; note the plate morphology of the WC;
dot-like precipitations of (W,Ti)C form on cooling; magn. 4000 x.
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4.2.5 ZrC-doped alloys
Compared with TiC, ZrC is an even weaker growth inhibitor, and only works
in the low carbon activity range (i.e. in a tungsten-rich, but carbon-poor
environment of the growing WC). No growth inhibition at all was observed in
high carbon alloys with graphite precipitations.
Precipitation of (Zr,W)C occurred even at 0.2 wt% ZrC additions, indicating a
low solubility of ZrC in nickel. Interestingly, such precipitates were not only
formed in the nickel binder, or at the WC/Ni interface, but also appeared to be
incorporated within large WC grains.

4.3 WC grain growth in WC-10 wt% Fe alloys
Also, for comparison purposes, two WC-10 wt% Fe alloys were investigated
for their grain growth behavior; one alloy without inhibitor additive, the other
with 1 wt% VC. The WC powder used for this investigation was the same as
that used as the standard grade for the WC-Ni hardmetals.
The undoped alloys showed a very fine and uniform microstructure, even in
case of the high carbon grade (Figure 9). Overall grain growth was more
pronounced in this variant compared with the low carbon alloy, but in both
cases the microstructure was fine and very uniform, showing only a few WC
grains larger than 1um.

HV30: 1812

HV30: 1916
:•»

ik.. 1 ; \ ' V %

* . * * *.%'

'***'

'

I—i 1 urn

«•*••>•

^%>r *r A-ys iv-t: r:>i **,
* i * «- .*

*- • . n

Fig. 9: WC-10 wt% Fe alloys: two phase (left), with graphite precipitates (right);
magnification: 10 000 x.
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Adding VC to the WC-10 wt% Fe alloy did lead to an additional further growth
inhibition but the effect was much less pronounced than in case of nickel- or
cobalt-bonded grades, due to the already very strong inhibition through the
iron matrix (Figure 10). The lower hardness of this alloy (compare Fig. 9, 10)
can be explained by the high degree of residual porosity that occurred in this
material.

* • %

f

^
o? * - >

-<*-

* *x

>

t

»'

* \,*;r
v

t

*,

• *

1 urn

Fig. 10: Microstructure of a WC-1wt% VC- 10wt% Fe alloy; HV30:1884;
sintered at 1350°C for one hour; magnification: 10000 x.

Discussion
5.1 General considerations on WC grain growth and growth inhibition
WC grain growth during liquid phase sintering of WC-Co alloys is
phenomenologically treated as an Ostwald ripening process [8-10]. Smaller
grains dissolve due to their higher dissolution potential (increased chemical
potential), while coarser ones grow by material re-precipitation, thereby
reducing the interface area of the system.
Overall (continuous) WC grain growth proceeds rather slowly in conventional
WC-Co hardmetals compared with other carbide/binder systems (VC/Co,
NbC/Co, TaC/Co). This is attributed to the very low WC/Co interface energy
(<10"2 J/m2) and the relatively high activation energy of the solution-
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reprecipitation step, indicating an interface controlled growth mechanism [11].
The growth rate of the WC in WC-Co hardmetals is remarkably increased in
high carbon alloys (stoichiometric and over-stoichiometric alloys) compared
with low carbon alloys (sub-stoichiometric alloys), and can be significantly
decreased by additions of growth inhibitors, such as VC, Cr3C2, TaC and
NbC. In all cases, the influence of the "additive" (C, W, inhibitor) has been
explained by effects at the WC/Co interface. Thus, theories on the
mechanism of grain growth inhibition assume either an alteration of the
interface energies or an interference of the growth inhibitor with the interfacial
dissolution-nucleation-reprecipitation steps [11]. The additives are soluble in
the cobalt binder and most apparently segregate at the WC/Co interface
during sintering.
Several mechanisms have been suggested: face-specific adsorption (leading
to a decrease of the respective interface energies), face-oriented deposition
(interface alloying) or blocking of active growth centres of the crystals [10],
including a change in edge energy (on considering a two-dimensional
nucleation-controlled coarsening process) [12]. Also the retardation of grain
growth during sintering in the presence of Cr3C2-additions by a reduction of
the tungsten flux through the binder phase was discussed [13].
The results obtained in this study, which extend the knowledge on WC grain
growth as described above, to nickel- and iron-based hardmetals, have
revealed several new and interesting aspects in WC grain growth and growth
inhibition:
• First of all, the strong growth inhibition in WC-Fe alloys, which occurred
even without additions of growth inhibitors.
• The small influence of variations in the gross carbon content on the WC
grain growth in WC-Fe alloys.
• The absence of any discontinuous WC grain growth in WC-Fe alloys
(despite the small average particle size of the starting WC: ~0.35um).
• The strong growth in WC-Ni alloys, in particular in inhibitor free high
carbon alloys.
• The significant growth inhibition in low carbon WC-Ni alloys (tungstenrich binder environment), in particular in alloys with eta-formation.
• The outstanding role of VC as growth inhibitor in WC-Ni alloys, similar
to that observed in WC-Co grades [3].
• Effects of TiC on WC shapes in WC-Ni hardmetal.
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The results further demonstrate that observations made on WC-Co alloys in
terms of grain growth inhibition through inhibitor carbides (VC, Cr3C2, TaC,
TiC, ZrC) can be directly transferred to WC-Ni alloys. For a certain inhibitor
additive (e.g. VC) the finest microstructure is obtained when the saturation
concentration of the respective compound in nickel is reached at sintering
temperature [3]. This relationship is demonstrated in Fig.6 for the WC-10 wt%
Ni alloys with additions of VC, Cr3C2 and TiC. Above this limit, no further
growth inhibition took place.

5.2. The importance of the growth environment
The chemistry of the solid and liquid binder surrounding the growing WC
seems to be a crucial aspect in WC grain growth. This chemistry varies
significantly with changes in the gross carbon content or additions of growth
inhibitors, and determines the interface chemistry and kinetics. This is shown
in Fig. 11 for the case of a high and low carbon WC-Ni alloy at a temperature
of1500°C.
Thus, a carbon-rich, tungsten-poor nickel interface (formed on sintering),
significantly promotes WC grain growth, whereas a tungsten-rich, carbonpoor nickel interface has a growth inhibiting effect. This significant change in
binder chemistry becomes even more obvious if the atomic C:W ratio is
considered, which changes from -2:1 (high carbon) to -1:3 (low carbon).

A: 5.4 at% W
10at%C
84.6 at% Ni
(binder composition in
high carbon alloys)
B: 17.6 at%W
6 at% C
76.4 at% Ni
(binder composition in
low carbon alloys)
Fig.11: Nickel-rich area of the Ni-W-C phase diagram at 1500°C, according to [15].
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Table 2 gives several examples for the large variations in binder chemistry,
depending on the nominal composition of the respective alloys. Variations in
chemistry are most likely to result in both changes in interface energy (i.e.
driving force for growth) as well as changes in activation energies and mass
transport of the nucleation/growth process (growth kinetics; resistance
against growth).

Table 2: Melt composition of alloys based on different binders and carbon activities;
values taken from [14,15]; temperature: 1500°C.
alloy

high carbon

(W+M)/C*

low carbon

(W+M)/C*

at%

wt%
binderat
1500°C

at%
binderat
1500°C

WC10 Fe

72%WC
28% Fe

19.4% W
4.7% C
75.9% Fe

5.7% W
21.1% C
73.2% Fe

WC10 Co

73%WC
27% Co

22.5% W 7.5% W
0.5
2.9% C
15% C
74.6% Co 77.5% Co

48.3% W 21 % W
1.7% C
11% C
50.1% Co 68% Co

1.9

WC10 Ni

73%WC
27% Ni

16.3% W
2%C
81.7% Ni

at%
binder
1500°C

48.0% W
2.1% C
49.9% Fe

19.6% W
13.3% C
67.1% Fe

1.5

5.4% W
10% C
84.6% Ni

0.54

41.5% W
0.9% C
57.6% Ni

17.6% W
6%C
76.4% Ni

2.9

W
C
Ni
Ta

5.2% W
10.1% C
82.2% Ni
2.5% Ta

0.76

39.4% W
0.85% C
54.6% Ni
5.1% Ta

17.2% W
5.7% C
74.8% Ni
2.3% Ta

3.4

70.9%WC 15.3% W
26.6% Ni
1.9% C
2.5% VC 76.6% Ni
6.2% V

5%W
9.5% C
78.2% Ni
7.3% V

1.3

39.65% W 16.4% W
0.86% C
5.5% C
55% Ni 71.4% Ni
6.7% V
4.5% V

4.2

WC72.2%WC 15.1%
10 Ni- 27% Ni
1.9%
1 TaC*) 0.8% TaC 75.9%
7.1%
WC10 Ni1 VC*)

0.27

wt%
binder
1500°C

*) this assumed that the addition is fully dissolved in the nickel at 1500X;
The values are estimates, since no information is available on the quaternary systems
*M...V, Ta
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Only recently it was postulated that the formation of metal-carbon clusters
inhibits liquid phase diffusion of W and C atoms in the Co-rich melt, and that
the grain coarsening is impeded by the incorporation of W and C atoms in
such a stable cluster form. The strong bonding between the refractory metal
(W, V, Cr, Ta) and non-metal (carbon) was considered to be the key for
cluster stabilization [16].
The present work demonstrates that the higher the metal-to-carbon ratio
(W+V/C, W+Cr/C, W+Ta/C) for a certain alloy (binder), the more effective is
the growth inhibition in WC-Co(Ni,Fe) alloys (the upper limit is set by the
thermodynamics and reaches its maximum in low carbon alloys at
temperature). In this regard it is important to consider that although small
amounts of inhibitor carbides are commonly added (0.2 to 1 wt%), large
amounts of inhibitor atoms are dissolved in the binder at temperature (see
Table 2).
More generally speaking, the nature of the binder (Co, Ni, Fe) contributes to
determining the growth behaviour by influencing the metal-to-carbon bond
relationship. For example, iron has the highest affinity to carbon, followed by
cobalt and nickel. This affinity can also be interpreted as the ability to form
stable metal-carbon bonds (also in the liquid phase), the iron masking the
carbon, and impeding carbon transport and precipitation by increasing the
activation energies of the nucleation and growth processes (i.e. increasing
the resistance against growth).
A decrease of the interface energy of the WC/binder interface might also be a
possible explanation for the extremely low coarsening rate of the WC in case
of the iron binder (through bond formation), compared with the WC-Co and
WC-Ni system.
The strong influence of the respective binder system on WC grain growth is
demonstrated in Fig. 12 for the case of three high carbon alloys (containing
graphite precipitations), originating from the same WC powder (Fig.1) but
with different binder matrices (Co, Ni, Fe). No inhibitor carbides were added.
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Fig. 12: Microstructures of WC-10wt% Co (Ni, Fe) alloys,
based on the same WC powder (shown in Fig.1).
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6.

Conclusion

The present investigation on WC grain growth in WC-Ni and WC-Fe
hardmetals has revealed several new and important aspects which might
render a more general understanding of the growth process.
Three main chemical parameters were elaborated to control WC grain growth
under the experimental conditions chosen:
• The chemical nature of the binder matrix (Fe, Co, Ni), which surrounds
the growing (and dissolving) WC grains,
• the carbon activity, which prevails during the sintering process in the
respective alloy system (and which is determined by the alloy gross
carbon content),
• as well as the presence of growth inhibitors, such as, e.g. VC or TaC.
WC grain growth occurs to the least extent in iron binder alloys where it is
also only slightly influenced by the alloy gross carbon content. By contrast,
WC growth is most pronounced in WC-Ni alloys and a strong influence is
performed by the carbon potential. Cobalt alloys are intermediate between,
showing a moderate overall WC grain growth and a less pronounced
influence of the alloy gross carbon content compared with WC-Ni.
The strong influence of the carbon activity on overall WC grain growth can be
explained by the fact that the carbon activity significantly co-determines the
binder composition at temperature (both of the solid and liquid binder), and
thus the interface chemistry of the suspended WC, which determines the rate
of crystal growth. High carbon alloys exhibit a carbon-rich but tungsten-poor
binder, which obviously enhances the WC grain growth; whereas, low carbon
alloys exhibit a tungsten-rich and carbon-poor binder, which acts as a growth
inhibiting environment compared with the former.
The strong influence of the iron-binder metal itself (Fe, Co, Ni) on WC grain
growth can be explained as a result of changes in the interface energy of the
respective WC/binder interface (i.e. a change in the driving force) as well as
in interactions between the binder atoms with the "growth active" carbon
atoms (i.e. an increase in activation energy of the interface reaction). The
latter hypothesis assumes the formation of stable metal/carbon clusters
through bond formation which result in a depletion of "free available" carbon
atoms necessary for the further growth of the WC crystals. This strong impact
of the binder chemistry on WC grain growth supports the concept of an
interface controlled growth mechanism, as assessed earlier from WC growth
studies in the WC-Co system.
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Hard PVD coatings nc-(Tii_xAlx)N/a-Si3N4 not only for dry machining.
Mojmir Jilek, Pavel Holubar, Michal Sima
SHM, Ltd, Novy Malin, Czech Republic

Summary:
Nanocomposite coatings nc-(Tii.xAlx)N/a-Si3N4 prepared by PVD technology
based on low voltage arc and using two cylindrical central cathodes, which
were made from Ti and AISi, respectively, were studied for various
combinations of evaporating cathode current on the both cathodes. All the
depositions were done on the coating unit of a production size and the results
were used in the industrial production. XRD, SEM-EDS, TEM resp. HRTEM
methodes were used for structural analyses. GD OES method was used for
composition analysis. The hardness measurements were done by means of
the load-depth sensing technique using Vickers diamond indentor at a
maximum load of 70 mN. The effect of the substrate bias on the stochiometry,
crystallite size and mechanical properties of the deposited films was
investigated. The crystallite size increases from 3 nm to more than 100 nm
when the bias voltage decreases from - 200 to - 50 V and the titanium content
increases from 35 to 90 at. %. The surface roughness decreases with
increasing bias. The plastic Vickers hardness was in the range between 30
GPa to 47 GPa. The mechanical properties were also studied after the
annealing at 800°C.
Keywords:
Nanocomposite coatings, nc-(Tii.xAlx)N/a-Si3N4, cathodic arc
1. Introduction:
The development of hard and superhard TiAISiN' coatings for machining
applications, such as steel turning, drilling and milling begun at SHM
company in 1993. It was motivated by the state of the art development of the
TH.XAIXN coatings which were originally prepared by magnetron sputtering
[1-3]. Several papers reported investigation into the dependence of the
properties of these coatings on the Ti:AI ratio (e.g. [4-6]). Upon annealing of
Th-xAlxN coatings at 500 °C a decrease of the hardness commences and
at > 700 °C it becomes fast [7-9]. The work of Li Shizhi et al. [10] on the
preparation of superhard TiSiN films inspired us to try if an addition of silicon
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into the (Ti1_xAlx)N coatings can lead to an improvement of their mechanical
properties. We have chosen the vacuum arc cathodic evaporation as a pilot
technology for the deposition [11] and indexable inserts made of cemented
carbide as standard substrates for cutting tools operating at high temperature
which are expected in dry cutting at high speed. The initial experiments have
shown a pronounced decrease of the crystallite size from several 100 nm in
the single phase (Ti1_xAlx)N to about 20 nm for our TiAISiN which Vickers
microhardness increased to about 30 GPa. Also the thermal stability of the
coatings was significantly improved.
In course of further development of the technology the central cathode for a
simultaneous evaporation of all three elements Ti, AI and Si was improved by
using two segments consisting of Ti and AISi solid solution with eutectic
composition of 11.7 wt.% of Si. The ratio of Ti:AISi in the coatings was
optimized by means of the control of the movement of the cathodic arc spot
on both segments. The optimized 'standard' TiAISiN coating has a crystallite
size of about 5 nm. Its Vickers microhardness of about 35 GPa is stable up to
850°C. In a collaboration with the Technical University Munich further
information on the nature of these coatings was obtained [12,13]. In
particular, the thermal stability against recrystallization could be increased to
more than 1000 °C when the crystallite size was decreased to about 3 nm
[13,14]. The crystallite size was verified recently by means of HR TEM
analysis (made by SECO Tools and SANDVIK Coromant). The presence of
amorphous Si3N4 was documented by a combination of X-ray diffraction
(XRD) and X-ray photolelectron spectroscopy (XPS) [14]. Thus it was verified
that the coatings represent another kind of superhard nanocomposites
nc-(Ti1.xAlx)N/a-Si3N4 according to the generic design principle elaborated by
S. Veprek et al. [15-18] and recently summarized in a review [19].
A subsequent development of the coatings and their deposition technology
and collaboration with other research institutions and with Pramet Tools as an
important toolmaker resulted in a further improvement [20-22] of the coatings
towards a 'standard' TiAISiN single layer coating with trade mark
MARWIN® SI. Furthermore we developed novel 'multilayer' coating on the
basis of TiAISiN with a variable Ti content with trade mark MARWIN® MT.
Both coatings MARWIN® were modified in 2000.
In the present paper we shall describe the applied coating technology and the
effect of the variation of the coating parameters on the properties of
the nc-(Tii-xAlx)N/a-Si3N4 coatings in order to illustrate the technological
possibilities. We shall confirm their nanocomposite structure and high
thermal stability.
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2. Experimental:
All coatings were prepared by the vacuum arc cathodic evaporation in a
coating equipment of a production size which was designed and built by
SHM. It consists of two central cylindrical cathodes made of titanium and
AISi - eutectic alloy, respectively. The movement of the cathode spot of the
vacuum arc is controlled by magnetic field in such a way that the evaporation
from both cathodes occurs controllably. An independant control of both arcs
enables us to prepare coatings with different stochiometry using the same
electrodes. This design is different from that which we reported in [22]. The
substrates are mounted on several fixtures which are placed symmetrically
around the cathode and rotating. The typical deposition conditions are as
follows: Substrate temperature of about 520 °C to 550 °C, negative bias of
- 30 to -200 V, total arc current on the both electrodes of 270 A, current
density on the substrates of 12 - 15 mA/cm2 and total pressure of 0.5 Pa
(0.005 mbar). Typical coating thickness is about 3 (am.
The coatings were investigated as deposited and after annealing to 800 °C
for 30 min in 1 at. of pure N2. The hardness measurements were done at a
load of 70 mN in order to assure that the indentation depth does not exceed
5 to 10% of the film thickness. All hardness values reported here are average
values of at least 5 measurements on polished surface of the coating which
was done in order to avoid artefacts due to surface roughness [22].
XRD measurements were performed with the Bragg-Brentano diffractometer
working in the quasi parallel-beam mode (a long Soller collimator with the
opening 0.4° and a curved graphite monochromator were inserted into the
diffracted beam). The angle of incidence of the primary beam was kept
constant at 5°, which has reduced the penetration depth of the
Cu Ka radiation (X - 1.5418 x 10"10 m) to approximately 0.9 jum.
A quantitative depth analysis of chemical composition was done by means of
optical spectroscopy with glow discharge excitation (GDOES) on the LECO
SDP 750 instrument.
3. Results and discussion:
We used four different values for both, the bias and the arc current ratio on
the two cathodes made of titanium and AISi eutectic alloy. This yielded 16
different coatings with different composition, structure and properties as
summarized in table I and II. The crystallite size was obtained from the
physical broadening of diffraction lines using the Williamson-Hall plot, i.e., as
the reciprocal value of the intercept of the linear dependence of physical
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broadening on sin 8 with the y-axis. The physical broadening was taken from
the diffraction line broadening after the correction for instrumental effects
(LaB6 from NIST was used as external standard).
One can see that the composition of the coating is influenced mainly by the
arc current ratio. The effect of the bias being relatively small. Thus, the
somewhat different color of the samples is due to a different morphology.
Table I
Composition of the coatings Ti + AI + Si = 100%.
Total arc current l(Ti)+l(AISi) = 270 A.
Coating
number
1
2
3
4
11
12
13
14
21
22
23
24
31
32
33
34

Arc current
ratio
l(Ti)/l(AI+Si)
0,6
0,6
0,6
0,6
1,0
1,0
1,0
1,0
1,75
1,75
1,75
1,75
3,3
3,3
3,3
3,3

Bias
(V)
30
50
100
200
30
50
100
200
30
50
100
200
30
50
100
200

Crystallite
size (nm)

4,8±1
3,2±0,4

11+5
7,9+1,8

18±7
12±1
150±50
32±8

Ti content
(at.%)
34,48
36,92
34,64
34,58
55,59
56,71
55,19
55,47
76,62
84,01
76,69
77,97
91,35
89,45
92,64
94,87

Al + Si
content
(at.%)
65,52
63,08
_
65,36
65,42
44,41
43,29
44,81
44,53
23,38
15,99
23,31
22,03
8,65
10,55
7,36
5,13

Table II summarizes the values of the hardness and elastic modulus
measured after the deposition and after annealing at 800°C in pure nitrogen
for 30 minutes.
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Table II
Hardness and elastic modulus of the coatings
Coating
number

As deposited
HVp| a s t 70 mN

(GPa)
1
2
3
4
11
12
13
14
21
22
23
24
31
32
33
34

37
36
37
35
46
47
47
43
44
42
46
47
35
40
37
32

Annealed at 800°C, 30 min
Elastic
modulus
(GPa)
364
347
350
350
480
461
455
427
508
517
529
491
532
534
525
510

HVpiast 70 mN

(GPa)
42
45
48
34
46
53
44
48
47
53
56
37
40
37
33

Elastic
modulus
(GPa)
377
393
394
348
504
491
435
552
560
561
519
521
547
538
521

From table II it is clear that there is no significant dependence of the hardness
and elastic modulus on the bias for the as deposited coatings, but there is a
tendency of hardness to increase after the annealing, in particular for
coatings with higher fraction of AI + Si (current ratio 0,6). For the coatings
with the highest Ti content (current ratio 3,3) the hardness does not change
after the annealing. The optimal high hardness is reached for coatings with an
Al+Si content in the range of 25 - 45 at.% (current ratio 1,75 - 1). The
maximum elastic modulus is reached for coatings with a Al+Si content in the
range of 10 - 20 at.% (current ratio 3,3 - 1,75).
There is a pronounced dependence of the crystallite size on the Al+Si content
and bias: The higher Al+Si content and higher the bias the lower the
crystallite size. This can be the reason for the different color of the coatings
mentioned above.
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Our commercial coating process uses bias o f - 200 V. Therefore the effect of
the composition of the coatings on the residual stress was studied only for
this bias. Figure 1 shows the measured residual stress as obtained from the
XRD experiments. Residual stress and the "stress-free" lattice parameters
were calculated from the well-known sin2v|; plot [23,24]. The compressive
biaxial stress initially increases with decreasing Al+Si content (increasing the
current ratio to 1) but decreases again when the Al+Si content decreases
below approx. 20 at.% when the highest hardness is reached.

Bias 200V

CL

<

Q

6
4
2
0

f

-•-

Stress

CD

16
14
12
10

\
L

3,3

1,75

1

0,6

' arc Ti'i arc Al+S

Fig.1
Compressive biaxial stress in the coatings vs. composition (arc current ratio)
for Bias - 200V.
From the application point of view it is necessary to study the influence of
coating parameters on the resulting surface roughness as shown in Fig. 2. It
is seen that higher ion energy has a positive influence on the surface
rouhgness. This is due probably to a lower content of macroparticles because
of the high ion bombardment. Lower surface roughness in the case of higher
Al+Si content is caused by the known fact that the alloys based on AI are
evaporated with lower content of macroparticles in the nitrogen atmosphere
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than titanium. While in the case of titanium the evaporating arc is divided into
the cathode spots with current 80 - 120 A in the case of AI alloys this cathode
spot current is lower.

Ra
(jam)

Fig.2
Surface roughness Ra (urn) vs. the bias and composition of the coatings (arc
current ratio).
Figures 3 and 4 show HRTEM micrographs of the nanocrystalline structure of
the multilayer coating nc-(Ti-|.xAlx)N/a-Si3N4. These images confirm the
nanocrystalline structure and the small crystallite size as determined from the
XRD analysis. The multilayer coating consists of the two different layers
corresponding to the experimental ones mentioned in the tables I and II with
numbers 14 and 34. The layer with higher amount of Ti has crystals with
higher size. The sub-multilayer structure of the layer 14 is the result of the
substrate rotation.
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Fig.3
SAED Ti(AI,Si)N multilayer, FCC, (L=20cm) (by courtesy of Sandvik
Coromant)

Fig.4
HRTEM images of multilayer nc-(Tii-xAlx)N/a-Si3N4 coating, (by courtesy of
Seco Tools)
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4. Conclusions:
Nanocomposite coatings nc-(Ti-|.xAlx)N/a-Si3N4 were prepared by modified
PVD process with higher deposition rate. A decrease of the surface
roughness with increasing bias voltage was found. There is also a well
controllable relation between the biaxial compressive stress and the
composition of the coatings. The crystallite size decreases with increasing
substrate bias and with increasing fraction of Ti. This enables us to optimize
the tribological properties of the coating by an optimum choice of their
composition and process parameters. The coatings have also a good thermal
stability which, together with their high hardness and low surface roughness
makes the nc-(Ti1.xAlx)N/a-Si3N4 nanocomposite coatings very suitable for dry
machining.
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Deposition of BCN Layers from B-C-N-H Single Source Precursors

Ronald Weissenbacher, Roland Haubner

Vienna University of Technology, Vienna, Austria
Institute for Chemical Technology of Inorganic Materials

Summary:
This work deals with the deposition of BxCyN2 phases by decomposition of a
B, C, N containing single source precursor called Tris(dimethylamino)borane
in a hot-filament CVD apparatus. In contrast to the deposition of diamond
layers the deposition of cubic-BN or cubic-BxCyNz phases with low pressure
CVD-methods was not successfully until now.
To avoid the problems of filament failure and deposition of Ta into the
produced layers, the Ta-filaments were pre-treated by carburization or
nithdation.
BCN layers were deposited on Si and on WC-Co substrates in a hydrogen
atmosphere similar to diamond deposition. Layers deposited on Si showed
higher growth-rates than layers deposited on WC-Co at the same deposition
conditions. An increase of the filament temperature led to an increasing
growth rate. This increase of growth rate was caused by higher BCN
decomposition but also by additional Ta incorporation. At filament
temperatures higher than 220CPC Ta evaporated much easier from the
filament. An increase of the precursor flow rate as well led to an increase in
the deposition rate on both types of the investigated substrates.
Layers produced at a precursor flow rate of 1,7*10"5 mol/min showed some
weak peaks in Raman and IR spectra, but none of the phases that exist in the
ternary BCN system could be clearly identified. The morphology of the layers
was investigated by SEM.

Keywords: CVD, Coatings, BCN, BN
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1. Introduction
Boron, nitrogen and carbon are relatively small atoms, this fact results in
short bondage lengths and high bonding energies (1). This is the reason for
high hardness of the phases that exist in the ternary BCN-system, like
diamond and cubic boron nitride called superhard phases, or boron carbide
as a hard material (2). Cubic BxCyNz phases, which are expected to have high
hardness, can be seen as an intermediate link between diamond and c-BN.
The deposition of diamond at low pressure has become an industrial process
(3), but no low pressure process is known for the deposition of high quality
c-BN crystals in p.m size. Nano-crystalline c-BN can be grown by PVD
methods (4) or ion-assisted CVD (5) at low pressure. Cubic BxCyNz phases
are formed by shock wave synthesis (6) or by static high pressure and high
temperature techniques (7). The lattice constant of c-(BN)xC1.x phases
determined by x-ray diffraction is in between those of diamond and c-BN
(6,7), therefore these phases can be considered as solid solutions of carbon
andBN.
Studies on the phase stability of c-BN and h-BN showed that at standard
conditions c-BN is the stable phase and h-BN the metastable one (8,9).
However the exact transition temperature between c-BN and h-BN (10) as
well as exact thermodynamic data are still lacking.
In this work the decomposition of Tris(dimethylamino)borane, which is a BCNcontaining single source precursor, and deposition of BCN layers in a hotfilament CVD apparatus were investigated. The deposition experiments were
done in hydrogen atmosphere similar to the one used for the deposition of
diamond layers. The use of a single source precursor was preferred because
the B:C:N ratio is fixed.

2. Experimental Setup and Characterization of the Samples
2.1. The Apparatus
The deposition of BCN-layers by decomposition of the single source
precursor B(N(CH3)2)3 was carried out in a hot-filament CVD apparatus. The
reaction chamber was a quartz tube with Viton sealed stainless flanges. As a
hot filament a coiled Ta wire (6 mm inner diameter, 4 cm heated length) was
used for the activation of the gas phase (11). For the heating of the filament
and to keep the filament temperature constant a power constanter was used.
The filament wire was fixed between two Mo electrodes and held in place with
a hook in the middle, which guaranteed a constant distance between filament
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and substrate above the entire substrate area. Filament temperature was
measured by a two-colour pyrometer (IRCON Mirage OR1500).
2.2. Substrates and Chemicals
As substrate materials Si-wavers and WC-Co hardmetal inserts (K20 SPGN
WC 6% Co) were used. Hydrogen (quality 5.0) was used as reaction gas and
argon (quality 5.0) as carrier gas for the precursor. The precursor flow, which
was empirically quantified, was adjusted by the flow rate of the carrier gas.
As B-C-N containing single source precursor, Tris(dimethylamino)borane was
used. A single source precursor was used because of the fixed B:C:N ratio.
Literature data for the vapour pressure of Tris(dimethylamino)borane were
contradictory (12,13) and therefore the precursor flow rate was empirically
investigated for different Ar flows - from 0 to 50 seem - at a evaporation
pressure of 15mbar and a temperature of 20°C. Precursor flow rates
between 1,01*10"5 and 1,50*10A mol/min Tris(dimethylamino)borane were
used for the deposition experiments.
2.3. Analytical Investigations
The layer deposition rate was measured by gravimetric analysis before and
after the deposition ([mg crrf2h~1]). The morphology of the layers was
investigated by scanning electron microscopy (SEM JEOL 6400). X-ray
diffraction (CuKa radiation) was carried out to determine the phase
composition of the layers. Infrared spectroscopy (Biorad FTS 175 with a
microscope) was used to characterize the BN deposits.
2.4. Filament Pre-treatments
Using a Ta filament for the deposition of BCN layers two main problems
occurred. Primarily at temperatures higher than 2000°C the reaction of the
B-C-N containing precursor Tris(dimethylamino)borane with the Ta wire led to
the formation of a liquid phase as consequence of the eutectic reaction at
2055°C in the Ta-B system (14). Secondly the BCN-layers were
contaminated with Ta, which evaporated from the filament surface. Therefore
filament pre-treatments were carried out to increase their lifetimes and to
avoid or at least reduce the Ta contamination into the produced layers.
As an alternative to the pre-carburization (15,16) of the filament pre-nitridation
was investigated. In a nitrogen atmosphere (12 mbar, N2-flow 50 seem) the
Ta-filament was heated up to a temperature of 2000°C and heating power
was kept constant. Within five minutes an abrupt temperature drop of 500°C
(from 2000°C to 1500°C) could be observed (Fig. 1), which started at the
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outer twists of the filament and moved continuously to the middle twist within
60 s (Fig. 2). Because the electrical heating power was kept constant, this
effect could not be described by simple changes in the conductivity of the
filament (17).
XRD measurements showed a change in the lattice constant of Ta shortly
after the temperature drop as a result of the dissolution of nitrogen in the Ta
lattice (17). After 15 minutes of nitridation time Ta2N could be found as an
additional phase, which could be expected from the phase diagram (18).
From metallographic investigations a change in surface roughness of the
filament before and after the temperature drop could be observed (Fig. 1).
Cross sections of the filament showed the growth of a second phase in a
concentric circle when nitridation time was increased.

2000-

Temperature drop of the filament
measured on one fixed point of the
filament with a two-colour
pyrometer (IRCON Mirage OR15).

C 1900

£1800

21700
0

|"1600
01
•"1500
60

80

100

120

140

160

time in s

surface morphology before

and

after temperature drop

' - • 4.Fig. 1: Temperature drop of the filament during nitridation and change in
surface morphology (TFN.= 2000°C, p = 12 mbar, N2-flow 50 seem)
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Fig. 2:

Temperature drop of the filament during nitridation
(TV«.= 2000°C, p = 12 mbar, N2-flow 50 seem)

3. Results and Discussion
3.1. Hot Filament Deposition of BCN-Layers
Deposition experiments were carried out in order to investigate the influence
of the substrate material, the filament temperature and the precursor
concentration on the deposition rate and morphology of BCN-layers in
hydrogen atmosphere.
3.1.1. Influence of the substrate material on the deposition rate
The substrate materials Si and hardmetal (WC-Co) were used for these
experiments. The deposition rate at equal deposition parameters (filament
temperature of 2000°C, substrate temperature 740°C, precursor flow rate of
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0,15 mmol/min, H2-flow of 250 seem and pressure in the reaction chamber of
15 mbar) was significantly higher on Si (0,34 mg*cm"2h"1) than on WC-Co
(0,18 mg*cm"2h"1) after 18 h of deposition (Fig. 3).
SEM investigations showed that the morphology of the layers was similar on
both substrates (Fig. 4). Ball-like structures were found with about 10 (im
diameter.
XRD measurements showed no additional peaks beside the peaks of the
substrate material. This indicated that the deposited layers are of amorphous
structure. Raman spectroscopic examinations did not reveal any Raman
active vibrations. Also IR spectroscopy showed no characteristic peaks on
such BCN layers.

WC-Co

Si
substrate material

Fig. 3:

Deposition rate on different substrate materials (TFi|.= 2000°C,
Tsub.= 740°C precursor 0,15 mmol/min, H2-flow 250 seem, 18 h).

3.1.2. Influence of the filament temperature
The filament temperature was varied between 1800°C and 2200°C (at a
reaction pressure of 15 mbar, a hydrogen flow of 250 seem and a precursor
flow rate of 1,5*10"1 mmol/min). Changes in the filament temperature always
resulted in a change of the substrate surface temperature, which increased
from 620 to 890°C with increasing filament temperature (the distance
between filament and substrate was kept constant at 1,4 cm during all the
experiments).
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WC-Co

100 urn

H
10 jam
Fig. 4:

Morphology of BCN-layers deposited on Si and WC-Co by
decomposition of Tris(dimethylamino)borane (TRi.= 2000°C,
TSub= 740°C, precursor 0,15 mmol/min, H2-flow 250 seem, 18 h).

Increasing filament temperature resulted in an increase in deposition rate on
the Si substrates (Fig. 5). At 1800°C and 2000°C a non-faceted, flat surface
containing sperolitic balls was observed. The morphology was similar at both
experiments. At 2200°C the layers were flat and only sporadically ball like
structures could be observed. On these samples also sharp needles with a
size of about 5 |iim were irregularly distributed (Fig. 6) (19).
EDX analysis showed, that the layers were contaminated with Ta that was
evaporated from the filament at high temperatures (20). The tantalum
evaporation from the filament increased with increasing filament temperature.
The atomic weight of tantalum is relatively high compared to B-C-N and
therefore the higher deposition rate at 2200°C is also a result of Ta-B-C-N codeposition.
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Fig. 5:

Influence of the filament temperature on the deposition rate on Si
(TSub= 620 - 890°C, precursor 0,15 mmol/min, H2-flow 250 seem,
18 h).

1800°C

filament temperature
2000°C

2200°C_

• • ^ .

d*
110 jam
Fig. 6:

Morphology of BCN-layers deposited on Si substrates at different
temperatures (TSub= 620 - 890°C, precursor 0,15 mmol/min,
H2-flow 250 seem, 18 h).
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3.1.3. Influence of the precursor flow rate
To investigate the influence of the precursor flow rate on the deposition rate
experiments at a filament temperature of 2000°C, 15 mbar reaction pressure
and a gas flow of 500 seem H2 were carried out. Precursor flow rates of
1,0*10"2, 1,7*10~2 and 2,4*10~2 mmoi/min were used.
Deposition experiments with different precursor flow rates were done on Si as
well as on WC-Co substrates. Both showed an increase of the deposition rate
with increasing precursor flow rate, but deposition rates were higher on Si
than on WC-Co as mentioned above (Fig. 7). Differences in the morphology
of the layers have also been observed.

0,25 -i

0,01

0,015

0,02

0,025

precursor flow rate mmol/min

Fig. 7:

Dependence of the deposition rate on the precursor flow rate on
WC-Co and Si substrates (TR|.= 2000°C, Tsub=740oC, 18 h, H2-flow
500 seem).

At a precursor flow rate of 1,0*10'2 mmol/min a weight gain of 0,2 mg was
measured after 18 hours of deposition which corresponded to a deposition
rate of 0,002 mg*cm"2h'1. This very little weight-difference might as well be
caused by uncertainties in gravimetric analysis. Probably no layer was
deposited under this conditions.
Depositions on WC-Co showed non-faceted layers with spherolitic ball like
structures as mentioned above. The surface of the layer was rougher at lower
precursor flow rates (Fig. 8). A reason for the finer structure might be a higher
nucleation rate at higher precursor flow rate.
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On Si the deposited layers looked different from the ones on WC-Co. At
1,7*1CTZ mmol/min also ball like structures could be observed, but for some
reason there were holes in the layer and surface roughness was higher than
on WC-Co substrates. The layer consisted of different levels of ball like
structures, and it seemed that it grew layer by layer (Fig. 8).
At 2,4*10"2 mmol/min a continuous layer with relatively rough surface was
deposited. The ball like structure observed on WC-Co is not so different from
the one on Si, but the layer looked very homogeneous.
The differences between the two substrates could be caused by the substrate
composition. In case of WC-Co the cobalt could influence the deposition. It is
known that Co could diffuse into coatings and react with boron precursors to
borides (21). Additionally the influences of Co on the decomposition process
and the growth of BCN-layers is not cleared now.

precursor flow rate
1,7*10"5mol/min
2,4*1 CTmol/min

WC-Co

Si

10 jim

Fig. 8:

Morphology of BCN-layers deposited on WC-Co and Si substrates at
different precursor flow rates. (TFii.= 2000°C, TSub= 740°C, H2-flow
500 seem, 18 h)
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3.2. Raman and Infrared Spectroscopy
Raman spectroscopic investigations of the layers deposited at a precursor
flow rate of 2,4*10"5 mol/min did not reveal any Raman activities (Fig. 9a), no
matter they were deposited on Si or on WC-Co.
Depositions at a precursor flow rate of 1,7*10~5 mol/min showed some Raman
activity on Si as well as on WC-Co (Fig. 9b), although no sharp peaks could
be detected. Some phases in the B-C-N system (h-BN, micro-crystalline
graphite or B4C) show peaks in this area, but they are not sharp enough to be
identified. Further investigation would be necessary to identify the deposited
phases.
IR measurements showed similar diagrams for all investigated layers (Fig.
10). A typical double peak was observed in all diagrams at 2358 cm"1, a
broad peak around 1600 cm"1. Both peaks could not be identified up to now.
For example some typical IR peaks are:
h-BN
828, 1380, 1610 [cm'1]
c-BN
1065, 1340 [cm"1]
B4C
1100, 1590 [cm"']

precursor flow rate
1,7*10"0 mol/min

0

2,4*10" mol/min
8000 -

8000-

6000 -

6000 _>*

4000 -

j j 4000 •
|c

2000 -

2000 0

800

Fig. 9:

1000
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RAMAN-Shift [cm"1]

1800

800

1000

1200
1400
1600
RAMAN-Shift [cm"1]

Typical Raman spectra of layers deposited on WC-Co or Si at
precursor flow rates of 1,7*10"5 mol/min and 2,4*10"5 mol/min
(TFil.= 2000°C, TSub= 740°C, 18 h)
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2800

3200

3600
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Fig. 10: Typical IR spectrum of the deposited BCN-layers
(TF|i.= 2000°C, Tsub= 740°C, 18 h).

4. Conclusions
The deposition of superhard c-BN or c-BCN layers as wear resistant coatings
on tools is an interesting field of research. Also for industrial production CVD
methods would be of great interest. However, the low pressure deposition of
cubic-BxCyNz layers with crystals in jim size is not possible until now.
There is not enough information available about BxCyNz deposition and
therefore some basic research is necessary. In this work the decomposition
of Tris(dimethylamino)borane in hydrogen atmosphere was investigated. To
activate the gas atmosphere, experiments in a hot-filament apparatus were
carried out. The experiments showed, that the layers morphology and the
growth rates can be influenced by filament temperature, the precursor flow
rate and the substrate material (WC-Co and Si).
However, the deposited layers are mainly of amorphous structure because no
hint for a crystallinity was observed. Weak peaks were found with Raman and
IR spectroscopy, but none of the phases existing in the ternary B-C-N system
could be clearly identified.
Nevertheless various types of BCN coatings could be deposited. The layers
composition, its hardness and other properties will be examined in the next
future.
Further work with other precursors or other deposition parameters is
necessary to investigate more details about reaction conditions and the
analysis of the deposited products will be improved.
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ITER and the Fusion Reactor:
Status and Challenge to Technology
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1) IPP-Garching, 2) EFDA-Garching, 3) FZK Karlsruhe

• Magnetic confinement fusion:
- why we are now ready for ITER
•ITER-FEAT
- how it looks and what it should accomplish
Fusion Power Stations
- roadmap to their realisation
- the technological challenges
Potential of Fusion Power in the 21st Century
- is there a market for it
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Magnetic Confinement Fusion:
Fusion is a „burn" process, with a burn temperature of > 100 Million ° K

DT Fusion Reaction & Fuel Cycle

D+T

He + n + Energy

14 MeV
D

%*y

©
n

3.5 MeV

T

4K

neutrons recycled for T-production
6
7

principle of toroidal magnetic
confinement

Li + n -> He+T + 4.8 MeV
Li+n-> He+T + n -2.5 MeV

magnetic field reduces drastically parallel
mobility of particles
balances the plasma pressure (O(10atm))

>

produces thermal insulation ( 200 Million K)
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The Tokamak
the most advenced confinement concept; chosen also for ITER
the tokamak coil systems
typical parameters of the
present largest tokamak

7;
Magnetic Circuit
(iron transformer core)
iry Transformer Circuit
pobidal field coils)

R - Major radius (3m)
a-

P

r - Toroidal Field
Coils

Minor radius (1m)

Plasma Positioning
and Shaping Coils
uter poloidal field coils)

l p - Plasma current (5MA)
Bt - Toroidal field (3.8T)

Poloidal field

(JET parameters in brackets)

Toroidal field
Resultant Helical
Magnetic Field
(exaggerated)

Secondary transformer circuit
(plasma with plasma currenl, lp)
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Progress in Tokamak Performance
why it took so long to arrive where we are
self-sustaining burn (fusion power maintaining
plasma temperature can only be achieved
beyond a certain size

ITER L- mode and ELMy H - mode Dataset

o
power needed to maintain a certain
temperature Ploss
and fusion power produced Pfusion scale
differently with size
in a tokamak (at fixed B, n, T)

P,

~ V a1

loss
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The Geneology of ITER
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R & D for ITER : the 1-7
Resource Allocation Summary for the Seven Large R&D Projects
(Unit: klUA)

EU

Projects

RF

Japan

US*

Total

61

4

22

91

0

0

1

41

4

19

4

2

29

L4 - Blanket Module

29

14

12

9

64

L5 - Divertor Cassette

13

12

9

21

55

3

18

0

o

21

LI - Central Solenoid Model Coil

10

L2 - Toroidal Field Model Coil

40

L3 - Vacuum Vessel Sector

L6 - Blanket Module Remote
Handling
L7 - Divertor Remote Handling
Total

26

3

0

0

29

125

127

29

55

336

' US contributed until July 1999
Status: June 2000

The 1B$ ITER design effort and the 0.4 B$ spent on dedicated component
development have produced a solid fundament and are a highly tangible
asset of the ITER-project
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R&D - Divertor Cassette (L-5) (3)

J3

CfC monoblock and W brush
armoured vertical target (EU)
W and Be armour fast
brazing to liner CuCrZr
heat sink (RF)

Pure Cu-clad DSCu tube
armoured vertical target
with saddle block CfC and
CVD-W armours (JA).
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Challenges for ITER & Fusion Power Plant

I

(believed) solved on ITER: heating, superconductivity, remote handling;

Physics

i
f

• provide steady state operation (non-inductive current drive,
stellarator)

30

|
§
X

• soften technology requirements (heat loads, disruptions, tritium
inventory)

I
-|

Technology: material problems

i

• high heat flux components(divertor target plates, first wall)

I
>
|
|

• radiation tolerant, low activation structural and functional materials
(blanket)

4
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First Wall and Divertor: materials in a hostile requirement
first wall:

tritium inventory issue:

modest flux of high energy
neutral particles (» 100s eV),
chemical erosion

•tritium in plasma vessel
must be kept low for safety

bulk plasma:
cannot tolerate impurities (<
_j W, 10-2 Be, 5x10-2 He)

'sputtered, desorbed,
evaporated material coredeposits with high
hydrogen fraction

30

3

divertor target piates:
high heat flux (without radiation protection: < 60 MW/m2,
withr.p.-^10MW/m2)
impulsive heat loads: ELMs, disruptions
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Main technological Problem for ITER: plasma facing materials
PFCs
i s s u e s ror ine Ü H J öivenor isreeis
are
»Erosion lifetime (chemical
sputtering), T-co-deposition (450g T
limit inside the vessel) and C dust
production (~200kg limit)
Hssues for the Be FW are
•Be dust production (100kg limit) in
particular on hot surfaces (6kg limit) > Hydrogen production in off normal
events - explosion ?

IW

ow

L
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D
VT
Liner

GAS
PUFFING

Area
(m2)
300
380
10
50
30
55
60

'Beryllium
Tungsten
Carbon-Fibre Composites

«Issues for W clad divertor targets are
•W dust production (100 - 300kg limit)
causing a radiological hazard in case
of a by-pass event
»Disruption erosion - melt-layer loss
«Plasma compatibility

Present preference: 3 different materials
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Structural and Functional Materials for Fusion Power Plants

|

j
CD
CD
CO

requirements:

I

resilience to neutron flux/fluence
high power density
high availability (interval for replacements)
low activation

s
*
f
|

activation is only source of radioactive waste

I

(reaction product He; T is intermediate product)

i

good thermomechanical properties up to high temperatures
determine thermodynamic plant efficiency
(chemical compatibility with breeder material)

f
I
I
>

1'Tt.R can be constructed with existing (conventional) materials

a

(3 - 10 dpa integrated iiuence)

but will test DEIV1O blanket module inserts

1 |
—

CD

SEFDA

EUROPEAN

FUSION

DEVELOPMENT

77
CD

AGREEMENT

2.
0)

2

12.5 MWa/m Bestrahlung
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Material for DEMO
& First Generation
Power Plants:
ferritic steels
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v— F82H-mod
O EUROFERrai

(remote controlled)
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fraction of waste is a
primary target
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Radiation effect on DBTT
10 and 15 dps-

300
250

Neutron irradiation
T. = 300 °C

0)

existing neutron sources
(high flux reactors):
wrong spectrum - fusion
produces 14 MeV neutrons
(ratio of displacement to
He-production)

200

insufficient fluxes
extrapolation and modelling
promise 150 dpa feasiLft
forEDRDFER-liB
materials
-100
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Damage dose [dpa]
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dedicated test facility (stripping source) for fusion needed: IFMIF
(International Fusion Materials Irradiation Facility)
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Improvements beyond (mainstream) ferritic steels I: ODS
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Improvements beyond ferritic steels II: lower activation materials
10

Dose rate of different materials after
irradiation to 10 MWy/m2

1 - Vanadium
alloy
(V5Ti)
2 — reduced activ
martensitic
stainless
steel

Material plus impurities
Pure material

Options for 2 nd generation power
plants (test modules on DEMO)
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Improvements beyond ferritic steels II:
reduce activation and enhance thermai efficiency
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Fusion Power: if we develop it - will there be a market ?
fusion power plant cost
estimate

"0

MARKAL projections of Fusion Electricity Production in Western Europe
in 2100, as function of imposed Constraints on CO2 emission

cost estimates for fossile
fuels and renewables
assumptions on fission
acceptance

s.

25

20

• solar
Dwind
B biomass

t> 15
3

D fusion
B fission

detailled demand-supply
model

10

• gas
Dcoal

£

5

El hydro

UJ

7WT\
base

minimization of Irdsgraisi
discounted costs for
producing required
electrical energy
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fusion would be a cost-effective supplier
of base-load electricity, if emission
constraints are implemented
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Summary and Conclusions

j
\
c

fusion has a high potential, but requires an integrated physics and
technology effort without precedence in non-military R&D

s
I
c
CJ

the basic physics feasibility demonstration will be concluded with ITER
(although R&D for efficiency improvement will continue)
The essential technological issues remaining at the start of ITER
operation concern material questions:
• first wall components
• need to be solved for and on ITER (as they involve the complex
plasma environment)

'
j
i
f ""
\
g
I

radiation tolerant, low activation materials
• development for a long-range target (up to 2nd generation power

|

plants)

f

• due to long time-lead for qualification, and strategy to test modules in
preceding device generation, an active development and test
programme is needed
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ITER Physics Basis - critical issues

Steady state cfivertor power loading
V-shaped geometry used in target region
favours development of partial detachment
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FEAT:
geometry variation

Modelling using B2-EIRENE for ITER shows
that under partially detached conditions, peal
power load on outer divertor remains below
10MWm-2 over a range of separatrix densities
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ITER Physics Basis - critical issues
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the quest for tolerable ELMs (2) argon seeding 2
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Argon seeded discharge
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R&D - Vacuum Vessel (L-3) (2)

in

Sector-B<1/2Secto

Sector-A (1fZ Sector)

33

View of full-scale sector model of ITER vacuum vessel completed in September 1997 with dimensional
accuracy of ± 3 mm
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Roadmap, costs, negotiations: ITER costing
iTER-JCT has produced a cost estimate in kiUA which establishes the
: ; .: • value of individuai procurement packages
This estimated determines the r

value of each partners contribution

klUA*
Co ns t ruct io n Cos ts
Direct ca pit al
Manage men t & Support
R&D During Construct ion

2755
477
-70

FEAT < 0.5 FDR

Operation Costs (average per year)
Permanent personnel
Energy
Fuel
Maintenance/ imp rove men ts

60
-30
-8
-90

De c o mm is s io ning

335

*1 k I U A = S , , S , 1 M -

S , „ „ , 1.39 2 M - ü 2 0 0 0 1 . 2 7 9 M -

This estimate has established
the attainment of the goal:

Preferred option for partner's
contribution is in kind

¥,OCX1148M

Each partner has carried out a commercial costing of . packages in his
currency
This costing is the basis for the /•: costs of his contributions and for the
; •; : cost of the project he quotes to his system
o
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Replacement of CFC by W for divertor strike zones
considered
W in the divertor is practically only
eroded by disruptions
The issue is how much of the melt layer (~
IOOLUTI) will be lost

What kind of longer term distortions of the
target surface are to expect

Plasma compatibility, i.e. the W
impurity migration into the main
plasma is a concern
Promising results from ASDEX-UP suggest
that W should be more seriously
considered

From Engineering point of view W
clad targets have reached almost
the same development level as
CFC

Time, u.s

A sacrificial thickness of 10 mm could last only for
about 50-100 disruptions
Situation for carbon might not be better, if brittle
destruction plays a role.
Longer disruption times can further reduce
disruption lifetime.
Experimental data regarding formation of melt
layers (and their properties)are very meagre.

8
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Zusammensetzung von EUROFER 97 und anderen (RAFM) Stählen
Legierung
Radiologisch
Schmelze / Analyse erwünscht
A)
Cr

c
Mn
P

"

<aoo5
< 0.005
Ö,""15 -Ö.25
< 0,001
0,015-0,045 [0,030]
< 0,01

S

v"
B
N2

o2
B)
C)

W
Ta
Nb
Mo
Ni
Cu
AI

Spezifikation
EUROFER97 '
8,5-9,5 [9,0]
0,09-0,12 [0,11 ]
0,20-0,60(0,40]

1,0- 1,2 [ 1,1]
ftÖ6"-"Ö,Ö9

< 0,01 ppm
< 1 pprn
<10 ppm
< 10 ppm
< 1 ppm
< 200 ppm
< 400 ppm
<10ppm

< 0,001 (10 ppm)
< 0,005 (50 ppm)
< 0,005 (50 ppm)
< 0,005 (50 ppm)
< 0,01 (100 ppm)
< 0,01 (100 ppm)
<Ö,05 (500 ppm)
< 0,005 (50 ppm)
*)

< 30 ppm

Sb

*)
*)

Zr

*)

Ti

' Si
Co
As
Sn

A) ~ Grufidzusömnienscuung
B) ~ Substitutionseleinentc
C) - rad:o!ogisch unerwünschEe ßeglei'elemente

EUROFER 97
E 83699 S I
8,87
0,12
0,42
0,004
0,003
Öi"i9

<aöoo5
0,018

OPTIFER la
664
9,3

o,iö
0,50
Ö.ÖÖ46

F82Hmod. MANETII
50804'"
'9741
7,7
10,3
0,11
0,09"
0.16
0,78 '
0,002" '

"Ö.ÖÖ3""

0,002
0.005
0,16
0,26 '
••• Ö;ÖOO2
0,0061
0,0155
0,006
0^0047
(0,01)
0,965
1,94
0,066
0,02 '
0,009 (90 ppm)
1 ppm
0,005 (50 ppm)
30 ppm
200 ppm
0,005 (50 ppm)
0,035 (350 ppm)" 100 ppm
0,008 (80 ppm)
30 ppm
0,007 (70 ppm)
100 ppm
"Ö",Ö6(60Ö"p'pm)"' 1100 ppm

0,004
0,2"
"0,ÖÖ73"'
0,031

0,013
1,10
0.14
0,14
< 0,001 (10 ppm)
< 0,001 (10 ppm)
0,61
0,0075 (75 ppm)
0,68
0,021 (210 ppm)
" 0,01
0,008 (80 ppm)
0,004
0,008 (80 ppm)
' 0,06 (600 ppm) "
0.19"
0,005(50 ppm)
50 ppm
0.005"
< 0,005 (50 ppm) 0,0093 (93 ppm)' (< 50 ppm)
0,01
0,001
< 0,005 (50 ppm) "0,0005 (50 ppm) (< 20 ppm)
< 0^005 (50 ppm)
0,0002"
< 0,005 (50 ppm) < 0,0002(2 ppm)
0,008

p
3J

[ ] Zielwe-te
500 ppm
CD

2-
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Materials Requirements for Thermal Management in Wireless
Communication
Mali Mahalingam, Vish Viswanathan
Wireless Infrastructure Systems Division, Motorola Inc.
2100 E. Elliott Road, Tempe Az. 85284
mali.mahalinqam @ motorola.com
Wireless

communication

has

been

fueling

the

growth

in

the

microelectronics industry in the last decade. Continued growth in the cellular
voice communication and newer applications such as wireless broadband
services, wireless internet, and universal wireless connectivity are expected to
create increased growth in the wireless segment. RF (Radio Frequency) power
amplifiers are key components to enable this growth. RF power amplifier
semiconductor components for basestations dissipate large amounts of thermal
energy, 1 - 3 kW/cm2 die level heatflux.
After

a brief

review

of

thermal

management

practices

in the

microelectronics industry, this paper will focus on RF power semiconductor
components. A generic metal-ceramic package will be discussed to highlight
performance parameters as well as materials, process, and design technologies
associated with such packages.
Current and future trends in the RF device technologies will be reviewed.
Successful RF LDMOS device will be contrasted with traditional RF Si bipolar
device. New developments in GaAs, SiC, and GaN device will be reviewed.
LTCC technology holds promise to integrate RF passives leading to higher level
of functionality. These trends will be translated into packaging and materials
requirements with a focus on thermal management.
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Materials Requirements for
Thermal Management in
Wireless Communication
by
Mali Mahalingam, Vish Viswanathan
Wireless Infrastructure Systems Division
SPS, Motorola Inc.
Planscc Seminar May 28 200]
Mali Mahalingam & Vish Viswanathan
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Outline
Background
- Market
- Thermal & Thermo-Mechanical Management in electronics

RFPAs
- Why an emphsis on Thermal Performance?
- LDMOS: Device & Packaging

Materials and Comparison
- Assembly stack up, Process Flow and Interfaces
- Materials used & Rationale for their use

Requirements
- Performance & Reliability
- Future Technologies: Plastic Pwr., LTCC, Device

Summary and Recommendations
„ • • • • • • . . . ßk t . w „ - ~

.qgp . . . . ..
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The Evolution of the
Wireless Consumer Electronics Industry
Devices with
Ubiquitous
Wireless
Connectivity

N
Cellphone

CO
PC
(Mass produced digital hardware)

VCR

Radio

1900

(Mass produced complex analog hardware
and high-tech consumer pricing models)

1920 1940 1960 1980 2000

2020

Courtesy: Lance Wilson
Planscc Seminar May 2S 2001
Mali Mahalingam & Vish Viswanathai

The Wireless World Today
° The market is huge and increasing
- 866 million subscribers worldwide (2001 forecast).
Growing to 1.6 billion in 2005.
- 1 million operational base stations world wide (2000).
- 106K operational base stations in the U.S. (2000).
e

Wireless is expanding rapidly
- PDA's
- Laptops, notebook and desktop computers
- Wireless Internet appliances (for email/Internet access)
- Wireless "smart" appliances (microwaves, dryers, etc.)
Coimesv: Lance Wilson
Plans«; Seminar May 2S 2001
Mali Mahalingam & Vish Viswanalha
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Why Thermal Management in Electronics?
- CMOS: Higher channel T

-•

slower speed

-Bipolar: Higher junction T

-*• leaky junction

- Higher speed -* higher packing & power density

- Higher temperature

~* lower reliability

Planscc Seminar May 28 2001
Mali Mahalincam& Visit Vii.wiircilh.in

*
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Electronic Component Reliability
Thermal Acceleration Factor, pj =

Failure rate at temp T
Failure rate at 75°C

Digital Bipolar Devices

Part
Si

AT CC)
Stress

nT

105

-5-7

Resistor
(carbon
composition)

75

-22

Transformer

60

-33

95

-47

Transistor

(coils)
75°C

lOO-C

125°C

1SO°C

Capacitor
(glass)

Reference: MIL HDBK-217B
Plansco Seminar May 2S 200]
Mali Mahalingnm & Vish Visnanathan
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Why Manage Thermo-Mechanical Stress?
• In packaging Variety of Materials are used with a wide
range of
-- Thermal Expansion Coefficient
-- Strength
• During assembly & test, packages are exposed to
large Temperature Ranges

-* Increased potential for failure due to thermally
induced stress
Plans« Seminar May 28 2001
Mali Mahalingam & Vish Visvranalhan
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Trends In Variables ~ Electronic Package
Thermo-Mechanical Integrity
INTERFACES: MATERIALS WITH WIDE RANGE OF TCE & STRENGTH
ASSEMBLY & TEST: LARGE RANGE OF TEMPERATURE EXPOSURE
TCE (PPM/°C)

PROCESS TEMP ( X )

R&QA TEMP. STRESS (°C)

. Ag GLASS
t GOLD
EUTECTIC
PbSn •

— MOLD COMPOUND ( 26)
(<T„)

SOFTSOLDER
• WAVE SOLDER

18) G-I0

A STATIC
i OP. LIFE

-Cu 194 (-17)
EPOXY

~12)AuGe-

TEMP. CYCLE
THERMAL
SHOCK

- ALUMINA (-7)
SILICON (~3)

Planste Seminar May 2S 2001
Mali Maha ingam & Vish Viswanalhan

Si 1 ft" F.S 1II A ?
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Probability of Material Failure
PROBABILITY

Process Induced Stress

Material

Strength

FORCE/AREA

OVERLAP OF THE MATERIAL STRENGTH & PROCESS
INDUCED STRESS DISTRIBUTION CAUSES FAILURE.
Plans« Seminar May 28 2001
Mali Mahalingam & Visli Viswanathan

Cellular Basestation
Forced Air Cooled Rack

IS isLst ltion ( oiilrulki

hi**

Basestation «/Antenna
RFPVs Melil Ceramic

Courtesy; WISP Marketing
PLanscc Seminar May 2S 2001
Mali Mahalinsam & Vish Viswamuhar
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Heat Flux vs Operating Temperature
Process

Temp (°C)

Heat loss from
Human Body

37

Flux
(W/m2)
-500

10 s
10 7
10

Nuclear Blast
at 1.5 Km

-2000

-106

Sun's Surface

- 6000

~5xlO7

RF Power
Chip

RFPA Device

j*

6

/

1O . Flux 2
W/m
104
5

y

103

w2
- 150

~3N

107

10

Temp°C
100

Challenge:

1000

10,000

Very high device level heat flux.
Small AT to transport the heat.
Plansec Seminar May 28 2001
Mali Mahaüngam & Vish Viswanathan

Why Enhanced Device Packaging Techniques
Are Important to Wireless Infrastructure
• Base stations are running high power RF transmitters
- Base stations are getting physically smaller
(practically the same heat in a smaller box)
- Transmitter efficiency is a constant battle
- Users and manufacturers don't want active cooling
systems if possible
- Efficient Device Thermal Performance is a must
Courtesy: Lance Wilson
Plansee Seminar May 28 2001
MaH Mahalingam & Vish Viswanathan
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LDMOS vs Bipolar - RF Device & Pkg Structures
iipolar
Base

Emitter

P
11coHector
V=~26V
backside
metal

n + subslr l i e
]> I S^^^^^-z^-E-zrEJ-z:-^

Dielectric
^ ^ \ v ^ \ X t ^ \ ^ \ ^ ^ ^ V ^ W \ \
(Heo)
^ >
^

• Source :it Ground Potential

1'kg Metal
Flange

• Ver(ic;il current flow

Key Packaging Advantages
--

^
^—-

^>
^ *

Major Packaging Disadvantages

Die bonded directly to metal flange.

Collector needs to be electrically isolated.

Better Thermal Performance.

Need Beo or A1N isolator. Complex pkg.

Simpler pkg. Structure.
—
--

Very low source inductance.

Topside emitter contact forces higher lead
inductance.

Planscc Seminar May 28 2001
Mali Mahalingam & Vish Viswanathan

Assembly Stack up for RF LDMOS D e v i c e s
AIIoy42 LE VDS
DEVICE ASSEMBLY PKOCKSS

- -

^

"

^

CuSIL BRA/I-

^ - ^ > ^ ^ -^-^^»

K ^->
ALUMINA
WINDOW

,.

-

•

%

i,

•

\

^ *

«i

CuSIL B R A / L _ ^
^-^

v

'

PACKAGE FOR DEVICE ASSEMBLY

DIE BOND AT 320 C
t
WIRE BOND

CuW FLANt #*
BRAZING BY PKG. SUPPLIER°AT 820 C

LID SEAL

1

DCYRF TEST

LAPPING (OPTIONAL)

1
PLATING

• ••• • . . - - . f l i - . r ; . . - - - :

Planscc Sem nar May 28 2001
Mali Mahalingan & Vish ViswaiKithan
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Trends In Variables -- RF Power Package
Thermo-Mechanical Integrity
•
•

INTERFACES: MATERIALS WITH WIDE RANGE OF TCE & STRENGTH
ASSEMBLY & TEST: LARGE RANGE OF TEMPERATURE EXPOSURE

TCE (PPM/°C)

PROCESS TE,Wf°C)

R&OA TEMP, STRESS f °C)

CuSil
- •»- BRAZING

PbSn —

; _ tGOLD
EUTECTIC

— EPOXY(-26)
(<TS)

'"_|_
- WAVE SOLDER

(~12)AuSi-

* STATIC
I OP. LIFE
J. (1SO°C-200°C
TEMP. CYCLE
THERMAL
SHOCK

EPOXY

(•65<>CTO+150OC)

- ALUMINA (-7)
-SILICON (-3)

Planste Seminar Ma}' 28 2001
Mali Mahalingam & Vish Viswanathan

Process Flow
ALLOY42 LEADS

CuW FLANGE

+

t

METALLIZED CERAMIC
WINDOW FRAME

(HIGHTC, UNIFORM DENSITY)

NICKEL PLATING (FOR BRAZABLE SURFACE)
T
ANNEALING
(TO BOND Nl TO CUW)

t
JOINING COMPONENTS
WITH CuAg BRAZE @ 800C
*
SPECIAL NICKEL PLATING
GOLD PLATING

( f t ,.„-.,..• •
W
•'•'"•••

(CAMBER DUE TO CTE MISMATCH)
(TO IMPROVE DIE ATTACH QUALITY)
(TO IMPROVE DIE ATTACH QUALITY
RF ELECTRICAL CONTACT)

Planscc Seminar May 28 2001
Mali Mahalingam & Vish Viswanathan
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Heat Sink Materials
COPPER TUNGSTEN

CTE, E , TC

S, IVIACHINING

COPPER MOLY

CTE, $, STAMPABLE

TC

AlSiC

CTE, WEIGHT

TC, FORMING, $

Cu(CuMo)Cu

$, TC.STAMPABLE

CTE

_Cu(CuW)Cu

TC, FORMING

S, CTE

FUNCTIONARY GRADED
_MATERIALS

TC, CTE

S, FABRICATION

LCOPPER

S$$, TC, STAIVIPABLE

CTE, E, Temp stb.

4£h •- •• •>'•'
Hir
"

Plansee Seminar May 2,S 2001
Mali Mahalingam & Vish Viswanalhan

Camber vs Heat Sink CTE

2

ä

50

Ito

25 •

>

a.

c
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©

Jö
tor

o
J

Functional Laminated
Metal Composite Composite

Met

i

n

ncave i

X

DISADVANTAGES

nposi

HEAT SINK MATERIALS ADVANTAGES

50

^""^•»«üüü^;

>v

Low AT

2

SI

C

Preferred Zone (0 to 25 Micro
' ^ m e t e r Convex)

High AT

o
U
H
O

CTE of Heat Sink Material (for Process AT)
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Copper

KEY:

Somiconduclo

•

A1N

Q

Electrically
Insulating
30

60

90

120

150

180

210

250

260

310

340

Electrically
Conducting
370

Thermal Conductivity (W/mK) at RT
Planscc Seminar May 28 2001
Mali Mahalingam & Visll Viswanalhan

Interactions: Flange Vs. System Materials

zu?
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IR Scan - RF LDMOS Power Device

J Hottest temp. ~ 157°C
| Cell to cell temp, varies

i i
45W DC Pwr. Dissipation
Heatsink Stage @ ~ 92 °C

Theta jh = 1.43 °C/W
Plansce Seminar May 28 2001
Mali M a h n u n g » & Vish Visu-.innthan

Metalized Ceramic Pkg.-Robust Design
Manufacturing, Assembly, Mounting Process
Thermo-Mechanical Loading
Tr.rasKrDc
\O9d\P

Temperature Profile During Assembly and
Testing

Bolt Down simulated separately

1

Stresses in critical areas (Si, Ceramic) computed.
Failure strength of critical materials (Si, Ceramic) measured.
1
Robust designs being developed.
1

••-tEi-

"

W

.•• •*•••

' •"' ' '

Plansce Seminar M a y 28 2001

Mali Mahalingam & Vish Visranathan
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Failure Strength Testing of Ceramics
Weibull Analyses
Weibull Plot

Failure Strength of Ceramics
55000

Level
AINVA/Vias
BeO/Vias

Number
24
25

Means and Std Deviations
Mean
Std Dev
42381. U
5275.28
28A35.V
5502.21

Std Err Mean
1076.8
1100.4

Weibull Parameter Estimates
Group

Beta

AIN/AA'ias

9.S60SO

BeOA'ias

5.M.165

Plansec Seminar May 28 2001
Mali Mahalingam & Vish Viswanatha

Non-Destructive Tests
Flatness
Sonoscan
- Window Frame
- Die Attach
Gross Leak

Rationale
Mountabilitv, Low Rth, Electrical Groundinq
Integrity of Attach Joints

Prevent Gross Contaminants into Device

Destructive Tests
Temp Cycle (-65C to +150C) DC/RF
Mech. Shock/VVF
HTSL (150° C, 1000 Hours) DC/RF
HTSL (300°C, 24 hour, die bond only)
- Die Shear
- Auger

Rationale
Mechanical Integrity of the system
Integrity under shock loading
Robustness of Device
Robustness of Flange Plating - Die Attach
Die Attach Integrity
Surface contaminants after the test.

H3T

Drop Test
Humidity Biased TC
(50 cycles, -5° to 70°, 5V)
Solderability
(8 hour steam age, tin clip)
JEDEC Preconditioning
{-lOTC's, 150° C, 24 hours)
-Build, Solderability
Lead Straightening/Pre-Tinning
- Solder Ingress, Gross Leak, Sonoscan
HAST (Highly Accelerated Stress Test)
(130° C, 85% RH, 2 atm, 96 hrs, bias)

Integrity under shock
Elecrochemical Robustness of System
Device Mountability

Device Mountability
Ease of use by cudstomer
Robustness

Planscc Seminar May 2S 2001
Mali Mahalingam & Vish Viswanathan
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Performance & Reliability Requirements
• CONSISTENTLY HIGH THERMAL CONDUCTIVITY (Kth).
• UNIFORMITY IN THE FLANGE (DENSITY, Kth)
• CTE OF FLANGE COMPATIBLE WITH PKG. ASSEMBLY.
• Ni AND Au PLATING FOR EXCELLENT DIE ATTACH.
• PACKAGE ROBUST UNDER THERMAL CYCLING
• PACKAGE FLATNESS CONSISTENT WITH MOUNTING
REQUIREMENTS.
• HUMIDITY AND TEMPERATURE STABILITY.
• COST EFFECTIVE SOLUTION: DRIVE DOWN $/W METRIC

Plansee Seminar May 28 2001
Mali Mahalingam & Visli Viswanachan

Plastic Power RF Packages
Package

Max.Power Dissipation *

PLD-1

8
IS

PLD-1.5

H

i

6 Watts

m
m

20 Watts

PFP-16

TO-270(PRFP-i)

TO-272(I>RFi>-2)

25 Watts

jBH

V

" J H p i H i Pjfff"

35 Watts

65 Watts

* Tc = 100»C, Maximum Tj = 150°C

Piansee Seminar May 28 2001
Mali Mahalingam & Vish Viswanathaa
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LTCC Packaging Technology
LTCC = Low Temperature Cofired Ceramic
What is LTCC Technology?
Multilayer circuit fabricated by laminating unfired sheets of
glass-ceramic containing printed circuit components
(capacitors, inductors and resistors) and interconnections, and
firing the structure to form a monolithic ceramic circuit.
.i;:!: Until .Wjihlr

Conceptual LTCC Module:
- Passives can be integrated
- Hi Q passives can be accomplished
- Controlled impedance can be achieved
- Chips/Components can be surface
mounted
Source: Microwave & RF. JuJy 98, page 45
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LTCC Packaging Technology
LTCCvs HTCC Properties
Parameter

LTCC

HTCC

CTE of dielectric
(ppm/C)
Kth of dielectric
(W/mK)
Flexural Strength
(Kpsi)
Fired Shrinkage (%)
x,y
z

-3-10

-3-7

-2-6

- 15 - 250

-17-26

- 40 - 50

(for Dupont951) Std. Hi Density
-1
- 0.5
-13
-15
-10
-5
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Future DeviceTechnologies For RFPAs
LDMOS:
Appropriate for high linearity, high efficiency, very high power levels,
and low cost up to 3GHz. Best overall solution for frequencies up to
2.2GHz., 2.2-3GHz spectrum being a source of contention.
SiC:
High voltage capability, but material quality issues and
manufacturability concerns consign to niche applications only.
GaAs:
At 3 GHz and higher, the technology of choice today. Limited high
voltage capability is an issue in base station PA design.
GaN:
Great potential for high voltage, high frequency PA devices.
Material limitations today, not commercially viable at this time. May
displace GaAs as the high power technology of choice for 3GHz and
higher as material properties are improved.
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SUMMARY AND CONCLUSIONS
> WIRELESS MARKET CONTINUES TO BE A HIGH GROWTH AREA.

• POWER, SPACE AND COST CONSIDERATIONS IN RFPA PACKAGING HAVE
NECCESSITATED CONSTANT IMPROVEMENTS IN HEAT SINK SOLUTIONS.
• THE SELECTION OF HEAT SINK MATERIALS IS BASED ON
i) COMATIBILITY WITH OTHER COMPONENTS OF THE PKG. AND SYSTEM
ii) WEIGHT AND THERMAL REQUIREMENTS OF THE SYSTEM.

• SIMULATIONS & TESTING ARE USED TO SELECT MATERIALS OF PKG.
CONSTRUCTION TO ENSURE PERFORMANCE AND RELIABILITY.

•COLLABORATION BETWEEN DEVELOPERS OF HEATSINKS, PACKAGES,
DEVICES AND SYSTEMS WILL BE NEEDED TO MEET MARKET DEMANDS.
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RECOMMENDATIONS
• INDUSTRY HAS TO PROVIDE COMPETITIVE SOLUTIONS TO THERMAL
REQUIREMENTS OF RFPAS FOR WIRELESS COMMUNICATIONS MARKET.

• THIS IS ACHIEVED BY COMPLETE UNDERSTANDING OF DOWN STREAM
PROCESS / REQUIREMENTS OF CUSTOMERS AND BY COLLABORATION
ACROSS THE "SOLUTION CHAIN".

• DEVELOPMENT AND COMMERCIALIZATION OF HIGH THERMAL
CONDUCTIVITY, LOW COST, FUNCTIONAL MATERIAL SYSTEMS WILL
CONTINUE TO MAKE AN IMPACT IN THE ELECTRONIC SYSTEMS BUSINESS.

• OFTEN SUCH THERMAL SOLUTIONS ENABLE NEW DEVICE AND SYSTEM
TECHNOLOGIES TOWARDS LOW COST AND HIGH PERFORMANCE
SOLUTIONS.
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