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A B S T R A C T 

A potential new research reactor fuel design proposes to use U-Mo fuel in a Mg matrix that is 

clad in Al.  Interdiffusion between the Mg containing fuel core and Al cladding can result in the 

formation of intermetallic compounds that can be detrimental to fuel element performance, 

particularly during abnormal operation at elevated temperatures.  This interaction must be 

understood and mitigated in order to maximize the safe residence time of a fuel element in a 

reactor at elevated temperatures.  The kinetics of the reactive diffusion in the binary Al-Mg 

system were experimentally studied using Al/Mg cylindrical diffusion couples representative of 

fuel elements (no U-Mo present).  The diffusion couples were isothermally annealed at 

temperatures of 573 K, 623 K, and 673 K for various times.  The microstructures developed 

during annealing were observed with optical microscopy and scanning electron microscopy 

(SEM). The Al/Mg concentration profiles were analyzed with SEM- energy-dispersive X-ray 

spectroscopy (EDS).  Layers of the intermetallic compounds, β (Al3Mg2) and γ (Al12Mg17) 

phases, were formed between the Al and Mg during annealing. The β layer was observed to grow 

faster than the γ phase in the diffusion couples.  The thickness of each layer can be expressed by 

a power function of the annealing time with the exponent n close to 0.5 for the β phase and less 

than 0.5 for the γ phase.  The results suggest that the growth of β phase is controlled by lattice 

diffusion and that of the γ phase by grain boundary and lattice diffusion.  Metallographic 

examination showed the Al diffusion along Mg grain boundaries in the columnar growth of γ 

phase during annealing.  Based on the reactive diffusion equation developed in this work, in the 

absence of irradiation effects, a fuel element could safely reside at elevated temperatures for over 

110 hours. 
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1. INTRODUCTION 

Uranium and molybdenum (U-Mo) fuel elements are being developed to convert highly enriched 

uranium (HEU) to low enriched uranium (LEU) for the purpose of removing HEU from use in 

civilian nuclear research reactors, in order to promote nuclear non-proliferation practices aid in 

counterterrorism efforts [1,2].  U-Mo fuel has several advantages, including increased uranium 

loading density, ease of recycling, and compatibility with current fabrication processes.  One of 

the U-Mo fuel designs is the so-called U-Mo/Mg dispersion fuel that has U-Mo in a Mg matrix 

clad in Al cladding.  This fuel design, which has U3Si fuel particles embedded in an Al matrix 

that is then clad in Al, is comparable to the U-Si dispersion fuel in an Al matrix currently used in 

many research reactors in the world. 

Mg has no metallurgical interactions with either U or Mo [3], which potentially resolves the 

issues of interactions between the dispersion particles and matrix observed with some earlier U-

Mo dispersion fuel designs where Al alloys were used as the metal matrix in the fuel cores. 

However, Mg interacts with Al [3] forming intermetallic compounds.  Although Mg is only in 

contact with Al at low temperature locations in the fuel elements, such as at the core-cladding 

and core-endplug interfaces, the kinetics of the intermetallic compound formation through 

interdiffusion at elevated temperatures needs to be assessed to predict the time a fuel element can 

safely reside in a reactor at elevated temperatures. 

The interdiffusion between Mg and Al produces brittle intermetallic phases, which result in poor 

mechanical properties of the Al/Mg joint [4-19]. U-Mo has little effect on the diffusion 

behaviour between Al and Mg, since Mg has no metallurgical interactions with either U or Mo 

[3].  In most cases, the Al/Mg interdiffusion zone shows a complex multi-layer structure with 

various intermetallic compounds.  It has been recognized that at least two intermetallic 

compounds exist in the Al - Mg binary system, namely Al3Mg2 (β) and Al12Mg17 () phases [4-

11].  The β phase has a narrow composition range of about two to three percent, and melts 

congruently at 703 K with a composition of approximately 38.5 at.% of Mg.  The   phase, which 

also melts congruently, has a wide composition range near its melting temperature, and narrows 

to 60 at.% Mg at room temperature [20]. 

The Al-Mg interdiffusion behaviour is influenced by a variety of factors, including diffusion 

couple assembly or bonding method [5-10,21], single crystal orientation [4], grain size or heat 

treatment [12-14], and the applied magnetic field [15,17].  The interdiffusion coefficients tend to 

be high in the alloys having high fraction of large-angle grain boundaries than low-angle 

boundaries [12,13].  The effect of neutron-irradiation on interdiffusion coefficients of Ni and Cr 

in pure iron, Fe-15Cr-15Ni alloy and 316 stainless steel was studied by N. Akasake et al. [22]; it 

was revealed that the interdiffusion was enhanced by irradiation. The enhancement of diffusion 
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depends on the point defect flux, which is affected by solute elements and the microstructure 

development under irradiation. The effect of a high magnetic field on diffusion mechanism of 

Al/Mg couple was reported in references [15] and [16].  The growth of the γ layer was controlled 

by grain boundary diffusion and lattice diffusion without the application of a magnetic field, but 

only controlled by lattice diffusion with the application of strong magnetic field [15,16].  The 

introduction of a variety of interlayers, including Ce [7], Zn [8], and Ag [17], can improve 

mechanical properties of the Al/Mg joint by preventing the formation of brittle Al-Mg 

compounds [7-9,17]. Das et al. [4] studied the anisotropic diffusion behaviour of Al in Mg using 

Mg single crystals.  The results show that the diffusion coefficient of Al in the basal plane of Mg 

is about 1.3 times faster than along the normal direction of the basal plane at temperatures 

ranging between 638 K and 693 K.  The activation energy for Al diffusion along the c-axis of 

hexagonal-close-packed (hcp) Mg is about 4.5 % greater than the a-axis.  The difference of the 

diffusion coefficients along the a-axis and the c-axis becomes smaller with increasing 

temperature between 638 K and 693 K [4].   

Interdiffusion between the Mg containing fuel core and Al cladding can result in the formation of 

intermetallic compounds that can be detrimental to a fuel element.  This interaction can be 

sufficient at elevated temperatures to impact fuel integrity, and therefore must be mitigated and 

understood in order to maximize the residence time of a fuel element in a reactor during 

abnormal elevated temperature conditions.  Therefore, diffusion tests between Al and Mg is 

required to investigate the dependence of diffusion on annealing temperature and holding time in 

a fuel element geometry, and then control the generation of intermetallic compounds.  The 

objective of this work is to study the interdiffusion behaviour of Mg and Al during fuel operation 

at elevated temperatures to improve the current understanding the fuel cladding interaction 

process, and provide quantitative diffusion data for Al-Mg cladding. 

 

2. EXPERIMENTAL 

Al-Mg diffusion couples were prepared using Mg rod (99.9wt.%) and Al-1060 billets (99.6 wt.% 

Al).  A pure Mg rod of 6.4 mm in diameter was machined down to 5.5 mm, and then the Al-1060 

billets were heated up to 798 K and co-extruded with the Mg rod (at room temperature) to form 

finned cladding, as shown in Figure 1.  During the cladding process, the temperature at the Al-

Mg interface was measured by thermocouple. The highest temperature on the Al-Mg interface 

was less than 593 K.  The average grain size of the Mg core after cladding was around 20 µm, as 

shown in Figure 2. 
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Figure 1.  Photograph of Mg rod clad with Al-1060. 

 

 

Figure 2.  Optical microstructure of Mg core after cladding. 
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Samples were prepared by cutting sections from the as-clad rods with a length of ~20 mm.  The 

samples were placed in a tube furnace at elevated temperatures to allow Al-Mg interdiffusion to 

take place.  The interdiffusion experiments were carried out at temperatures of T= 573, 623, and 

673 K for various times (1, 2, 5, 10, 20, and 50 hours depending on the temperature), under a 

protective argon (Ar) atmosphere.  Although the temperature of the interface between Al and Mg 

is usually less than 423 K under normal and abnormal operating conditions in the reactor [23], 

the diffusion temperature was selected to be as high as possible under the eutectic reaction 

temperature (710 K) to save experimental time.  At the end of the heat treatment periods, the 

diffusion couples were removed from the furnace and air-cooled.  Each diffusion couple was cut 

in half in a transverse direction.  The cross-sections of the annealed diffusion couples were 

mechanically ground and polished and then finished using diamond paste with a diameter of 2 

µm.  Some samples were etched in a solution of 5 mL acetic acid + 5 g picric acid + 10 mL water 

+ 100 mL ethanol.  Optical microscopy and scanning electron microscopy (SEM) were employed 

to examine the development of intermetallic phases in the interdiffusion zone.  The optical 

microstructure in the diffusion layers was examined with a metallographic microscope.  The 

average thickness of each compound layer in the samples was carefully measured under the 

microscope equipped with digital analysis software.  Each thickness of compound layers is an 

average of at least 20 regions in each specimen.  The chemical compositions of the intermetallic 

compounds in the diffusion zone were analyzed with a SEM equipped with an EDS analysis 

system.  The phase constitution was analyzed by an X-ray diffraction system (XRD) using a 

copper target with a Ni filter and 3 kV voltage.  The Vickers hardness profile was measured on 

the cross-section perpendicular to the interfaces on a M-400-H-LECO micro hardness testing 

machine, using a 25 g load. 

 

3. RESULTS 

3.1 Diffusion microstructure 

Optical observation of the Al/Mg couples interface before annealing, as shown in Figure 3 (a) 

and (b), indicates a good bonding interface between the Mg core and Al cladding without the 

formation of any intermetallic compounds after the hot cladding process. The black band on the 

interface in Figure 3 (a) is an artefact produced by etching leading to a difference of height 

across the interface. 
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Figure 3.  As-fabricated interface between the Mg and Al cladding before annealing. (a) 

macroscopic interface and (b) high magnification of interface. 

Figure 4 shows the backscattered electron images and element profiles (Al and Mg) in the Al-Mg 

diffusion couple annealed at 673 K for 20 h.  Multiple layers of Al-Mg compounds were formed 

and their interfaces were clearly distinguishable.  The thickness and interface between different 

phases are uniform and smooth, except the interface between Mg and the layer A, where curved 

boundaries are displayed, as shown in Figure 4 (a). SEM-EDS analyses were performed to 

determine the composition of the phases in the different layers. The EDS analysis results 

obtained from the layers A and B shown in Figure 4 (a) are listed in Table 1. The chemical  
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Figure 4.  SEM micrograph and element profile of EDS line scanning and mapping of 

elements through the interfaces in the Al/Mg diffusion couple at 673K for 20 hours: (a) 

SEM image, (b) concentration profiles of EDS line scanning through the interfaces, (c) and 

(d) mapping of Mg and Al concentrations. 
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Table 1 Chemical composition analysis results with EDS  

at the layers A and B in Fig. 4(a). 

Location Element Weight,% Atomic, % 

A 
Mg 38.6 41.1 

Al 61.4 58.9 

B 
Mg 55.4 58.1 

Al 44.6 41.9 

composition in layer A consists of 58.9 at.% Al and 41.1 at.% Mg, which suggests that layer A is 

composed of Al3Mg2, also called Samson phase, which has complex face-centered-cubic (fcc) 

crystal structure (a = 2.824 nm) [20].  The EDS results from layer B in Figure 4 (a) show that Mg 

concentration increases to 58.1 at.%, while Al decreases to 41.9 at.%.; this indicates that layer B 

is composed of Al12Mg17, which has body-centered-cubic (bcc) crystal structure (a = 1.054 nm) 

[20].  Therefore, the four phases shown in Figure 4 (a) are pure Mg, γ-Al12Mg17, β-Al3Mg2, and 

pure Al in accordance with the EDS analysis and the Al-Mg equilibrium phase diagram [20].  

The concentration distribution of the main elements (Al and Mg) on the cross-section in the 

sample annealed at 673 for 20 hrs was obtained from the EDS line scanning and mapping, as 

shown in Figure 4 (b) to (d).  The concentration distribution of Mg gradually decreased from the 

Mg side to the Al side.  Gradient double-phase transition region of Al and Mg concentration 

distribution was observed within about 5 µm, which is much less than the thickness of the β and 

γ layers in the vicinity of the interfaces, respectively (Figure 4 (b)).  Two stable concentration 

distribution regions between Al and Mg matrix are β and γ phases, as shown in Figure 4 (b); the 

concentration distribution mappings of the main elements Mg and Al across the interfaces are 

shown in Figure 4 (c) and 4(d).  Both the gradient diffusion regions of Al and Mg in the vicinity 

of the Mg and Al matrix and the two stable concentration distribution regions in the β and γ 

intermetallic compound layers are demonstrated. On close examination, the interface between 

the β phase and the pure Al was decorated with uniformly dispersed, fine, 1 to 3 µm diameter 

white particles.  There are similar white particles in the Al-1060 cladding as well.  The chemical 

information from these small particles showed that they are silicon- and iron-containing 

impurities in the Al cladding (Al-1060 alloy containing 0.35 wt.% Fe and 0.25 wt.% Si 

impurities), as shown in Figure 5.  The layer between the β and Al cladding contains Mg due to 

diffusion, causing the white particles to redistribute. The phase constitution of the Al-Mg 

diffusion couple at 673K for 50 hours was further analyzed with X-ray Diffraction (XRD), as 

shown in Figure 6.  The results showed the existence of a variety of Al-Mg binary intermetallic 

compounds including β-Al3Mg2 and γ-Al12Mg17 together with Al and Mg matrix. 

Mg 
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Figure 5.  EDS analysis indicating the existence of Si and Fe-containing impurity in the 

white particles in the vicinity of Al/β phase interface. 

 

Figure 6.  X-ray diffraction pattern through the diffusion layers of the Al/Mg diffusion 

couple at 673K for 50 hours. 

Optical micrographs of the diffusion layers formed in the Al-Mg diffusion couples after 

annealing at 673K for different times and at different temperatures for 20 hours are shown in 

Figure 7 and Figure 8.  Two distinct intermediate phases Al3Mg2 and Al12Mg17 are present in the 

diffusion zone.  Furthermore, from Figure 7 and Figure 8, it can be observed that the thickness of 

both β and γ layers increases with the annealing time and temperature, and the β-phase is thicker 

than the γ-phase at all temperatures examined.  In all diffusion couples, the ε- Al30Mg23 phase, 

present on the phase diagram between the β- and γ-phases, was not observed with optical 

microscope, SEM or XRD in this work.  According to the phase diagram [20] and Brubaker and 

Liu’s experimental result [5], ε phase might be present in the sample that was annealed from 

623K to 640K for a long time; however, ε phase decomposed into β and γ phases when the 

sample was cooled to room temperature.  Although the phase diagram suggests the existence of ε 

phase during cooling, the cooling time was too short to form ε phase in this experiment. 
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Figure 7.  Micrographs of Mg–Al diffusion couples annealed at 673K for different times. 

(a) 5 h, (b) 20 h, and (c) 50 h. 

It is worth noting that some micro-voids can be seen in the vicinity of the Al matrix interface in 

the samples which were re-polished without etching, due to the Kirkendall effect [24], as 

indicated by arrows in Figure 7 (a) to (c) and Figure 8 (c).  This can be attributed to the different 

interdiffusion rates between Mg and Al atoms during annealing.  The locations of the voids 

indicate that the diffusion of Al atoms into the Mg substrate is faster than Mg atoms to the Al 

substrate.  Brennan et al. [11] calculated the average effective interdiffusion coefficients using 

the Boltzmann-Matano method for the Mg, Al, γ-Al12Mg17, and β-Al3Mg2 phases based on 

Al/Mg diffusion couple tests.  The results show that the average interdiffusion coefficients of β-

phase are an order of magnitude higher than those of γ-phase, which are an order of magnitude 

higher than those of Mg and Al.  The intrinsic diffusion of Al was much faster than Mg in the β-

phase [11].  Therefore, the quantities of atoms transferred and diffused between the layers β and 

γ are unequal on both sides of the interface; the micro-voids are formed with the loss of atoms at 

the interface of the Al matrix.  Similarly, the collection of the original porosity in the Mg and Al 

matrix could also contribute to the formation of these micro-voids. 
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Figure 8.  Micrographs of Al-Mg diffusion couples annealed at different temperatures for 

20 hours. (a) 573 K, (b) 623 K, and (c) 673 K. 

 

3.2 Diffusion kinetics 

3.2.1 Estimation of growth constants 

Eutectic and eutectoid transformations are typical diffusion-dependent phase transformations 

with changes in composition and number of phases [25].  The phase transformations which take 

place between Al-Mg diffusion couples are reactive diffusion processes.  The growth rate 

constants and activation energy of this transformation can be determined from the average 

intermetallic layer thickness as a function of diffusion time [26,27].  When reactive diffusion 

happens during isothermal annealing, the mean thickness of each diffusion layer, (li), is expected 

to be proportional to a power function of the annealing time (t) by the following equation 

[15,16,26,27]: 
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    (1) 

where ki is the growth constant, ni the exponent, and i = 1 or 2 represent the β and γ layers in the 

Al/Mg diffusion couples respectively. 

If lattice diffusion is the rate-controlling process of reactive diffusion, the parabolic relationship 

li = kit
0.5

 is well accepted [15,16,26,27].  Whereas, the exponent (ni) will be less than 0.5 if other 

processes, such as grain boundary diffusion, grain growth, or reaction rate, contribute to the rate-

controlling process in the intermetallic layers [26,27]. 

Calculations were performed to determine the growth constants of the intermetallic compounds.  

The thicknesses of the intermetallic compounds were measured according to optical micrographs 

of the diffusion couples.  The thickness measured for each intermetallic compound layer as a 

function of time and temperature is listed in Table 2.  The β phase has a narrower composition 

range, but grows thicker than γ.  If Al diffusion is driving the growth of the interaction layers, 

then the overall growth seems to be controlled by the growth of γ.  The thickness of the 

intermetallic phase, li (m), as a function of diffusion time, t (s), at 673 K is plotted in Figure 9. 

From Figure 9, the values of ki and ni for the β and γ layers were determined using equation (1) 

by least-squares methods; results are listed in Table 3.  At 673 K, ni for the β layer is close to 0.5 

which indicates that the growth is governed by lattice diffusion.  For the γ layer, ni is less than 

0.5, indicating that both grain boundary diffusion and lattice diffusion, a mixed rate-controlling 

process, controls the growth.  In comparison, at 623K, the ni for both β and  growth is larger or 

equal to 0.5 which indicates that the growth of both β and  layers is governed by lattice 

diffusion.  As diffusion testing is a time consuming process, only three data points are available 

for the purposes of this paper, and therefore there is some uncertainty in the equation fit 

coefficients.  However, similar results have been achieved by other researchers [15,16], and there 

is strong microstructural evidence of grain boundary diffusion that supports these results (see 

Section 3.2.2); thus providing confidence in the fit results. 

Typically, the temperature dependence of the parabolic growth rate constant should follow the 

Arrhenius relation expressed by [26,27]: 

k = k0exp( 
 

  
)          (2) 

where k0 is the pre-exponential factor, R (J/mol/K) is the gas constant, Q (kJ/mol) is the 

activation energy of growth, and T (K) is the annealing temperature.  The relationship between 

the growth constant of the interaction layer k, and the reciprocal of the annealing temperature, T, 

is described in Figure 10.  From the slope of the lines in Figure 10, the activation energy could 

be calculated from lnk vs. 1/T, where the slope is equal to –Q/R and the intercept of the lines can 

be used to calculate the pre-exponential factor k0 (m
2
/s).  
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Table 2 Diffusion layer thickness for each phase in the Al/Mg diffusion couple 

at each temperature and duration. 

Temperature (K) 
Time 

(Hours) 

Diffusion layer thickness (×10
-6

m) 

Al3Mg2  (β) Al12Mg17  () 

673 

50.0 186±5 48±2 

20.0 132±5 40±2 

5.0 55±2 17±2 

623 

50.0 113±5 24±2 

23.5 74±2 17±2 

10.0 45±2 11±2 

573 50.0 39±2 7±2 

 

Figure 9.  The relationship between the thickness (li) and the annealing time at 673bK. 
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Table 3 Values of ni and ki for the β and γ layers at 623 K and 673 K. 

Temperature (C) Compounds ni ki 

673 
γ 0.46 2.1×10

-7
 

β 0.54 2.9×10
-7

 

623 
γ 0.57 1.1×10

-7
 

β 0.50 1.7×10
-7 

 

Figure 10.  Variation of Parabolic Coefficient k vs. the Reciprocal 

of Annealing Temperature. 

 

3.2.2 Experimental Observation of Grain Boundary Diffusion 

Grain boundary diffusion of Al in the Mg matrix was observed, as shown in Figure 11(a) to (c), 

and typical columnar grain structure was formed in the two Al/Mg intermetallic diffusion layers 

(Figure 11 (a)).  Furthermore, Al diffusion along grain boundaries of the Mg matrix was 

observed in samples annealed at 673K for 1 hour, as indicated by arrows in Figure 11 (b).   
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Figure 11 (c) shows that the diffusion rate of grain boundary diffusion is faster than lattice 

diffusion in γ phase at 673 K for 20 hours.  As a result, the interfaces become curved with a 

positive curvature from the Mg side, as indicated by arrows in Figure 11 (c); a series of small 

curved boundaries protrude into the gamma phase.  This can also be used to explain why the 

interfaces were curved between γ and Mg in Figure 4 (a). This observation indicates the 

existence of grain boundary diffusion, which supports the diffusion kinetic analysis in the 

preceding section 3.2. 

 

 

 

 

Figure 11.  Grain boundary diffusion behaviour between Al and Mg diffusion couple at 

673K for different times: (a) columnar grain structure in diffusion layers (20 h), (b) Al 

diffusion along Mg grain boundary (1 h), and (c) grain boundary diffusion is faster than 

lattice diffusion in columnar microstructure (20 h). 
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3.3 Hardness measurements 

An applied load of 25 grams was used to measure the Vickers microhardness profiles across the 

diffusion region of Al and Mg to obtain information on mechanical behaviour of the intermetallic 

compounds, as shown in Figure. 12.  The vertical dotted lines represent the interface of different 

layers.  The microhardness on both sides of the diffusion zones increased sharply and the 

maximal values were 280 HV in the Mg side and 237 HV in the Al side, which were higher than 

that of the Mg substrate (62 HV) and Al substrate (32 HV).  The value of the microhardness in 

the diffusion zone increased because of the formation of the intermetallic compounds.  The 

microhardness in the β phase is about 10% softer than the γ phase.  Furthermore, the 

intermetallic layer exhibited a hardness level nearly five times that of the Mg and Al matrix.  The 

formation of intermetallic compounds between Mg core and Al cladding inevitably compromises 

mechanical properties of the cladding [28]. 

 

 

Figure. 12.  Vickers hardness measurements on the 673 K for 20 hours diffusion couple. 
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4. DISCUSSION 

Interdiffusion between the Mg containing fuel core and Al cladding at elevated temperatures can 

result in the formation of interdiffusion structures that contain brittle – and in some cases low 

melting – intermetallic compounds that can be detrimental to fuel element performance.  This 

interaction between Mg in the fuel core and Al cladding must be mitigated in order to maximize 

fuel element safe residence time in a reactor during abnormal operations at high power.  Based 

on the experimental data in this work, a regression diffusion kinetics equation can be derived to 

predict the diffusion thickness for a given lifetime of the cladding at 673K: 

l = l1 + l2 = 0.29t
0.54 

+ 0.21t
0.46

                                                                                                (3) 

where l, l1 and l2 are in microns and t in seconds. 

The reactive diffusion kinetics equation can be used to estimate the time a fuel element can 

safely reside in a reactor in possible overpowered events.  The initial thickness of Al cladding 

used in this work is 762 µm.  It will take more than 110 hours to consume a half thickness of 

381µm of the cladding according to equation (3), even using a conservative assumption that the 

growth of intermetallic compounds is only towards the Al cladding.  In fact, the growth of 

intermetallic compounds towards the Mg matrix is much faster than the Al cladding.  Therefore, 

the time a fuel element can reside in a reactor is sufficient to deal with any possible overpower 

accidents according to the reactive diffusion equation results from this experiment. It is worth 

noting however that radiation could have an effect on the diffusion behaviour of metals [22], 

since vacancies are generated, especially in light metals, such as Al and Mg. Consequently, the 

cladding safety could be further reduced under radiation conditions.   

Two principal diffusion mechanisms, i.e. lattice diffusion and grain boundary diffusion, were 

observed to contribute to the formation of columnar growth of Al-Mg intermetallic compounds. 

Grain boundary diffusion was faster than lattice diffusion and predominantly controls the growth 

of the γ compound layer with grain growth occurring at a certain rate.  Similar grain boundary 

diffusion was proposed in the binary Au–Sn system [26]; this type of mixed rate-controlling 

process was discerned also for the reactive diffusion in the binary Ag–Sn [29], Ni–Sn [30] and 

Cu–Sn [31] systems. 

Limited metallographic results on grain boundary diffusion have been available so far. In this 

work, Al diffusion along Mg grain boundaries was observed.  This means that the interdiffusion 

of the constituent elements occurs much faster in the Mg phase than in the Al phase according to 

the flux balance at the Al/Mg interface.  It has been shown that the interdiffusion coefficients are 

higher in the fine-grained alloys of high-angle boundaries than low-angle boundaries [12,13], 

which indicates the contributions of high-angle grain boundaries to the interdiffusion process.  
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Therefore, one effective way to restrict the diffusion is to select coarse-grained Mg as core 

matrix material, and apply barrier materials at the interface between the cladding and the core. 

 

5. CONCLUSIONS 

1. In Al/Mg diffusion couples, the interdiffusion zone was composed of two reaction layers of 

stable intermetallic compounds β (Al3Mg2) and γ (Al12Mg17), and their thicknesses increased 

with testing temperature and holding time.  Based on the experimental data in this work, a 

kinetics equation of the diffusion thickness as a function of time at 673K can be expressed 

as:  

l = 0.29t
0.54 

+ 0.21t
0.46 

According to this reactive diffusion equation, it will take more than 110 hours to consume a 

half thickness of 381µm of the cladding. 

2. Two principal diffusion mechanisms, i.e. lattice diffusion and grain boundary diffusion, 

were observed to contribute to the formation of columnar growth of Al-Mg intermetallic 

compounds.  The growth rate of the β layer was controlled by lattice diffusion, and the 

growth of the γ layer was controlled by grain boundary diffusion and lattice diffusion.  

Therefore Al diffuses into the Mg substrate via grain boundary diffusion and lattice 

diffusion. 

3. Based on the results of this work, in particular in terms of the growth kinetics of the 

different layers, it can be suggested that one effective way to mitigate the diffusion is to 

select coarse-grained Mg as core matrix material, and apply barrier materials at the interface 

between the cladding and the core. 

4. Some micro-voids were formed between the Al and γ phase layers due to the Kirkendall 

effect. The diffusion rate of Al atoms into the Mg substrate is faster than that of Mg atoms 

into the Al substrate. As a result, the micro-voids were formed with the loss of atoms at the 

interface on the side of Al due to the transfer and diffusion of more Al atoms into the Mg 

side of the interface. 

5. The microhardness on both sides of the diffusion zones increased sharply and the maximal 

values were 280 HV on the Mg side and 237 HV on the Al side, which were much higher 

than that of the Mg substrate (62 HV) and Al substrate (32 HV).  The value of the 

microhardness in the diffusion zone increased because of the formation of the intermetallic 

compounds. 
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